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Sinter Roasting of Lead-Rich Galena Concentrates 


at the Electrothermic Lead Plant of the Ronnskar 
Works, Sweden 


A new method and plant for pelletizing and sintering lead concentrates with 70-80 
pct lead contents is described. The concentrates and other charge ingredients such as 
dust and limestone are applicated in concentric layers on cores of return sinter and 
roasted by one-pass-sintering to sulfur contents suitable for electrothermic roast-reac- 
tion-smelting. The method is in full-scale operation at the lead plant of the Ronnskar 


Works, Skelleftehamn, Sweden. 


by S. J. Walldén, N. B. Lindvall, and K. G. Gorling 


T the lead plant of the Ronnskar Works the most 

important part of the raw materials consists of 
concentrates from the Laisvall mine in Lapland in 
the North of Sweden, Fig. 1. The Laisvall ore is a 
galena-impregnated sandstone. By flotation of this a 
concentrate of a very high purity with 78-80 pct Pb 
is produced, Table I. The production amounted in 
1955 to about 20,000 metric tons of concentrates and 
is increasing. Increased production also results from 
opening new mines in the same mountain range. In 
1955 about 13,000 tons of poorer lead concentrates, 
containing 40-70 pct Pb, were produced at other 
mines. It is to be expected that the average of the 
lead contents of the raw material arriving at the 
plant, which today amounts to about 70 pct, will in- 
crease still more in the future. 

Because such a lead-rich mixture of concentrates 
cannot with known methods be smelted in a tech- 
nically and economically satisfactory way, the “Bo- 
liden method” for electrothermic roast-reaction- 
smelting of pre-roasted concentrates was developed.’ 
This method has been mentioned in the literature’ 
and will be described in more detail in the near 
future. Therefore only a short description is given 
to make it easier to understand the scope of the 
sintering method. 

The furnace feed consists of roasted lead concen- 
trates, Cottrell dust, lime, and a little coke breeze. 
Until 1957 the roasting was done in a multiple- 
hearth furnace at about 700°C. The calcine contained 
8-10 pct S, about 4 pct of which was sulfate bound. 
Now the roasting is done in a sintering machine de- 
scribed later. The mixture is smelted in a 5000-kw, 
56-sq-m furnace with four electrodes dipping in the 
slag bath. The capacity of the furnace is 30,000 tons 
of lead a year. 


S. J. WALLDEN, Member AIME, N. B. LINDVALL, and K. G. 
GORLING are associated with Boliden Mining Co., Ronnskdér Works, 
Skelleftehamn, Sweden. 

TP 4605D. Manuscript, Jan. 12, 1956. New York Meeting, Feb- 
ruary 1956. 
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The average slag temperature in the furnace is 
about 1300-1400°C. The charge is continuously fed 
on the slag surface all over the furnace and the sul- 
fide, sulfate and oxide react to metallic lead and So, 
according to 


PbS + PbSO, = 2Pb + 2SO, A H = 95 k cal 
PbS + 2PbO = 3Pb + SO, AH = 56 k cal 


The reaction velocity is appreciable first at over 
850°C when the smelting has already started. Owing 
to the very intense bath movement from the elec- 
trodes the calcine is rapidly contacted with the slag 
bath, smelted, and reacted. 

As it is impossible to do satisfactory roasting in 
the multiple-hearth furnace, it was previously not 
possible to get a lead matte in the smelting furnace 
with lower sulfur contents than 2-3 pct. With sinter 
roasting sulfur content is lower. The furnace lead 
dissolves the bulk of the copper contents, part of the 
zine contents, and some other impurities in the 
charge. The main constituent of the furnace slag is 
calcium silicate, with iron, zinc, and other elements 
in amounts variable with the concentrate composi- 
tion. As an example of the slag composition may be 
mentioned: 


Pet 
35) ALORS 3 


On the average about 500 kg of slag are produced 
per ton of lead and therefore lead contents in the 
slag of 3.2 pct correspond to a lead loss of only 1.6 
pet. 

With regard to the risk of sudden volatilization 
(puffs) of large quantities of lead compounds it is 
of importance to keep the bath surface free from 
heaps of unsmelted fines. While in spite of con- 
tinuous charging and other precautions small puffs 
occur from time to time, it is necessary to keep a 
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Fig. 1—Map of some lead mines belonging to the Boliden 
Mining Company. 


negative pressure in the furnace and to ventilate it 
very well. In this manner a large quantity of air 
dilutes the reaction gas and the resulting furnace 
gas contains only 3-4 pct SO.,. The gas is loaded with 
appreciable amounts of dust and volatilized lead 
compounds, which are precipitated in a Cottrell. 
The heat of the gases is utilized for steam produc- 
tion. 

The furnace lead is tapped into a converter and is 
blown with air at a temperature of 900-1000°C. The 
blowing time is dependent on the S-contents and 
amounts to 1-2 hr a day. During the blowing, the 
lead sulfide is oxidized to lead and sulfur dioxide. 
Some PbS is volatilized, oxidized to basic sulfates 
and precipitated in a Cottrell. The total amount of 
dust from the furnace and converter is 20-25 pct 
of the calcine weight. A typical analysis of dust 
follows: 


Pct 


9 (sulfate bound) 


The copper of the furnace lead is concentrated in 
a converter slag, which is treated in a rotating fur- 


nace, giving a copper matte. 
The crude lead is tapped from the converter and 


refined by standard methods, Fig. 2. 
New Roasting Method Desired 


If the calcine is to give a crude lead with low 
sulfur contents, say below 1 pct sulfur, a calcine 
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with lower S-contents must be produced and a more 
effective roasting method than the hearth-furnace 
method must be developed. If possible this roasting 
method should be cheaper than the hearth-furnace 
method. An agglomerating method would be prefer- 
able, in which the excessive heat from the roasting 
might be utilized for accomplishing part of the 
endothermic reactions, saving heat in the smelting 
furnace. An agglomerate also might be preferable 
from the physical and hygienical point of view be- 
cause of less puffs and less dusting. 

Among roasting methods, which have been in- 
vestigated, the flash-roasting method may be men- 
tioned. The investigations have not led to any 
practical results, mostly because of the difficulties 
connected with controlling the temperature and 
other reaction factors so that smelting can be 
avoided. The possibility of flash-smelting also has 
been investigated with negative results. The large 
gas quantities required and the dust created cause 
severe difficulties. 


Sintering—Theoretical Considerations 


Roasting in a sintering apparatus is known to be 
a method of regulating the sulfur contents of a lead 
charge to the desired level. It is possible to reach a 
higher temperature on a sintering machine than in 
other roasting apparatus and to allow a certain de- 
gree of smelting. Hitherto it has not been technically 
possible to perform a sintering of very lead-rich 
charges. It has been necessary to mix such concen- 
trates with lead-poor or inert materials so that the 
lead content of the sinter charge is appreciably be- 
low 50 pct.* The reason is that the low-melting Pb- 
O-S-phases which are formed clog the charge and 
the grates and make the gas passage difficult. Ac- 
cording to the high local temperature in the com- 
bustion zone and the low SO, pressure, lead is 
formed in considerable amounts and this metal can 
trickle through the charge and solidify in contact 
with the grates or drip down to the wind boxes. 
Such difficulties make the process impractical. 

The Boliden Mining Company decided in 1947 
that attempts should be made at solving the difficul- 
ties in the sintering of lead-rich concentrates with- 
out dilution. The goal was to decrease the sulfur 
contents of the agglomerate to proportions suitable 
for the reactions between PbS and PbSO, + PbO. 
Especially the sulfate-S-contents should be as low 
as possible. A working hypothesis was advanced. 
It was established that the reactions between PbS 
and oxygen cannot be performed in solid state with 
desirable velocity and desirable desulfurization de- 
gree. At temperatures below 790°C basic lead sul- 
fates are the final products, Fig. 3. If the tempera- 
ture is increased above this point, a range is reached 
in which low-melting eutectics exist. At tempera- 
tures around or above 800°C the roast reactions lead 
to PbO and Pb. First at temperatures around 850- 
900°C the velocity of the reactions leading to Pb are 
appreciable.‘ Therefore it is not advisable to heat 
the reacting charge to temperatures above 850°C for 
a longer time. The regulation of the temperature is 
facilitated by the partial smelting, starting at about 
800°C. However, it was of deciding importance to 
find a method to control the inevitable smelting 
processes. 

In normal industrial sintering processes the lead 
compounds are diluted with slag components having 
a high melting point, constituting a high-melting 
skeleton, which prevents low-melting phases from 
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Fig. 2—Lead 
smelter. From left: 
refinery, furnace 
house and gas- 
cleaning system. 


running together. As a relatively high-smelting 
skeleton seemed to be necessary and it was intended 
to make a charge with highest possible lead con- 
tents, it was decided to try returning sinter and dust 
from the process as skeleton materials. These mate- 
rials react easily in a finely divided state with the 
lead sulfide. Coarser return sinter particles, how- 
ever, react only on the surface and the core remains 
intact. If it were possible to apply the concentrate 
and other fine-grained materials on the surface of 
such coarse particles, the sintering reactions would 
take place in a thin surface layer and it might be 
possible for the partially molten reaction products 
to solidify by air-cooling before they drip from the 
core. Extensive research work started to test the 
hypothesis. 


Sintering Research 


The research work was performed in four steps 
with four different apparatuses; viz., two different 
sizes of sintering pots and two different continuous 
sintering machines. 

The first research work was carried out in a 10-kg 
sintering pot. The charge was prepared in a granulat- 
ing disk. The cores were made of crushed sinter in 
3-10-mm pieces. They were moistened with water 
and rolled with about their own weight of lead con- 
centrates. In this way the core was coated with a 
compact layer of lead concentrate with an average 
thickness of about 1 mm. In some tests finely divided 
limestone was added to the concentrates. The mois- 
ture content of the ‘‘sandwich-pellets” was about 
5-6 pct. The charge depth was about 200 mm and 
the vacuum 1100 mm of water. In the best tests, with 
a charge containing 70-80 pct Pb, the surface layer 
had reacted in melted condition on the apparently 
unaffected core without clogging the charge and 
grates. The sintering time was about 10 min. A sinter 
with good physical properties was obtained. The 
total S-contents were in average 3.5 pct and the sul- 
fate-S-contents were about 2 pct. 

On the whole these results could later be repro- 
duced in a 200-kg pot. In these large tests, as also 
in the following, the charge preparation was per- 
formed after the same principle but in a revolving 
300-kg concrete mixer. As good results as in the 
granulating disks were obtained. It was found during 
the investigations that it is possible to cover the 
cores with the different charge materials in separate 
layers; e.g., lead dust directly on the core, then 
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limestone powder and finally lead concentrate. It 
might be of some importance to separate by disso- 
ciation the reactive lead dust and the lead concen- 
trate by a layer of less reactive limestone, which is 
also heat-consuming. 

Later it was decided to test a continuous sintering 
apparatus. In consideration of the feared risk of clog- 
ging to the grates an apparatus with water-cooled 
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Fig. 3—Roast reaction between lead oxide, lead sulfate and 
lead sulfide. Equilibrium pressures (by Schenk). 
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Fig. 4—Flow sheet for the sintering plant at Rénnskér. 
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grates (Rolfsen machine) was chosen in the first 
run.” * The sintering results fully corresponded to 
the results in discontinuous tests, Table II. It proved 
that the cake did loosen very easily from the cooled 
grates. 

The investigations indicated that an apparatus 
with water-cooled grates would be well suited to the 
process. However, no apparatus of this type or mag- 
nitude existed on the market. Hence it was decided 
to investigate the possibility of using a conventional 
sintering machine. 

Tests finally were carried out with a D&L ma- 
chine, which showed that under certain circum- 
stances there was risk of clogging the grates. We 
found, however, as in the preceding pot-sintering 
tests, that it was possible to interrupt the smelting 
process by shockcooling of the sinter with a surplus 
of air at the moment when the combustion zone 
reaches the grates. The risk of clogging the grates is 
easily avoided by covering them with return sinter. 
In spite of requiring more accurate supervision than 
the apparatus with water-cooled grates, the possi- 
bilities of obtaining good full-scale results were 
judged to be sufficient to justify a decision. 


Planning and Description of Sintering Plant 

‘After the successful experiments on the pilot- 
plant scale we once more summed up the possible 
advantages of sintering ‘“sandwhich-pellets” instead 
of roasting: 

1) The desulfurizing is much better by sintering. 
We intended to sinter to about 5 pct S and it seemed 
possible to come down to lower figures. 


2) By the special charge preparation it is possi- 


ble to sinter high-grade concentrates without dil- 
uents, such as slags, poor ores and other inert ma- 
terials. Lead percentage in the charge can be as high 
as 70-80 pct and yet no severe troubles occur by 
lead-forming reactions or low smelting phases, 
clogging the grates. 

3) Smelting capacity of the furnace increases, 
depending on higher reaction velocity and lower 
heat consumption. 

4) The dust from the sinter machine was calcu- 
lated to maximum 1 pct of total sinter produced 
compared with 5 pct from the roasters. The amount 
of dust from the smelting furnace might decrease by 
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smelting sinter, and as the S-contents of the furnace 
charge decrease, the desulphurizing of crude furnace 
lead in the converters is of less importance and per- 
haps not necessary at all, resulting in less circulating 
dust quantities. 

5) It had been necessary to use burned limestone 
as flux in the furnace charge to avoid “boiling” in the 
furnace. By sintering according to the new process 
it is possible to burn 70-90 pct of the limestone 
powder on the sinter machine without additional 
fuel. 

6) As a probable disadvantage we expected to 
get higher lead contents in the furnace slag due to 
the diffiiculties in reducing silicate bound PbO in the 
furnace. 

7) Cost estimates showed that the manpower 
consumption would decrease and also the costs for 
smelting and converting. 

8) Dust hazards could be minimized, ‘ 

An additional reason for building a new plant was 
that the ore-preparation and roasting plants of the 
original lead smelter were incorporated in the copper 
smelter located several hundred meters from the 
lead furnace and refinery. In planning the new plant 
for use with the lead smelter, we had to rationalize 
the whole concentrate-handling system. Therefore 
the planning included the following plant units, 
Fig. 4: = 


1) Thawing hall and unloading station. 

2) Drying plant for wet concentrates. 

3) Storage for concentrates and plant for mixing 
of concentrates. 

4) Pelletizing. 

5) Sintering. 

6) Dust collection from D&L machine 

7) Dust-cleaning of air. 


The smelting capacity of the electric furnace is 
calculated to 30,000 tons of refined lead per annum 
and the new sinter plant was planned for the same 
capacity when running only one shift a day. The 
actual time for sintering was calculated to be 7 hr a 
day, which means that it must be possible to sinter 
20 tons of concentrate per hr. 

Thawing and Unloading— The unloading station 
is of steel framework with impregnated wood panels. 
It is possible to unload trucks, containers, bottom- 


Fig. 5—Rotary drier for raw ma- 
terials and connected gas clean- 


ing. 
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Table I. Analyses of Three of the Most Important Lead 
Concentrates Smelted at the Ronnskdr Lead Plant 


Laisvall Renstrom Garpenberg 

Pb, Pct 79.1 41.0 64.7 
Zn, pet 0.63 6.3 byl 
Fe, pet 0.47 16.4 3.5 
Cu, pet 0.02 0.78 0.35 
Sb, pet 0.027 0.084 0.081 
Bi, pet 0.0006 0.026 0.026 
As, pet 0.005 0.21 0.02 
S, pet 12.8 26.0 15.4 
Ag, g/t 182 567 814 
Au, g/t Traces 5.6 6.5 
SiOe, pct 4.9 3.6 6.3 
AlsOs, pet 0.40 0.17 0.35 
Mgo, pet 0.16 2.0 2.6 
CaO, pet 0.11 1.0 0.25 
Insoluble in HCl 

+ HNOs, pct 5.8 4.7 10.3 
Particle size <240 

mesh, pct 90 95 88 


dumping and standard railway cars from the ground 
level to small hoppers. In winter the concentrates 
mostly arrive frozen in the cars, and are therefore 
passed through a thawing section at 70-80°C before 
unloading. 

Underground the unloading station consists of a 
concrete chamber with two floors having small un- 
loading hoppers and Schenk apron feeders with 
variable-speed drives. From the apron feeders ma- 
terials go to a 3-way chute: 1) Coarse and lumpy 
materials such as limestone and lead-impregnated 
refractories go through an impact crusher and an 
elevator brings the crushed material to the ground 
floor where it is screened, oversize going in closed 
circuit. 2) Wet fine materials go by a 28-in. belt con- 
veyor to the dryer. 3) Dry fine materials go by a 28- 
in. belt conveyor by-passing the dryer. 

The belt conveyor to the dryer is mounted in a 
circular iron-tube, 2.25 m diam, with an incline of 
20°. By this arrangement it is simple to keep the 
transport tube clean of dust with a water spray and 
the slime is collected and pumped to a 40-cu-m con- 
crete underground sedimentation tank, common for 
the whole sinter plant. The by-pass 28-in. belt con- 
veyor runs in a concrete underground tunnel. The 
crusher is a Wedag Type F4, able to crush limestone 
from 60 mm to minus 3 mm in one pass at a capacity 
of 15-20 tons per hr. Normally the limestone dust of 
air-swept quality arrives in 20-ton bottom-dumping 
cars. 


Fig. 6—Concentrate storage, 
concrete bunkers (at left, steel 
bins at right). 
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Table II. Example of Tests 


Rolfsen D&L 
Machine Machine 
: lead concentrate, Laisvall, pe 50 2 
limestone, pct 4 
Depth of bed, mm ............ ke 170 
Vacuum, mm of water 1100 eee 
Sintering times min 8 
Quantity of roasted concentrate, kg 
Sinter, sulfur contents, total pct ........ 4.9 5.49 
sulfur contents, sulfate bound, 
pet 2.3 1.95 
69 73.1 


The different unloading points are well covered 
and under suction from a separate bag filter with a 
capacity of 340 normal cu m per min. 

Drying—The rotary dryer is located in a separate 
steel and brickwork building. Wet concentrates with 
5-12 pct H2O are stored in two 23-cu-m hoppers with 
apron feeders. The hoppers are automatically 
aerated 6 sec each 6 min to facilitate the feeding 
from the bins to the drier. The drier is oil-fired with 
a capacity of 1.25 tons of evaporated water per hr 
and with a consumption of 150 kg fuel oil, No. IV, 
per hr. The length of the drier is 11.5 and the dia- 
meter 1.7 m. To prevent overheating of the concen- 
trate it is necessary to lead the hot gases in the same 
direction as the concentrate. The dust-laden gases 
are cleaned in two cyclones and a 217-sq-m bag 
house operated at 80-90°C with 15,000 normal cu m 
per hr. Dust losses after filter are less than 0.01 pct. 
Concentrates are automatically sampled by a rotat- 
ing bucket sampler, Fig. 5. 

Storage—The dry concentrate with 1-2 pct H:O 
goes via a two-way chute to one of two Link-Belt 
Peck carriers with 15-in. x 18-in. buckets. The same 
carriers can be loaded by the 28-in. by-pass belt 
conveyor from the unloading station. One of these 
carriers takes the concentrates and fluxes up to the 
storage building where the fluxes are stored in three 
60-cu-m steel hoppers and the concentrates are un- 
loaded at a high level to a 28-in. belt conveyor with 
a tripper going the whole length of the building, Fig. 
6. The storage building contains five 575-cu-m con- 
crete bins in one row and aside four 54-cu-m pro- 
portioning steel bins. All bins can be served by the 
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Table Ill. Operating Data 


Charge: 


concentrate, 70 pet Pb; pet: 40 
limestone powder, pet 


return dust from smelter, pct. 10 
; return sinter, pct (8-20 mm) .. 47 
olsused per hour, ke" 
Vacuum, windbox No. 1-5-10, mm water . 100-350-300 
Windbox temperature, 150-200-100 
Sinter Analysis: 
4 
2 
0.20 
0.20 


overhead belt conveyor. Dust-recovery units are 
connected to each bin, hopper and other points, 
where dust occurs. When loading to a storage bin, 
this is covered by an 8 x 9-m movable roof, which 
is well tightened to the bin. In the storage building 
about 740 norm. cu m per min of dusty air is cleaned 
in a bag house. The proportioning bins can be loaded 
with concentrates from the storage bins by a 10- 
ton overhead crane, equipped with a 2-cu-m bucket. 
The proportioning bins are aerated with intervals to 
prevent arch building. They have apron feeders, 1 m 
wide, especially designed to prevent clogging in the 
pans, and are equipped with variable-speed drives. 
Normally only two or three qualities of concentrates 
are proportioned from the bins to a gathering belt. 
By a movable Schenk belt weightometer between 
the apron feeders and the gathering belt, it is possi- 
ble to check the correct rate of concentrates by 
changing the speed of the apron feeders. The gather- 
ing belt leads to an Esch hammer mill used as a 
mixer for the concentrates. The hammer-mill dis- 
charge leads to the second carrier, transporting 
mixed concentrates to a hopper in the pelletizing 


Fig. 7—Sintering equipment. 
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plant. The same carrier is used for all other ma- 
terials for the pelletizing plant and also for materials 
to the smelter. Laaded with concentrate each car- 
rier can take 75 tons per hr. 

Pelletizing—The pelletizing and sintering plants 
are situated in the same building as the storage. 
There are four aerated 40-cu-m steel bins, serving 
the pelletizers, all equipped with automatic, sensi- 
tive Schenk belt weightometers, counterbalancing 
even variations in bulk density, to get a good pro- 
portioning to the pelletizers. The different bins con- 
tain 8-20 mm return sinter, dust from bags and Cot- 
trells, limestone power and mixed concentrates. To 
get a good pelletizing effect, it is important to have 
a continuous and uniform flow of the bulk materials 


_ through the bins over the scales to the pelletizers. 


To reduce the high pressure on the scale belt, an 
automatic Raedler conveyor is placed between the 
concentrate-bin outlet and the scale. 

Principally each pellet is built up around an 8 to 
20-mm core of sinter by concentric layers of the dif- 
ferent charge materials, Fig. 4. In the first pelletizer 
a concentric layer of dust about 1 mm thick is applied 
on the core. The pellets go to the second pelletizer, 
where a second thin layer of limestone powder is 
added. In the third pelletizer the mixed concen- 
trates are added as a 1 to 2-mm concentric layer. By 
this arrangement of the different layers, direct con- 
tact is avoided between the lead-forming compo- 
nents of the pellets and part of the heat developed 
during the sintering is absorbed by burning the lime- 
stone. 

Three pelletizers are used, each consisting of a 
conical revolving drum, the drums being arranged 
in cascade. There are possibilities of changing the 
level at the outlet side of each drum. To the inlet 
side of the first two drums materials from the scales 
flow through chutes, but in the last drum concen- 
trates are spread over the charge surface from a 
special belt conveyor to get good distribution. The 
moisture needed for pelletizing is added in each 
drum through spray nozzles. The desired amount of 
water is planned to be automatically controlled from 
the scales. At the moment water addition is made by 
a hand-operated valve. 

By sloping the conical drum at the correct angle, 
it classifies the pellets like the balls in a Hardinge 
mill. Prepared pellets go to the wide discharge end 
of the drum and fines are worked back to the inlet 
side, thus avoiding discharging fines. Prepared pel- 
lets are uniform in size and do not need to be 
screened. To get a good pelletizing effect, it is im- 
portant to direct the spray water against the pellets 
in such a way that they are moistened before they 
come in contact with the dry bulk material. Other- 
wise this builds up pellets without cores, giving 
trouble in the sintering process. 

The ready pellets, containing 4 to 5 pct moisture 
are transported by an inclined Schenk bucket ele- 
vator to a soft-rubber-lined hopper, equipped in- 
side with disks and cones to reduce pressure on the 
pellets and hopper outlet. The hopper has a drum 
feeder for charging the pellets to the sintering ma- 
chine. 

In spite of the successful pilot-plant experiments 
with the conical pelletizers it was difficult to calcu- 
late the capacity of the big drums and none of them 
has the expected capacity. Some time ago a less 
space-demanding Loesche granulating disk of 3.6 m 
diam was therefore tried as a substitute for the con- 
centrate drum. Results are so-far very good and 
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Fig. 8—Sintering plant from 
south side: (left to right) thaw- 
ing and unloading, drying, stor- 
age and sintering, cyclones and 
blower house; at extreme right 
part of the smelter. 


simplicity in supervising characterizes the disk gran- 
ulator. A bigger disk for application of the last layer 
of concentrate on the pellets is planned. The disk 
probably will be placed above the feeding drum for 
the sinter machine, thus also avoiding the difficult 
handling of the wet pellets. There is no burning of 
the pellets before the sintering. For this reason it is 
almost impossible to store the charge. 

Sintering—The design of the sintering machine 
was based on the laboratory and pilot-plant tests 
described. With up to 60 pct return materials it was 
necessary to calculate a total production of 50 tons 
of sinter per hr with one machine running only 7 hr 
a day. The sinter machine is a straight D&L made by 
Lurgi. The machine is 1.5 m wide with a total wind- 
box area of 27 sq m. The wind boxes are especially 
designed for easy cleaning. For ignition there is 
an oil-fired brick-lined chamber close to the charg- 
ing point Fig. 7. 

The straight grates are first covered by a 20 to 50- 
mm layer of coarse return sinter to prevent over- 
heating of the grates and also to act as an absorber 
of fines which eventually occur, molten lead or low 
melting phases. The charge over the bed is 150-200 
mm high and is ignited at a relatively low vacuum 
of 50-100 mm of water. After ignition the vacuum is 
increased to about 300 mm. At the end of the 
machine the sinter is cooled by a forced-air suction. 
Maximum vacuum obtained by the blower is 500 mm 
at 120,000 Nm’ per hr. Usually the machine runs 
with 250-375 mm vacuum at 70,000-100,000 Nm? 
per hr. 

After removal from the machine the sinter is 
immediately crushed to big lumps and thereafter fed 
in a crusher with corrugated rolls, where it is 


Fig. 9—Control panel of the 
sintering apparatus. 
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crushed to minus 30 mm and transported by hooded 
panconveyors to a double screen. Oversize, plus 20 
mm, goes on a belt conveyor to the bed-material 
bin over the charging end of the sinter machine. 
Middle size, 8-20 mm, is partly used as cores for 
building up new pellet charges. Undersize, minus 
8 mm, and part of the middle-size fraction go 
through chutes to a 350-ton storage bin or directly 
to the smelter over a 28-in. belt conveyor. The dust- 
laden air from crushers, screen, bins, and the like, is 
cleaned in two bag-filters, each capable of treating 
400 normal cu m per min of dusty air. 


Gas Cleaning—Waste gases from the sintering 
machine are collected in a horizontal gas flue and 
cleaned of coarse particles in 12 von Tongeren cy- 
clones before entering a Schiele sintering fan. This 
has a double inlet and is equipped with a 480-hp 
motor and fluid-drive coupling for variable speed 
for a maximum of 1450 rpm. 


After passing the sinter fan, gases are cleaned in 
two parallel Beth bag houses, each with a filter area 
of 1180 sq m. The bags are automatically cleaned 
of dust at intervals. Two Schiele fans, each having 
a capacity of 75,000 Nm* per hr, equipped with fluid- 
drive variable-speed drives, maintain the necessary 
draft in the bags. Through automatic equipment, 
made by Schoppe-Faesser, the draft is kept at zero 
at a point between the sinter blower and the bag 
house. The temperature in the bag houses is kept at 
a maximum of 95°C by automatic inlet of cold air. 
Fifty percent of the bags are made of wool, and on 
approval the rest of the bags are made of different 
synthetic fibers, such as Redon, Pan, Orlon and 
Terylen. 
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Gases arrive in bags with 1 g dust per Nm® and 
0.3-0.5 pet SOs. Dew point is measured to 30°C. The 
efficiency of dust precipitation in the bags is over 
99 pct. The waste gases are carried in a 400-m gas 
flue to a stack, 145 m high. To prevent corrosion this 
outdoor gas flue is made of stainless steel and the 
flue can be cleaned by a water spout, slime going to 
a special sedimentation tank. 

General Plant Features—The main building is of 
concrete and 250-mm red brick panels. Floors are 
concrete and drain to the central underground sedi- 
mentation tank. In the main building there also are 
rooms for plant maintenance and storage for lubri- 
cants and tools. In the sintering building are two 
monorail hoists for repairing and changing pallets. 


The dimensions of the sintering building are 50 by ~ 


34 m, the height above ground level 22 m, Fig. 8. 

The operation of all plant units is directed from 
different control rooms located close to every plant. 
The control rooms are equipped with warning 
signals and alarm lights on the panel, telephones, 
television and indicating and recording controllers 
for following the processes. An illuminated flowsheet 
panel, Fig. 9, is located in the sintering control room. 
The control rooms are all under a positive air pres- 
sure and are supplied with filtered air. 

To avoid spillage, all belts, elevators and other 
conveyors are overdimensioned. Belts for 50 tons per 
hr are 28-in. wide and the belt speed 0.3—0.6 m per 
sec. 


Special arrangements are made at all points where 
dust appears. To keep the plant clean and free from 
dust, there are six bag filters with a total filter area 
of 1550 sq m, placed at different strategic points. 

The plant from thawing to sinter gas cleaning will 
be operated by ten one-shift workers under super- 
vision of one engineer and one foreman. 

Operating data up to the time of writing are given 
in Table III. 

The sintering machine is built for future utili- 
zation of the SO: gases for sulfuric-acid production. 
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Thermodynamic Study of Liquid Pb-Zn Solutions 


Activities, free energies, and heats and entropies of mixing of liquid Pb-Zn alloys 
have been obtained by the electrode-potential method between 400 and 650°C. The 
large positive deviations observed from Raoult’s law are in agreement with the phase 
diagram, which indicates a wide immiscibility field. A vapor-pressure method was 
used to extend the activity measurements to 900°C, allowing the maximum of the 
immiscibility gap to be estimated by thermodynamic calculation. Data on the mono- 
tectic and eutectic points compare favorably with previously existing work. 


by F. D. Rosenthal, G. J. Mills, and F. J. Dunkerley 


EVERAL long-standing methods have been in use 

for the study of phase diagrams from measure- 
ment of the activities of the component metals.’ The 
use of thermodynamic analysis for interpreting 
equilibria data is comparatively recent, however. 
Such analysis is usually undertaken by first evalu- 
ating the principal thermodynamic functions as, for 
example, the enthalpy, entropy, and free energy of 
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the alloy constituents. These, in turn, quite often 
can be correlated with the interatomic potential 
energies and atomistics of the system, from which 
a clearer understanding of the causes leading to 
deviations from ideal behavior is gained. 

The present study of liquid Pb-Zn alloys is con- 
cerned with a determination of these quantities by 
electrode-potential and vapor-pressure measure- 
ments, using these values in calculations involving 
phase equilibria and to obtain a theoretical insight 
into an alloy system exhibiting strong positive de- 
viations from ideal metallic solution. A considerable 
portion of the previously reported work is based on 
thermal analysis. Supplemented by optical studies 
of solid alloys, these techniques have revealed the 
essential nature of the immiscible mixtures that are 
formed. It is difficult, however, using the phase- 
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diagram calculations, to obtain reliable thermo- 
dynamic data from the location of miscibility-gap 
boundaries in systems where regular solution laws 
are not obeyed. This has been emphasized recently 
by Seigle’ in studies of Ni-Au and Fe-Au alloys 
showing similar deviation from ideality. It was thus 
necessary to obtain the required data experimentally. 
During the course of the work, Kleppa’s’ emf results 
became available for comparison with this study. 

The presence of a wide miscibility gap in the 
liquid region limited the range available for experi- 
mentation on homogeneous alloys. Zine losses at 
elevated temperatures were also a hindrance in the 
emf work, preventing the carrying out of cell meas- 
urements above 650°C. There were no important 
difficulties in performing the vapor-pressure tests, 
since these experiments were conducted with closed 
containers in which equilibrium was readily at- 
tained. 


Theory 
The electrode-potential measurements were made 


with a reversible cell of the type 


Zn (1) | Zn [Nm in Pb (1)] 


by which the free energy change of the cell reaction 
was obtained at a series of temperatures from equi- 
librium emf values. N,, represents the atom or mole 
fraction of zinc in the alloy, and the other symbols 
have their usual chemical significance. At a given 
temperature, the change in the relative partial molal 
free energy of zinc (AF,,) in an alloy was given by 
the relation 


AP = —nE F 


where F,, is the partial molal free energy of zinc; 
F°,,, the free energy of the pure component; n, the 
valence of the conducting ion; Ff, the Faraday con- 
stant; and E, the reversible potential of the cell. The 
pure liquid zinc, being the more electropositive 
metal, was selected as the standard state, so that 
by definition the activity of zinc (dz,) satisfied the 
relations 


a 


=) 


The activity of zine is therefore a number relative 
to the base value of the activity and is set equal to 
unity for the pure liquid, a°,,; R is the gas constant; 
and T, the absolute temperature in °K. By making 
emf measurements on cells with liquid zinc as the 
anode and liquid Pb-Zn alloys as the cathode, the 
activities of zinc at several different compositions 
were established. The rate of change of potential 
with temperature (AE/AT) was obtained by varying 
the temperature in increments of about 10 to 25°C. 
This term, for each composition, was then inserted 
in the Gibbs-Helmholtz equation to calculate the 


partial molal enthalpy (AH,,) of the cell reaction 


T(AE/AT) = E + AH, /nF 


where AH,, = H,, — H°,n, the latter terms having 
an analogous meaning for the heat content, as in 
the previous relation involving the free energy. This 
quantity was symbolized as L,,. In the two-phase 
region, only the magnitude of the potential was of 
importance in the calculations. The entropy term 
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for the zinc component (AS;.) of the homogeneous 
alloys was calculated from the general relation 


For the corresponding thermodynamic properties 
of the lead component, graphical integration of the 
following forms of the Gibbs-Duhem equation were 


used 
Non 
In Yrp (In Yan/ N* py) d Nan Nan/ Nev In Yun 


from which the activity of lead was obtained, since 
App = Np», and 


Non 


These values allowed the calculation of the equiva- 


lent AF», and AS», terms, which were then used in 
obtaining the integral values of the thermodynamic 
functions. For the relative integral molal free 
energy, AF, for instance 


AF = Nan AF on Np» AF pp. 


Similar expressions can be written for AH and AS. 


Apparatus and Procedure 


The assembled multiple-type cell is seen in Fig. 
la. Glass parts exposed to high temperature were 
made from Vycor. In the B compartment, three 
Pb-Zn alloy electrodes and a standard zinc electrode 
were positioned about the protection tube of the 
thermocouple. On the average, 8 to 10 g of metal 
were used to fill the containers. The granular lead 
(99.9995 pct pure), as received, was first decon- 
taminated from oxide films by melting and solidify- 
ing rod shapes under flux, and then added from this 
source in weighed amounts with rod zinc (99.9993 
pet pure) to required compositions. 

The electrolyte was composed of a mixture of 
salts having an approximately eutectic composition 
consisting of KCl=56 pct, LiCl= 41 pct, and 
ZnCl, = 3 pet. The salts were initially dehydrated 
under vacuum at 150°C before being placed in com- 
partment A of the cell, where final dehydration was 
effected by the application of moderate heat at pres- 
sures below lz. 

An argon gas atmosphere was used to protect the 
electrolyte and the liquid metals during the melting 
process in their separate cell compartments. In order 
to establish the contiguous salt bridge, the transfer 
of the fused electrolyte into compartment B was 
carried out by creating a difference in argon pres- 
sure between the two compartments, after which the 
electrolyte was always held under argon to insure 
against contamination during operation of the cell. 

The auxiliary equipment consisted of a pot fur- 
nace; a potentiometer in conjunction with a cali- 
brated Pt—Pt-10 pet Rh thermocouple for measur- 
ing cell temperature; a null reading automatic re- 
corder for rapidly determining alloy equilibrium, 
with a type K potentiometer and galvanometer for 
accurately measuring the cell potentials; and a vac- 
uum system with a means for introducing dry argon 
gas. 

The vapor pressure test arrangement, which was 
used in operating from 600 to 900°C, is shown by 
the drawing of Fig. 1b. It consists of a closed Vycor 
tube with compartments for holding two alloys at 
equal temperatures and a third compartment for 
containing pure zinc in a graphite cup at a tempera- 
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Fig. 1—Appara- 
tus for determin- 
ing thermody- 
namic properties 
of Pb-Zn alloys 
from a) electro- 
motive force and 
b) vapor-pressure 
measurements. 
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ture lower than that of the alloys. The pressure of 
zinc in the initially evacuated tube was fixed by the 
temperature of T2 of pure zinc in compartment 3, 
and was thus evaluated from published vapor pres- 
sure data. This pressure then became the imposed 
partial pressure of zine over the alloys. The initial 
compositions were chosen so as to be both greater 
and less than the final one expected at equilibrium; 
i.e., when the activity of zinc in the vapor equalled 
the activity of zinc in the alloys. The average com- 
position thus obtained was taken as the test result. 

In any one series of tests, the temperature of the 
alloys was held constant and the partial pressure 
of zinc was varied. Consequently, by using different 
sets of alloys, activity values of zinc in lead were 
determined over a range of compositions of the 
homogeneous alloys. At 600°C, these were directly 
comparable to the values obtained from the elec- 
trode-potential measurements. However, because of 
the limitations of temperature control, zinc activities 
closely approaching one were not obtainable by this 
method. 

The Vycor tube, which measured approximately 
12 in. in length and % in. in diam, occupied almost 
the full length of a small muffle furnace. The latter 
consisted of three separate windings which were 
controlled independently by a multiple-type tem- 
perature regulator. Unalloyed weighed amounts of 
metal were added to compartments 1 and 2 of the 
tube. The amount of zinc added to compartment 3 
was variable but sufficient to supply the necessary 
zine pressure for equilibrating the alloys. The tube 
was then evacuated and sealed very carefully in 
such a manner as to prevent oxidation of the metal. 
Further, at the completion of the test, care was 
exercised to prevent zinc vapor from condensing on 
the alloys by quenching the pure zinc liquid with 
an air blast directed on the outside of compartment 
3. Analysis of the solidified alloys for zinc was car- 
ried out by chemical means, even though the weight 


Transactions of The Metal- 
lurgical Society of AIME 


Pb-Zn ALLOY 2 PURE Zn 
aT 


COMPARTMENT 2 


1 

| 

= 

=I 

cr 

1 

AT T2 evectrove 
COMPARTMENT 3 


Pb -Zn THERMOCOUPLE 
ALLOY 


of lead did not change, since it was often difficult 
to remove the alloy from the glass without loss. 


Experimental Results 
Fig. 2 summarizes the potential of the cell as a 
function of temperature for each alloy in the homo- 
geneous liquid region. At each constant tempera- 
ture, equilibrium values were determined by ob- 
taining the average of about 3 to 5 potential read- 
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Fig. 2—Change of electromotive force with temperature at 
various homogeneous liquid-alloy compositions. 
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Fig. 3—a) Activities of lead and zinc relative to their pure 
liquids as a function of concentration at 600°C; b) relative 
partial molal enthalpies of lead and zinc as a function of 
concentration. 


ings taken at 15 min intervals. A cooling and heat- 
ing cycle was followed in each test based on the 
same temperature intervals being repeated, during 
which reproducible values were obtained within the 
limits of the +5°C variation of the furnace. The 
potentials shown in Fig. 2 represent the averages of 
the values obtained on ascending and descending in 
temperature, the composition of each alloy being 
the average of its initial and final values. These 
deviations in the values between heating and cool- 
ing were found to be accountable by the zinc loss. 
The potential deviation caused by the cycling as 
well as the zinc losses were therefore compensated 
for in a reliable manner. Although unavoidable in 
these tests, the amounts lost were not excessive and 
no significant effect on the linearity of the potential 
values versus temperature was noted during any 
ascending or descending cycle; hence, the averaging 
method is considered quite valid. No direct check 
of the reproducibility of the potentials could be 
obtained, however. 

Alloys A through F were taken on the lead-rich 
side where a considerably broader region of homo- 
geneity exists. In the narrow homogeneous range 
on the zinc-rich side, the one alloy G was sufficient 
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Fig. 4—Change of potential with temperature of alloys in 
two-phase liquid-immiscibility region. 


to describe the properties of the system. It is ap- 
parent that the enthalpy values calculable from 
these curves are practically independent of tem- 
perature since they are obtained from essentially 
straight lines over a large temperature interval. 
Directly calculated quantities from the experimental 
data of the emf study are given in Table I for liquid 
solutions at 600°C. The activity and enthalpy data 
for each of the components are plotted in Fig. 3 as 
a function of composition, where interpolation for 


Lm was required between the extreme points of the 
immiscibility region. Precise activity and enthalpy 
values of lead could not be calculated because of the 
limited accuracy of graphical integration near the 
zinc-rich end of the system. 

The variation of potential with temperature in 
the two-phase liquid range is indicated in Fig. 4. 
Averaged potentials of several alloys were obtained 
for each temperature in order to nullify the effect of 
the cell gradient, which amounted to +4° at 650°C, 
or a potential deviation of about +£0.20 mv. 

The integral thermodynamic functions, calculated 
from the emf results for the homogeneous region 
and extrapolated across the miscibility gap for the 
heat of formation, free energy, and entropy of the 
liquid alloys are shown in Fig. 5 for comparison 
with ideal values and the data of other investiga- 
tions. Fig. 6 gives experimental activity-composi- 
tion curves for homogeneous low-zine alloys ob- 
tained by the vapor-pressure method at several 
temperatures. The figure is plotted from the data 
of Table II and contains similar data by other work- 


Table I. Experimental Thermodynamic Properties of 
Liquid Lead-Zinc Alloys at 600°C Obtained from EMF 


Data 

EMF at AE/AT Lan 
Nan 600°C, Mv (Mv/100°C) azn at 600°C (Cal) 
0.037 39.7 18.0 0.349 5424 
0.061 22.5 14.6 0.548 4833 
0.094 10.5 12.8 O.75'7. 4671 
0.114 8.10 12.4 0.806 4618 
0.134 4.00 11.5 0.899 4446 
0.154 1.25 10.5 0.967 4169 
0.233 0.79 — 0.979 —_ 
0.298 0.54 0.988 
0.404 0.52 0.988 
0.440 0.76 — 0.980 — 
0.568 0.46 — 0.988 — 
0.720 0.73 0.981 
0.847 0.38 — 0.990 — 
0.919 0.48 —_— 0.987 — 
0.990 0.19 0.09 0.995 29 
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Fig. 5—Experimental relative integral molal properties versus 
concentration of Pb-Zn alloys compared with experimental 
and calculated results of other investigators for a) enthalpy, 
AH; b) free energy, AF, at 600°C; and c) entropy, AS. 


ers employing the same kind of measurements. 

A number of phase boundaries of the system, in 
particular those boundaries in the vicinity of the 
monotectic and eutectic compositions, as well as a 
portion of the miscibility gap in the liquid, were 
calculated by extrapolation of the data from 600°C. 
These procedures are detailed in the Appendix. 


Discussion 


Phasial Equilibria—The distinguishing feature of 
this system, the separation of immiscible liquids, 
has been the subject of a number of investigations, 
which have not always yielded consistent results. 
They appear to be divided into two groups. From 
the monotectic temperature to about 600°C, Fig. 7, 
with the exception of the data of Spring and Ro- 
manoff” on the lead-rich side, whose points diverge 
by as much as 20 atomic pct from that of at least 
four other investigations, the data agree well and 
compare favorably with the present emf results. 
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Fig. 6—Experimental vapor-pressure data at several tempera- 
tures in low-zinc homogeneous-alloy range. 


Above this temperature, however, the overall data 
become progressively more scattered. Comparison 
with the presently established vapor-pressure points 
from 600 to 800°C draws attention to the wide dis- 
crepancy that exists on this side of the immiscibility 
field, which is equally notable on the other. The 
boundary on the lead-rich side is in best agreement 
with the points of Hass and Jellinek. 

The vapor pressure measurements of Jellinek and 
Wannow,” Fig. 6, do not offer any confirmation of 
this boundary at either of their temperatures of 
investigation, 653 or 754°C, because of the increas- 


Table II. Experimental Activity Data for Liquid 
Lead-Zinc Alloys from Vapor-Pressure Measurements 


Imposed Avg Exp 
Vapor Pres- Partial Equilib 
sure of Zn Pressure Activity Conc of 
Temp of over Alloys, of Pure Zn,* of Zn in Zn in 
Alloys, °C pan, Atm p°zn, Atm Vapor,az Alloys, Nzn 
600 5.38x10-8 1.46x10-2 0.369 0.041 
9.01x10-3 0.617 0.072 
1.14x10-2 0.780 0.085 
1.33x10-2 0.912 0.098 
700 1.54x10-2 7.85x10-2 0.196 0.024 
3.15x10-2 0.401 0.057 
5.09x10-2 0.648 0.107 
6.63x10-2 0.845 0.171 
7.49x10-2 0.954 0.215 
800 6.15x10-2 3.05x10-1 0.201 0.034 
1.21x1044 0.397 0.067 
1.83x10-1 © 0.600 0.099 
2.44x10-1 0.798 0.236 
2.90x10-1 0.951 0.307 
900 1.88x10-4 9.35x10-1 0.201 0.041 
3.76x10-1 0.402 0.084 
5.54x10-1 0.593 0.142 
6.98x10-1 0.747 0.171 
8.34x10-1 0.892 0.452 


* Calculated from vapor-pressure equation given by Lumsden: 
logio p°'vn = —6171/T + 5.237 — 0.42 (In T/1000 —1 + 1000/T) 
for p°zn in atm, and T in deg K. 
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ing curvature of the activity lines in the homo- 
geneous solution field of this temperature interval. 
Their results, based on single measurements of the 
activity in the given solution range and a linear ex- 
trapolation of the data points, are thus subject to 
considerable error. This is in contrast with the pres- 
ent measurements, which are based on several val- 
ues of the activity at each temperature. 

The maximum temperature in this region has not 
been established with certainty. Data by Hass and 
Jellinek,’ for example, tend to set it at 950°C or 
higher. The more recent studies by Waring and his 
co-workers and by Seith and Johnen,” whose work 
was perhaps more direct on this portion of the phase 
diagram, indicate a maximum nearer 800°C. Since 
the present work makes precise thermodynamic 
properties available, their use in establishing the 
boundary in question is appropriate. 

The extrapolation carried out for this purpose is 
given in Fig. 11, where the temperature is plotted as 
a function of T (dAS/dx’ — dAS/dx”) from the pres- 
ent experimental entropy and immiscibility gap data. 
The x’ and x” represent the phases in equilibrium 
at any specific temperature. Seith and Johnen ap- 
plied this function to their cooling curve data, in 
conjunction with ideal entropy, by extrapolating 
their curve, A, to 

a’ 


to obtain a critical temperature of 798°C. The use, 
however, of experimental quantities in the extrapo- 
lation produced curve C (shown by triangles), which 
lies about 100°C higher than curve A. It is also of 
interest to note that when experimental, rather than 
ideal, entropy values are applied to the data of 
Seith and Johnen over a comparable range of com- 
positions, the revised curve, B, lies within 10°C of 
the present curve, C. The proximity of the curves is 
in accord with the fact that the alloy data below 
650°C are nearly the same in both cases. For fur- 
ther comparison, ideal entropy values were used 
with present miscibility gap data to obtain the 
points shown as circles, which appear to follow 
Seith and Johnen’s curve, A, to about 600°C. Above 
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Fig. 7—Immiscibility region of the Pb-Zn equilibrium diagram 
from results of present investigation, and data of other in- 
vestigators. 
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Fig. 8—AFzn/T and AF°zn/T versus 1/T curves for zinc in 
liquid solution in lead and pure solid zinc, respectively, at 
various concentrations. 


this temperature, increasing deviation of the points 
from the curve would be expected as the differences 
in the two sets of data relating to the compositions 
of the immiscibility boundary lines become more 
pronounced. The maximum temperature of the im- 
miscibility region is therefore concluded to be in 
the vicinity of 900°C, provided curve C continues 
to he approximately 100°C higher than curve A. 
This appears to be in agreement with the vapor 
pressure results. 

Generally good agreement was found near the 
monotectic and eutectic areas of the phase diagram. 
Fig. 9 gives the measurements of Heycock and 
Neville“ and those of Waring and co-workers,* 
neither of which differs by more than 1%%° from the 
calculated curve, despite the difficulties inherent in 
picking up a slight heat effect from arrests on cool- 
ing curves. The monotectic temperature and com- 
position occurred at 417.66°C and N,, = 0.9959. The 
cooling curve measurements by Hodge and Heyer’ 
and by Heycock and Neville“ are equally satisfac- 
tory on the liquidus in Fig. 10, where most of the 
points are within 1° of the given curve. Assuming 
the eutectic temperature, the eutectic composition 
was found at Nz, = 0.0220. The compilation of Table 
III is a summary of some of the determinations for 
the critical points. 

Graphical interpolation for the solubility of zinc 
in liquid lead at the monotectic temperature gave 
the value N,, = 0.051. This compares with 0.061 
given identically by Hass and Jellinek’ and Waring,’ 
and 0.052 by Lumsden’ from his calculated curve. 

Atomistics and Energy Relations—The large posi- 
tive deviations from Raoult’s law shown by the ac- 
tivity curves are one of the indications of non-ideal 
solution in the system. Another is the large positive 
heat of mixing. The activity curves as well as the 
positive heat effect reveal the behavior of the atoms 
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Table III. Comparison of Previously Existing Data on 
the Monotectic and Eutectic Points for the Lead-Zinc 


System 
Melting 
Point Melting 

of Zinc, Mono- Point 

Minus tectic of Lead, Eutectic 

Mono- Compo- Minus Compo- 

tectic T sition Eutectic T sition 

Investigators AT, °K Nan AT, °K Nan 

Waring and Co-workers 1.6 0.9971 R 
Hass and Jellinek 0.9959 
Lumsden* ; 1.42 0.9973 9.05 0.0181 
Heycock and Neville IED: 0.9974 9.08 0.023 
Hodge and Heyer 9.2 0.0157 
Present Work 15 0.9959 9.2 0.0220 


* Calculated results from his theoretical free-energy equation. 


or metallic ions in a general way. Because these 
curves show positive deviations from ideal behavior, 
they indicate that the attractive forces between like 
ions are greater than between unlike ions. There is 
thus a tendency for immiscibility of the liquid 
phases, in accordance with the evidence found in 
other systems. 

An analytical heat-of-mixing curve based on the 
interaction energy of the ions has been discussed by 
Varley,” whose theoretical equations closely predict 
the behavior of several metallic systems. For solid 
Pb-Zn alloys, Varley’s curve for AH is given in Fig. 
5a. Included also is Scheil’s” calculated curve for 
liquid alloys, which is based on the phase-diagram 
data of Hass and Jellinek.’ Since he assumed ideal 
entropy of mixing, however, Scheil’s curve can only 
be considered approximate. The experimental data 
of Kawakami" for the homogeneous alloys at 450°C 
(up to about N,, = 0.07) are not in good agreement 
with either Scheil or the present work. This dis- 
crepancy may be due to the relative error of calori- 
metric determinations which increases rapidly as 
the size of the heat effect decreases. Slight enthalpy 
effects near the end of the composition range may 
be missed and thus account for some of the diver- 
gence. The present results are supported by the 
work of Kleppa,’ whose extrapolated enthalpy and 
entropy curves are almost identical with this study. 

Varley’s expression for the heat of mixing or 
formation is composed of a strain-energy factor and 
an electrochemical factor. Several values of these 
factors, obtained by using the physical constants of 
lead and zinc and substituting into the expression, 
are listed in Table IV. 

Varley’s strain energy factor is believed to in- 
clude the elastic or misfit enthalpy plus an average 
non-ideal bond enthalpy whose magnitude is de- 
termined by relative atom size and bond preference. 
If then the liquid retains the same average bond 
and electrochemical energies but no elastic strain 
energy, the difference between the Varley and ex- 
perimental enthalpies would predict the magnitude 
of the elastic strain energy in the solid state, as dis- 
cussed by Lumsden.’ It is thought, however, that 
large differences exist between the bond enthalpies 
in the liquid and solid states. If this difference is 
approximated by an average heat of fusion, then the 
elastic strain energy for a solid equimolar alloy is 
225 cal per g atom. This is a reasonable order of 
magnitude and thus Varley’s equation yields an en- 
couraging degree of agreement with the present 
work. Although the difference in atomic volumes 
is a major contributor to the elastic strain enthalpy, 
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Fig. 9—Liquidus equilibrium boundaries on Zn-rich side of 
phase diagram, calculated by thermodynamic methods, and 
experimental data of other investigators. 


one can only suspect that it would likewise strongly 
affect the average bond type and hence the bond 
enthalpy in the liquid and solid states. Some effect 
in the liquid state is indicated, however, by the as- 
symetry of the enthalpy curve toward the zinc-rich 
alloys. When two metals show a marked positive 
enthalpy, the maximum is usually displaced toward 
the side of the smaller atom, being zinc for this 
study.* 

The large positive entropy deviations that exist in 
the liquid, however, are probably not caused en- 
tirely by relative atom size. As Kleppa’ has pointed 
out; decreasing the difference in atomic volumes in 
the case of Au-Pb alloys actually increases these 
deviations from ideal behavior. 

Lumsden’s’ analytical expression for the free en- 
ergy of Pb-Zn alloys is also of interest from the 
standpoint of energy relationships. It contains four 
parameters, representing functions of the inter- 
atomic potential energies, which relate to the 
change of potential energy and the rate at which 
potential energy varies with distance between 
neighboring atoms and non-adjacent atoms. Free 
energy values calculated from his equation at 600°C 
are plotted in Fig. 5b for comparison with experi- 
mental values extrapolated into the heterogeneous 
region. It is seen that the area of agreement is lim- 
ited mainly to the range of homogeneous solution, 
and that in the immiscibility region Lumsden’s val- 
ues are generally lower. His calculations bearing on 
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Fig. 10—Liquidus equilibrium boundaries on Pb-rich side of 
phase diagram, calculated by thermodynamic methods, and 
experimental data of other investigators. 
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Table IV. Heat of Formation and Corresponding Energy 
Terms of Several Pb-Zn Alloys Calculated from the 
Varley Equations 


Atom Heat of Electro- 
Fraction Formation Strain chemical 
of Lead AHos°o, Energy, Factor, 

Neb Cal/G Atom Cal/G Atom Cal/G Atom 

0 0 

0.20 1554 2408 —854 

0.40 2685 3609 —924 

0.50 2934 3759 —825 

0.60 2925 3609 — 684 

0.80 2065 2408 —343 

1.00 0 — — 


the monotectic and eutectic points, therefore, give 
reasonably good results. However, since actual free 
energy values of liquid alloys differ from his cal- 
culated values by a relatively large amount in the 
two-phase region, attaching great significance to 
Lumsden’s calculated immiscibility gap is question- 
able. 
Summary and Conclusions 


1) A high temperature cell with multiple elec- 
trodes was operated to obtain activity measure- 
ments on liquid alloys of lead and zinc in the tem- 
perature range from 400 to 650°C. 

2) The results of the electromotive force work 
give good confirmation of previously existing data 
on the monotectic and eutectic areas of the phase 
diagram. 

3) A vapor pressure method of making activity 
measurements in a temperature range beyond the 
upper limit of the electrode-potential studies pro- 
duced data which allow the phase boundary of the 
liquid miscibility gap to be further defined. 

4) Present work indicates a maximum in the 
vicinity of 900°C, despite recent, direct measure- 
ments giving evidence that this value is about 100°C 
lower. 

5) The highly positive deviations of the thermo- 
dynamic functions are in agreement with the phase 
diagram and are apparently due to strain energy 
caused by the difference in size of the atomic species. 
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Appendix Phase Equilibria Calculations 


The calculations for the miscibility gap in the 
regions of concentrated lead and zinc solution were 
carried out, in the case of a particular alloy com- 
position, by first evaluating the constant c in the 


general relation R In a= L/T +c, using data for 
the zinc component. Thus, by substituting activity 
and enthalpy values at 600°C, it was possible to 
evaluate c and thereby any value of the activity for 
a range of temperature in which L,, was relatively 
constant. This maximum temperature was approxi- 
mately 700°C. The solubility limits at a series of 
temperatures were then obtained by plotting the ac- 
tivities of zinc as a function of composition for vari- 
ous temperatures along with the activity of zinc in 
the two-phase liquid at the same temperature as 
given in Fig. 4. The graphical intersections of the 
activity lines uniquely determined the liquidus 
boundary compositions since they represent the con- 
dition where a,,, in the separate liquid regions, be- 
come equal at a particular temperature, when these 
activities are referred to a common standard state. 
The results are shown in the phase diagram of Fig. 7 
by open circles. 

The calculations for obtaining the liquidus bound- 
ary which extends from the pure zinc to the com- 
position of the monotectic point were based on a 
method described in detail by Dunkerley and Mills.* 
It is assumed that the solid solubility of lead in zinc 
is very low, which appears to be justified from pub- 
lished experimental data. Fig. 8 gives the calculated 
lines representing the functions AF'°,,/T for the pure 
solid zine and AF;,,/T for each of the alloys as a 
function of 1/T. The fact that these lines are straight 
indicates that the heat of solutions and L,, values of 
solid zinc in the given liquid alloys are constant in 
the temperature range considered. The intersection 
points designate the temperatures at which the ac- 
tivity of zinc in the solid a-zine component, a’z,, is 
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equal to az, in the ligiud in equilibrium with it for 
each of the indicated mole fractions. Thus, for ex- 
ample, at Nz, = 0.9985 the curves intersect at 1/T = 
144.571 Or. 418-55°C. The composi- 
tion and temperature of the liquidus, where a,, = 
@’zn, are therefore established. From these intersec- 
tions, the liquidus points shown in Fig. 9 to the left 
of the monotectic point, were obtained. 

The immiscible liquidus boundary in the immedi- 
ate vicinity of the monotectic temperature was ob- 
tained by the method previously described for the 


upper region of this boundary. Four points were 


sufficient to define more accurately its intersection 
with the zinc liquidus. This intersection then gave 
the monotectic temperature and composition as 
shown in Fig. 9. 

The calculations for the lead liquidus extending 
from the pure lead to the composition of the eutectic 
point were again based on a method similar to the 
one used for the zinc liquidus. Here, however, it was 
necessary to assume the appreciable solid solubility 
of zinc in lead, as given by Hodge and Heyer’ in Fig. 


10, and the generally accepted eutectic temperature’ 


in order to fix the eutectic composition, since ex- 
perimental liquidus points in the immediate vicinity 
to the right of the eutectic were not available. The 
asumption of a straight line solidus was made on the 
basis of the two experimental solid solubility points 
which extrapolate to Nz, = 0.0036 at the eutectic 
temperature. A series of values of the solid solubil- 
ity of zinc in lead, N’»,, at their respective tempera- 
tures were selected from this line. The correspond- 
ing values of a’p, were calculated by means of the 
thermodynamic expression relating the activity of 
pure solid lead with temperature. Since the ac- 


tivity of lead on the solidus equals the activity of 
lead on the liquidus, ap,, and assuming the solid 
solution is ideal, then dp, = Np,’ X adp,’. Finally, the 
corresponding liquidus compositions were obtained 
from the appropriate dp, versus composition plots 
for the temperatures corresponding to those for 
which ap, was calculated. The derived liquidus line 
shown in the figure is compared there with other 
experimental work. 
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Studies on the Metallurgy of Silicon-lron 
_ 1—Silicon Nitrides. 2—Anomaly in the Alpha Solid Solution 


The pressure-temperature relations required to maintain the existence of SizNq in 
silicon-iron of 0.44-11.7 pct Si have been partially explored. The critical data obtained 
have allowed the calculation of some thermodynamic quantities, and have shown evi- 
dence of an order-disorder two-phase field extending at 800°C from about 1 pct to 5.5 


pet Si. 


by Alan U. Seybolt 


Silicon Nitrides 
HE presence of silicon nitride in electrical sheet, 
nominally about 3% pct silicon, balance iron, 
has been described by several authors” but there 
has been some discrepancy among them regarding 
the identity of the nitride. Also, little has been 
reported on the quantitative thermodynamic prop- 
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erties. In the work to be reported here, the nitride 
has been found to be more stable than described by 
Corney and Turkdogan.’ 


Several silicon nitrides have been described in 
the past, including SiN, Si,N, and Si.N, (see, for 
example, Abegg® and Pascal’). However, the litera- 
ture on nitrides other than Si,N, is all very old. 
No recent investigators using the more powerful 
tools available today have reported the presence of 
any nitride other than Si,N,. W. B. Hicke and L. R. 
Brantley® in 1930 determined the dissociation pres- 
sure of Si,;N, which they made by reacting nitrogen 


APRIL 1958—161 


gas with silicon powder at high temperatures. J. F. 
Collins and R. W. Gerby’ reported on the technical 
properties of Si,N, prepared in essentially the same 
way. 

Recent investigators (W. D. Forgeng” and B. 
Decker") have shown that Si,N, may exist in one 
of two modifications; namely, alpha and beta. At 
present, the only quantitative knowledge of these 
two forms of Si,N, is their apparently related lat- 
tice parameters given below. Other questions, such 
as the temperature limits of their stability, have not 
been settled. 


a SisNy B SiN, 
20701005 Co = 01005 
HO, SNS c/a = 0.383 


Silicon Nitrides in Silicon-Iron Alloys—Leslie, 
Carroll and Fisher* in 1952 made a tentative struc- 
ture determination of a nitride which they extracted 


from nitrided silicon steels. Their chemical analy- . 


sis agreed with the formula Si,N,, and the x-ray 
data seemed to indicate an orthorhombic-unit cell. 
This result is probably due to the circumstance 
that they were dealing with a mixture of alpha and 
beta Si,N, That these authors had such a mixture 
is evident from the fact that the sum of the x-ray 
powder patterns of the two individual forms ac- 
counts for essentially all of the lines they report. 

Recently Sloman’ extracted some nitride from 
commercial 4 pct silicon steel and found the x-ray 
pattern of the residue “identical to the synthetically 
prepared Si,N,.” 

Corney and Turkdogan’® studied the solubility of 
nitrogen in a 2.83 pct silicon-iron alloy from 705 to 
1200°C. Over this temperature region the nitrogen- 
saturated solid solution was stated to be in equilib- 
rium with nitrogen gas maintained at 1 atm. Below 
705°C there was evidence that “silicon nitride” was 
stable. 

Leak, Thomas, and Leak* made internal friction 
measurements from 300-1200°C on alloys containing 
2.83 pct silicon, and found that the nitrogen solu- 
bility varied from 0.003 to 0.01 pet. This solubility 
was stated to be that which corresponds to equilib- 
rium with the nitride, which the authors believed 
to be a ternary silicon-iron-nitrogen compound of 
unknown composition. The evidence for this sug- 
gestion was not presented. 


Experimental Methods 


It was originally expected that silicon nitride 
could be formed by direct reaction between silicon- 
iron samples and gaseous nitrogen, and that by 
varying the nitrogen pressure, the equilibrium dis- 
sociation pressure of the nitride in the alloy could 
be found as a function of temperature and of alloy 
composition. This information, coupled with the 
identity of the nitride or nitrides would lead to a 
quantitative measure of the nitride stability, and 
possibly to an estimation of the activity of silicon in 
solid solution. These aims eventually were accom- 
plished, but the experimental method had to be 
modified to include an ammonia nitriding step as 
will be described later. 

Silicon-iron alloys ranging from 0.44 pct silicon 
to 11.7 pct silicon were prepared from high-purity 
materials by either vacuum-induction melting or by 
inert-are melting. Alloys were hot-rolled or cold- 
rolled to strip specimens of dimensions 0.015 x % x 
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1 in. However, the 11.7 pct silicon alloy was used 
as crushed grain of —20 +40 mesh. After some un- 
successful attempts to form appreciable amounts of 
nitride in the samples by direct reaction with nitro- 
gen gas, the following method was used for the 
nitrogen equilibration tests: About 0.01 tom 
nitrogen was added, by reaction with a 4 pct 
ammonia-hydrogen mixture at 700°C. This concen- 
tration of ammonia is too low to allow the formation 
of iron nitride at this temperature. Afterwards, the 
samples were equilibrated with various nitrogen- 
argon mixtures using an appropriate nitrogen par- 
tial pressure, depending upon the temperatures 
used, for periods of time of 24 hr or over. One pet 
hydrogen was usually added to minimize Oxi- 
dation. Sometimes the nitrided samples contained 
over 0.1 pet nitrogen. However, this was not often. 
Data from such samples ordinarily were not used 
near a critical pressure where a high nitrogen con- 
tent might have given inaccurate pressure data be- 
cause of removing too much silicon from solid so- 
lution. In a few cases, high-nitrogen samples were 
used by subtracting out the silicon tied up as Si,N.. 
Nitrogen-gas equilibration was accomplished by 
a closed gas-cycling system in which the gas was 
circulated through a purification system consisting 
of a hot copper furnace and a dry-ice-temperature 
cold trap and a furnace containing the samples, by 
means of a solenoid-operated double-acting piston 
pump. Equilibrium nitrogen pressures were recog- 
nized as those which caused neither a gain nor a loss 
in nitrogen content determined by vacuum-fusion 
analysis. As will be demonstrated subsequently, the 
nitride in equilibrium with alpha solid solution and 
with nitrogen gas was Si,N, Hence the equilibrium 
pressures observed were those characteristic of the 
equilibrium: 3 Si (in iron) + 2N. = Si,N,. 


Experimental Results 


The nitrogen-equilibration data are recorded in 
Table I, and the critical data are shown in Table II. 
The critical nitrogen pressure was chosen for a 
given composition and pressure as follows: If a 
pressure was too high, the sample gained nitrogen; 
if the pressure was too low, the sample lost nitro- 
gen. In successive runs, the pressure was adjusted 
toward the (equilibrium) point where no gain or 
loss would be experienced. When two pressures 
were reached where one was somewhat high and 
the other somewhat low, an average of the two was 
taken as the equilibrium pressure. 

Phase Relationships in the Fe-Si-N System—It 
was necessary to establish beyond any reasonable 
doubt what equilibrium was being studied, and this 
required an unequivocal identification of the nitride 
which was present during the runs listed in Table I. 
This identification was made most directly by two 
high-temperature x-ray diffraction experiments, 
carried out at 900°C. In order to allow the nitride 
lines to be clearly read, it was necessary to use high 
nitrogen (nitride) contents. The following two sam- 
ples: 3.3 pct silicon, 2 pct nitrogen; and 11.7 pct 
silicon, 6.4 pct nitrogen showed very distinctly the 
existence of the so-called a Si,N,. If 8 SiN, is a 
stable, unique phase, it could not also exist during 
this experiment if an equilibrium condition was be- 
ing maintained in the solid state. 

Evidently, then, at temperatures near 900°C, the 
Fe-Si-N system forms a pseudo-binary equilibrium 
between the alpha iron solid solution and « SiLN,, 
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Table |. Nitrogen Equilibration Data 


Speci- Nitro- 
Tone Original Final 
No © ‘ ration res- Nitro- Nitro- Nitri 
Pet Si Deg C Previous History Time, Hr sure gen, Pct gen, Pct Suapiies Remarks 
555 0. 
44 800 Cold-rolled 29 760 0.0093 0.0026 Unstable Equilibrium pressure prob- 
ae ably well above atmospheric 
ressure 
24 777 0.0480 0.0531 Stable 
436 4 ane 24 770 0.0698 0.0560 Unstable 
541 24 760 0.0565 0.0547 Unstable 
500 1.9 800 anneal, rapid cool 48 200 0.0106 0.0058 Unstable Alloy in metastable condition 
553 64 203 0.0071 0.0036 Unstable 
B71 18 ee 24 220 0.052 0.046 Unstable 
-03 n le 
aoo Hot-rolled 700-800°C 24 600 0.026 0.020 Unstable 
393 33 Fes 24 700 0.0073 0.0261 Stable 
399 Se Bae 64 760 0.0056 0.0031 Unstable 
410 24 760 0.0089 0.0067 Unstable 
24 760 0.0044 0.0062 Stable 
400 760 0.0047 0.0054 Stable 
405 oe ns 503 0.0022 0.0048 Stable 
Ags a3 900 J 1000°C anneal, rapid cool 24 350 0.0092 0.0031 WHetaple Alloy in metastable condition 
24 65 0.0029 0.0039 Stable 
64 62 0.0187 0.0082 Unstable 
64 56 0.0046 0.0023 Unstable 
24 25 0.0070 0.009 Stable 
24 23 0.0142 0.0118 Unstable 
514 3.3 800 549 0238 0223 
stable 
avo Hot-rolled 800-900°C 40 575 0.049 0.050 stable 
24 600 0.028 0.034 Stable 
poe 24 774 0.0492 0.0253 Unstable 
24 389 0.290 0.0141 Unstable 
24 320 0.0432 0.0299 Unstable 
ie aa He 00°C anneal, rapid cool 24 752 0.0305 0.0335 Stable Alloy in metastable condition 
66 585 0.0132 0.0150 Stable 
24 565 0.012 0.011 Unstable 
24 376 0.042 0.011 Unstable 
493 5.9 800 502 0.038. 0.036 Unetable 
Hoterol ° Unstable 
504 5.9 800 led. 300°C 24 523 0.0075 0.026: Stable 
24 552 0.014 0.018 Stable 
ao i 0 24 179 0.0076 0.0058 Unstable 
eee Ae 800 Hot-rolled 800°C 24 258 0.0096 0.0079 Unstable 
11.7 avo | As arc-cast 65 100 0.207 0200 Unstable 
ath 800 24 150 0.214 0.265 Stable +40 mes 


This simple state of affairs does not persist down 
to room temperature, because extracted nitrides al- 
ways showed both a Si,N, and 6 Si,N, X-ray dif- 
fraction patterns on nitrides extracted from many 
samples were obtained through cooperation of Dr. 
R. E. Fryxell and associates at the Pittsfield plant 
of the author’s company. The method uses a non- 
electrolytic ammonium persulphate solution which 
oxidizes the iron, takes it into solution, and leaves 
the more chemically stable constituents such as the 
nitrides behind. Their x-ray data on several ni- 
trided and heat-treated alloys show that the pattern 
exhibited is that of the mixture a Si,N, and 6 Si,N,, 
and that the proportions are roughly 50 pct each. 
Nitrides were extracted from alloys which had ex- 
tended heat-treatments ranging from 700 to 900°C, 
and which were both furnace-cooled and water- 
quenched. The rate of cooling appeared to make no 
difference in the relative proportions of the two 
nitrides. There was no evidence that the amount of 


Si 


Fig. 1—Partial iso- 
thermal section of 
Fe-Si-N at 900°C. 
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the nitrides in the alloys had any effect on the 
nitride abundance ratio. Contrary to the suggestion 
put forward by Leak, Thomas, and Leak,* no evi- 
dence was found for any iron associated with the 
extracted nitrides, as determined by spectrographic 
examination of the residues. The identity of the 
two nitrides was established by comparison with 
x-ray powder pattern of the individual nitrides 
submitted by W. Forgeng.” The approximate pro- 
portion of these was established by a densitometer 
comparison of the extracted nitride pattern with 
various synthetic mixtures of the pure nitrides. 

The fact that both nitrides were found in the 
extractions evidently means that at lower tempera- 
tures the solid phases in the alloy are not in equi- 
librium. The phase rule requires the existence of 
only three phases, including the gas phase, in a 
three-component system, at a given temperature, 
except at a critical point. 

Two typical nitride microstructures are shown in 
Fig. 2 and 3. Fig. 2 shows a comparatively fine 
dispersion of nitride in a sample which had been 
treated for over 3% days at 700°C. Fig. 3 shows a 
comparatively coarse structure observed after many 
hours at 900°C where the typical hexagonal shapes 
and also elongated crystals are observed. The par- 
ticle size of the nitride at 700°C for short periods of 
time is quite small and in general is difficult to re- 
solve optically unless the sample is subsequently 
heat-treated at this temperature for an extended 
period as is the case in Fig. 2. Presumably, nitrid- 
ing at lower temperatures would result in nitrides 
which are yet smaller, since the higher the tempera- 
ture the coarser the particles, as would be antici- 
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pated. The larger particles very frequently showed 
well-marked interference bands, characteristic of 
transparent inclusions. 


Anomaly in the Alpha Solid Solution 


In Table II, the last column shows values for 
Py,*, which is proportional to silicon activity. This 
is readily shown by writing the reaction for forma- 
tion of Si,;N, as follows: 


Si+—N, = — SiN, [1] 
3 3 


Writing the mass-action equation and solving for 
a,; in terms of Py,”*, one obtains 


agi = k 


It can be seen by inspection of Table II, there is 
an anomaly in the nitrogen pressure as a function 
of temperature for the 1.9 pct silicon and 3.3 pct 
silicon alloys; that is, two quite different nitrogen 
pressures are observed for the same alloys, depend- 
ing upon their thermal and mechanical history. 
Note for example, that in the case of the 3.3 pct 
silicon alloy, at 800°C, either a critical pressure of 
575 mm or one of 64 mm was measured. This dual- 
ity in the equilibrium nitrogen pressure over the 
1.9 pct silicon or 3.3 pct silicon alloys was found to 
correspond to the following two states: 1) As rap- 
idly cooled from 1000°C or 2) cold-worked or hot- 
worked. When these two alloys were cooled rapidly 
from 1000°C, as in immersion in a water-cooled 
chamber with a hydrogen atmosphere, the corre- 
sponding nitrogen equilibrium pressure was low, 
equivalent to a high silicon activity. Conversely, 
the cold-worked or hot-worked samples invariably 
showed a high nitrogen pressure, corresponding to a 
low silicon activity. 

This interpretation naturally requires that the 
identity of the nitride phase remain the same in 
both conditions. There is practically no doubt that 
this is so, but the evidence is summed up later. 

When an alloy exhibits two equilibria, one cor- 
responding to a high solute activity, and one to a 
low solute activity, the high solute activity must 
correspond to a metastable equilibrium, while the 
low activity equilibrium must be that of the stable 
equilibrium. This is the reason for the terminology 
in column 2 of Table II. 

Fig. 4 shows an isothermal plot at 800°C of the 
function Py,” vs pet silicon, with two curved lines 
branching out from the origin, corresponding to the 
metastable and stable equilibria. These two a,,-pct 
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Fig. 3—3.3 pct silicon alloy with 0.258 pct No, held 24 hr 
at 900°C in 100 mm nitrogen. Etched in 5 pct picral; X1000. 


silicon plots can be regarded as Henry law plots, 
although clearly Henry’s law is not obeyed since 
the lines are not straight. 

It will be noted that between approximately 1 pct 
silicon and 5.5 pct silicon, the stable a,,-pct silicon 
(Px.**-pet Si) plot becomse horizontal. The two 
data on the dotted metastable curve drop down to 
the horizontal branch after the solid solution is ade- 
quately “stirred up” by either cold or hot work. This 
horizontal section corresponds to a composition re- 
gion of constant silicon activity, where apparently 
two phases of about 1 pct silicon and 5.5 pct silicon 
are in equilibrium with each other. The vertical 
arrow at the left signifies that an attempt at carry- 
ing out an equilibration with the 0.44 pct sili- 
con alloy failed, as anticipated, because the equilib- 
rium nitrogen pressure would have been too high, 
Table II. Hence the silicon activity was at some 
lower point, probably on the solid line correspond- 
ing to metastable equilibrium, and requiring about 
3.7 atm of nitrogen. 

The only reasonable explanation for the behavior 
shown in Fig. 4 is the existence of two solid solu- 
tions, one of which is ordered, and the other dis- 
ordered. That Fe-Si alloys have a superlattice based 
on Fe,Si has been known” for many years. Jette 
and Greiner™ and Farquhar,” et al, have both shown 
that superlattice lines in this system extend down 
to at least 6.7 pct silicon, but apparently no infor- 
mation has been available to show whether or not 
there is a two-phase region between concentrations 
in this region and regions lower in silicon, or 
whether the reaction is a second-order reaction with 
no intervening two-phase area. 

Glaser and Ivanick” in a recent paper suggest 
that a two-phase region may exist. In their Table I 
they give the critical temperature for disorder 


Table Il. Summary of All Critical P-T Data 


Critical Py,-2/8 
Pct Siin Alloy Temp, Nitrogen (For 800°C 
Alloy Condition Deg C Pressure, Mm Data) 
0.44 Stable 800 >760 0.012 
1.9 Stable 800 650 ~Doiss 
1.9 Metastable 800 260 0.0245 
1.9 Metastable 900 7174 
33 Stable 80e 575 0.0144 
3.3 Metastable 750 24 
3.3 Metastable 800 64 0.064 
33 Metastable 900 388 
ri Metastable 944 760 
dl Stable 800 575 0.01 
4.4 Stable 900 >760 is 
5.9 Stable 800 513 0.0155 
1.7 Stable 800 332 0.021 
ali Er Stable 800 125 0.0398 
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Fig. 4—Activity of silicon ys pct silicon in Fe at 800°C. 


vs atom pct silicon, and show for 10.9 atom 
pet silicon a temperature of 900°C. The 10.4 atom 
pet silicon alloy of this research is found to be 
ordered at 800°C, and hence the critical temperature 
for disorder must be above 800°C. To this extent the 
present results agree with Glaser and Ivanick. How- 
ever, it would appear that the gap between the 
“orderus” and “disorderus” curves must be larger 
than that indicated in their results for compositions 
low in silicon. 

If the interpretation of the existence of two 
phases as just indicated is correct, then the iso- 
thermal diagram, Fig. 1, showing the alpha 4+ Si,N, 
phase field must be modified to show the ordered 
and disordered phases. 

The postulated existence of a two-phase region of 
an ordered and a disordered solid solution must be 
regarded as tentative, and subject to verification 
by independent methods. However, this interpreta- 
tion seems consistent with all of the observations. 
Because of a reluctance for the disordered solution 
to become ordered in the region around 1-3 pct 
silicon, a disordered alloy can be seemingly quite 
stable. Rather severe “stirring-up” of the structure 
by mechanical work seems necessary to allow the 
silicon atoms to sit down in stable positions. With 
higher silicon contents around 4.4 pct and above, 
there is apparently enough driving force for order 
so that ordering occurs spontaneously from thermal 
activation alone. 

Nitrogen Pressures Over Metastable 3.3 Pct Sili- 
con Alloy—As shown in Table II, nitrogen pressures 
were obtained at four different temperatures for the 
metastable 3.3 pct silicon alloy. These results are 
plotted as log pressure nitrogen vs 1/T in Fig. 5, 
and yield a straight line. The fact that the line 
is linear, seems good evidence that in this alloy and 
over this temperature range, a single equilibrium is 
involved, with one nitride in the solid. The high- 
temperature x-ray evidence referred to previously 
showed that in two alloys of widely different silicon 
and nitrogen content only a Si,N, was present. Fi- 
nally, it does not seem reasonable that the silicon 
nitride forming during the nitriding step would 
change from aSi,N, to 8 Si;sN, depending upon the 
amount of prior cold work in the alloy. These con- 
siderations appear to require the interpretation that 
the changes in nitrogen pressure are due to changes 
in the solid solution rather than in the nitride phase. 
If this is accepted, then it seems necessary to con- 
clude that all of the experiments, including the 
data in Fig. 5, refer to an equilibrium involving only 
one nitride; a Si,;N, How £Si,N. makes its appear- 
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ance in alloys cooled to room temperature is not 
clear at this writing, and falls outside the scope of 
this investigation. 

If one takes the slope of the curve in Fig. 5, it 
turns out to be —9740°K. A relative partial molal 
heat of solution of silicon in iron can be calculated 
as shown in the next section. 


Thermodynamic Calculations 
Relative Partial Molal Enthalpy of Silicon for 3.3 
Pct Si Metastable Alloy—In the reaction studied, 
Si,N, = 3 si (in iron) + 2 N, (gas), the equilibrium 
constant K may be written 


[2] 
then 
—AF° = RT ln (a,,° - Py.”) for equilibrium [3] 
AF° — AH® 
= [4] 
oT 
if si 0 it s ‘Ay: 
oT oT RT 
and 
0 i 2 
d1n IPs Nn FN [6] 
oT 1 ) 
T 
measured in this work. 
Differentiating Equation [3] 
AF° — AH® 
— = Pye 
T 
0 In Pre | 
[ets —2 
2 
Since 
AF° 
= —R Ina,,’ Py,” 
this can be eliminated from Equation [7]. Then 
simplifying 
il In Py. 
as 
( 


Since both quantities on the right are experi- 
mentally observed to be constant, we can conclude 


that H., — H.,° is also constant. 
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Hincke and Brantley*® show AH° = 176,000 cal/mol 
for Si,N,, and experimentally 


0 In Pys 


1 


H,, — H,,° or AH = —29,100 cal/g atom silicon 
= partial molal enthalpy of silicon 
in solution, where the activity of 
silicon has a standard state such 
that a,,; = 1 for pure solid silicon. 


Estimate of the Activity of Silicon in Iron—By 
taking the (extrapolated) nitrogen pressure-tem- 
perature data of Hincke and Brantley, and compar- 
ing them with the data for the silicon-iron alloys, 
one can arrive at an activity for silicon in iron. 
This has been done for the 3.3 pct silicon metastable 
alloy at 900°C. These conditions were chosen be- 
cause the 3.3 pct silicon alloy is the one for which 
most data are available, and a temperature of 900°C 
is not far from much commercial heat-treating prac- 


tice for this alloy. Finally, data for the metastable. 


alloy make possible a comparison with some liquid 
iron-silicon alloy data of J. Chipman.” 
Rewriting Equation [1] 


2 1 
Si + —N, = — 
3 3 

1 


asi 


Since a similar reaction can be written for the 

nitriding of pure silicon, an equilibrium constant 
for this reaction would be simply 


K= 


since the activity of pure silicon is taken as unity. 
With the same standard state used for silicon dis- 
solved in iron and for pure silicon, the free energies 
of the two nitriding reactions are the same and 
hence the equilibrium constants are equal. Solving 
for a,;, one obtains 


Px, 
( ) 
Px, 


According to Hincke and Brantley, the (extrapo- 
lated) dissociation pressure of Si,N, at 900°C is 1.35 
x 10° atm. Substituting the numbers in the fore- 
going expression for the silicon activity we obtain 
a.; = 9 x 10° at 900°C, where the standard state is 
that of pure solid silicon. 

An independent estimate of the silicon activity 
can be made from data of J. Chipman” et al, on 
liquid Fe-Si alloys. These data yield an activity of 
about 7 x 10° at 900°C instead of 9 x 10° given 
previously (see Appendix). This agreement is bet- 
ter than one might expect. This is particularly true 
when one considers the long extrapolation made in 
the activity derived from nitrogen equilibrium, and 
the probably high cumulative errors introduced in 
the value derived from Fe-Si liquid data. It should 
be noted that in both cases where the activity of 
silicon is derived, the solid solution is in the “dis- 
ordered” condition. In the nitrogen equilibration 
case, the nitrogen pressure from the metastable 
equilibrium curve was chosen, and in the case of 
the derivation from liquid Fe-Si, the solid solution 
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was disordered because of extrapolation downward 
from high temperatures. 

One can calculate the change in partial molal free 
energy of silicon in the “ordered” and “disordered 
states by using the activity values obtained from the 
expression given in the foregoing. In this way the 
difference in partial molal free energy between the 
“ordered” and “disordered” solutions at 800°C for 
3.3 pct silicon is found to be —3860 eal/mol: i.e; 


F, — Fy = —3860 cal/mol. 


Summary and Conclusions 

While there is still some doubt about the nature 
of the two forms of Si,N, observed in this work and 
elsewhere," there seems to be good evidence for 
believing that a nitride of only one stoichiometry 
exists in silicon iron. From x-ray diffraction data, 
and from thermodynamic considerations, it appears 
that only the so-called alpha form exists under 
equilibrium conditions at temperatures between 700 
and 950°C in silicon iron. The nitrogen-pressure data 
allowed the calculation of an approximate activity 
of silicon in solid solution. This activity is in good 
agreement with an extrapolated value derived from 
some data of J. Chipman on liquid Fe-Si alloys. 

There is evidence from the nitrogen equilibria 
that there may be two phases in the low silicon- 
concentration region, hitherto considered to be 
homogeneous alpha-solid solution. At 800°C one 
phase, a disordered-solid solution, exists up to some- 
what over 1 pct silicon, while an ordered solid solu- 
tion based on Fe,Si exists down to about 5.5 pct 
silicon. Between these two limits both phases are 
present. Diffuse scattering x-ray measurements of 
alloys in the so-called two-phase region are cur- 
rently being made by Lester Guttman of this lab- 
oratory. 
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Appendix 
Derivation of Activity of Silicon from Liquid Fe- 
Si Data—According to the Fe-Si phase diagram, a 
3.3 pet Si solid alloy is in equilibrium with a liquid 
alloy containing 4.8 pct Si at 1460°C. 
In the following abbreviated derivation, the fol- 
lowing symbols are used: 


Sli) | = pure solid silicon 
Sia = pure liquid silicon 
Slain = silicon dissolved in liquid iron at infinite 


dilution, where a/N = 1 when N=0 
Shia.so = silicon dissolved in liquid iron at 4.8 pet 
concentration 
Sl.«.%/ = silicon dissolved in solid iron at 3.3 pet 
concentration 
AF,, =partial molal free energy of silicon dis- 
solved in solid iron 
= activity of silicon (a= 1 for pure solid 
silicon) 
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As will be noted, during the adding up of the 
various processes, the standard state for silicon is 
changed to that of pure solid silicon 


(1) Siw) = at 1460°C AF, = —290 cal/mol 
(2) Sia = Sia at 1460°C AF, = —28,000 + 
5.54 T 
= —18,400 
cal/mol 
(see ref. 16) 
(3) Slain= Shia.sj at 1460°C AF; Ss RT In 0.0918 
(where N,; 
= 0.0918) 
= —8250cal/mol 
(4) = at 1460°C AF, = 0 
Adding (1) through (4) 
Sig; at 1460°C AF, = —27,000 
cal/mol 
Since = RT In ag; 
log a,, = — zie 3.42 


whence the activity of silicon in solid solution at 
1460°C(1733°K) = 3.80 x 10+, in which the standard 
state is pure solid silicon. 

On integrating Equation [5] we obtain 


where a, and a, are, respectively, the silicon activi- 
ties at the temperature T, = 1460°C or 1733°K, and 
1173°K 

Substituting the numbers in the foregoing equa- 
tion, a, at 900°C = 6.75 x 10° or approximately 7 
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Gas Desorption of Copper Powders 


by J. C. Tobin and M. J. Sinnott 


A technique for collecting and analyzing the small quantities of gases desorbed on 
heating metal powders has been developed. The gases collected from copper powders 
of various types of manufacture have been analyzed and found to contain H.O, CO., and 
SO,. The quantities of gas evolved vary from 0.05 to 1.0 milliliter, under standard con- 
ditons of temperature and pressure, per gram of powder. The source of the gas has been 


traced to surface films on the powder. 


N the powder-metal industry it is recognized that 

the presence of gases in the powders affects the 
processing and resulting properties of the sintered 
product. Several sources for these gases are possible; 
namely, chemical reactions with the sintering at- 
mospheres, inclusion of gases during compacting, 
dissolved gases in the metal powder, and sorbed 
gases on the metal-powder surfaces."** Since the 
quantities of the gases are relatively small, no direct 
attempt has been made to collect and analyze them 
nor to isolate their source. The work that has been 
done has been concerned with the dimensional sta- 
bility of the product, its porosity, density, or me- 
chanical and physical properties. Conclusions are 
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drawn on the basis of studies of this type as to the 
probable effect of gases on these properties.*”® 

In the present investigation an attempt has been 
made to obtain quantitative data on the analysis and 
quantities of gases associated with copper powders 
manufactured in different ways. Apparatus was con- 
structed to collect gases evolved from loosely packed 
powder samples on heating to various temperatures 
under a reduced pressure of helium. The powders 
were outgassed thoroughly in a vacuum prior to 
starting the collection operation in order to eliminate 
mechanically entrapped gases and to prevent the 
possible reaction of the powder with these gases. 


Experimental Procedures 


Materials—The major portion of the investigation 
was carried out on a single heat of water-atomized, 
oxygen-free, high-conductivity copper. A relatively 
coarse fraction of this powder, 20 to 100 mesh, was 
tested as a mixed powder and as various graded size 
fractions. The microstructure of this powder showed 
equiaxed grains and was clean and free from oxides 
and oxide eutectic. The particle size, as determined 
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Table |. Particle Size of Water-Atomized Powders 


Surface Area,* 


Mesh Fraction Average Diam, Cm Sq Cm 
—20 0.144 46.7 
—20 —48 0.068 98.8 
—48 —65 0.030 224.0 
—65 —100 0.022 305.0 


* 10-gram sample. 


metallographically and the apparent area of the 
powder, as calculated from the size measurements 
are given in Table I for the various mesh fractions 
that were tested. This powder was dark in appear- 
ance with some of the particles severely tarnished 
while others were tarnish-free. The smaller mesh 
fractions were spherical in shape while the larger 
mesh fractions were of irregular shape. 

Three different air-atomized copper powders were 
investigated. All of these were of a small size and 
varied from 15 to 230 microns in diameter. The 
microstructures of all of these powders were iden- 
tical and contained large quantities of oxide eutectic, 
in some cases as much as 50 pct. The three powders 
varied in appearance from a light red through a 
rusty brown color to a practically black color. 

Two electrolytic powders were tested. One was a 
powder of recent manufacture of average particle 
size of 3 microns, and the other was a powder that 
had been stored in the laboratory for a period of 
over 10 years and had an average particle size of 5 
microns. These powders showed a typical dendritic 
or fern-like structure. 

A typical reagent-grade copper powder such as 
supplied by chemical companies was tested also. Its 
average particle size was 13 microns and a micro- 
structural examination showed that it was the same 
as the air-atomized powder and probably had been 
made by this process. 

Gas-Collection Apparatus—The  gas-collection 
system finally evolved after considerable experimen- 
tation is shown in Fig. 1. The unit was constructed 
of Pyrex glass except for the powder-specimen tube 
which was fabricated of Vycor. All stopcocks were of 
the high-vacuum type lubricated with Apiezon N 
grease. The vacuum system consisted of an oil- 
diffusion pump backed by a duo-seal mechanical 
pump. A liquid-nitrogen trap was used between the 
diffusion pump and the gas-collection manifold. In 
operation, the pumping system was used to remove 
gaseous products of previous tests and gases intro- 
duced with the copper powder. Vacuums of below 
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Fig. 1—Gas-collection system. 
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10° mm of mercury were attainable in the manifold 
of the system. A McLeod gage was used for pressure 
measurements on the system and was connected to 
the system between the liquid-nitrogen trap and the 
manifold. 

The apparatus is divided into two manifold sys- 
tems, a measuring manifold of calibrated volume, 
and a sampling manifold. The measuring manifold 
was maintained automatically at constant pressure 
during outgassing by using a servomechanism to 
control the mercury level in the burette. In the data 
being reported, a pressure of 20 mm of mercury was 
obtained at the start of a test in the system by in- 
troducing purified helium to it. 

In making a determination, the copper powder, a 
10-gram sample, was placed in the side arm of the 
specimen tube; the system was outgassed for 24 hr, 
after which the powder was introduced into the 
heated portion of the specimen chamber by rotating 
the specimen chamber about its connecting taper. 
The heated portion of the specimen chamber must 
be of such a construction, bulbous in this case, that 
the copper powder does not pack to any great height. 
It was found that if this occurs sintering causes much 
of the gas to be entrapped in the compact. 

The measuring manifold was calibrated as a func- 
tion of temperature of the specimen tube in order to 
determine the total amount of gas evolved from the 
powder during outgassing. 

Gas Analysis—The gas samples collected in the 
foregoing apparatus generally contained less than 
30 ml of gas at a pressure of about 10 ml of mercury, 
so an extremely sensitive method of analysis had to 
be used. For this purpose a Consolidated Engineer- 
ing Corporation Analytical Mass Spectrometer, Mod- 
el 21-103B, was used. Constant rechecking using 
standard samples and replication of test samples in- 
sured the correct operation of all of the equipment 
during the extensive experimental portion of the 
program. Needless to say, the extremely high accu- 
racy of this analytical tool easily detects any mal- 
functioning in the gas-collecting apparatus. In gen- 
eral, the accuracy of the techniques used is such 
that the analyses are correct to within better than 
+5 pct of the quantity of each gas component in a 
given sample. 

From the gas analyses and the volumes of evolved 
gases, the volume of the individual gases and their 
partial pressures were calculated readily. 

Test Procedures—Samples of each powder were 
subjected to two different outgassing procedures. In 
the first, the quantity and analysis of the evolved 
gas was determined as a function of temperature 
by heating successively a sample to 400, 600, 800, 
1100 and 1400 F under a helium atmosphere at a 
pressure of 20 ml, and withdrawing gas samples at 
each temperature for analysis after gas evolution had 
ceased. The second technique was used to determine 
the total quantity of gas present on the powder. In 
this procedure the total gas evolved on rapid heating 
to 1400 F, the maximum attainable in the equipment, 
was condensed in a liquid-nitrogen trap. The use of 
the two techniques was found to be necessary since 
the gases on evolution, when remaining in contact 
with the hot powder, reacted with it to form other 
gases. The use of the second technique prevented 
these reactions from occurring. 


Experimental Results 


Typical data for the volume of gas evolved as a 
function of temperature are shown in Figs. 2 and 3 
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for 10 gram samples of powder. The data in Fig. 2 are 
for the mixed-particle-size water-atomized powder. 
Fig. 3 gives data for the gases evolved from air- 
atomized and electrolytic powders, respectively. 

Total gas volumes and their compositions, the data 
obtained by the second technique of gas collection, 
are given in Table II. 


Discussion of Results 

The gas evolution at constant temperature is such 
that evolution is essentially complete in 1% hr; for 
this reason the gas samples were collected over 1 hr 
periods. The gas evolution was not an immediately 
reversible process in that subsequent cooling did 
not cause any measurable readsorption. Subsequent 
reheating to temperatures below the maximum pre- 
viously attained did not result in further gas evolu- 
tion. Gas evolved below 200-300 F was generally 
negligible in quantity. 

The major components of the gases collected were 
H.O, and CO,. SO, is present in only trace but real 
and measurable quantities. The hydrogen that was 
detected over the water-atomized powders is 
not evolved from the copper powder but is produced 
when water vapor is held in contact with the hot 
powder. This was proven by two different procedures. 
In the first, the gases were condensed in a liquid- 
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Table Il. Total Volumes of Gas Evolved on Heating 10-Gram 
Samples to 1400 F 


Powder Volume, Ml at STP 
Powder Type Size, Cm CO2 
Water 0.144 0.55 0.14 0.007 
Water VA 0.068 0.85 0.16 0.017 
Water atomized) 0.030 1.10 0.26 0.024 
Water-atomized: 0.022 0.30 0.030 
Water atomized, cleaned .............. 0.144 0.15 0.036 0.0 
Water atomized, cleaned .............. 0.068 0.40 0.054 0.0 
Water atomized, cleaned .............. 0.030 0.44 0.068 0.0 
Airvatomized, 0.0015 0.43 0.40 0.182 
Air atomized, No. 2 .. 0.0017 1.57 0.70 0.110 
Air atomized, No. 3 0.023 0.17 0.20 0.046 
Electrolytic, new ... 0.0003 5.24 1.34 0.084 
Electrolytic, old ... 0.005 4.44 1.85 0.930 
Reagent grade 0.0013 1.19 0.41 0.073 


nitrogen trap as fast as they were evolved. In this 
case no hydrogen was found on the subsequent an- 
alysis of the gas. The second method used was the 
heating of outgassed copper in a closed system with 
helium and water vapor present. Analysis of these 
gases showed the presence of hydrogen. A similar 
treatment with no copper powder present showed 
that no hydrogen had been formed thus eliminating 
interaction with the system components as possible 
sources of the hydrogen. 

From the cumulative-analysis plots, it will be 
noted that in some cases the quantity of water va- 
por over the copper powder decreases at the ele- 
vated temperatures. In the case of the water-atom- 
ized powders, H; appears in the gas analysis at this 
same temperature, indicating that the source is from 
the H,O. The oxygen formed on the dissociation of 
the water is believed to be absorbed into the copper 
powder since no trace is found in the gas samples. 

The SO. analyses show in many cases the same 
reversal in volume noted in the H.O analysis. Here 
again, it is believed to be due to a reaction with the 
copper powder causing dissociation and subsequent 
solutioning of the sulfur and oxygen into the copper. 

The appearance of most of the powders was mark- 
edly changed on outgassing. All of the darker pow- 
ders were appreciably brighter after testing, indicat- 
ing that the gas desorption was from the surface 
layers. X-ray and electron-diffraction studies made 
on the powder surfaces gave negative results. In 
using the X-rays the film thickness was either too 
thin to cause diffraction or was noncrystalline, while 
with electron diffraction the small particle size 
caused the particle to become charged in the elec- 
tron beam and prevented analysis. The irreversible 
nature of the gas evolution is probably due to these 
surface changes. It is believed that the gases are 
associated with the surface films which bcome de- 
pleted of gas during the desorption operation and do 
not subsequently readsorb when the temperature is 
lowered. Chemical treatment of these surfaces led to 


Table Ill. Heats of Decomposition of CO2 Compounds 
Calculated from Partial Pressure Data 


Particle AH 


Powder Type Size, Cm Cal/Gm-Mole 


Water atomized, cleaned . < 0.068 5090 
Air atomized, No. 1 .... 0.0015 6250 
Air atomized, No. 2 0.0017 2920 
Air atomized, No. 3 0.023 5970 
Electrolytic, new .... 0.0003 4910 
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the belief that they were predominantly copper 
oxides. 


Water-Atomized Powders—All of these powders 
showed a reversal of the H.O content in the cumula- 
tive-analysis plots of the gases evolved and the sub- 
sequent formation of H.,. It is believed that the oxy- 
gen is dissolved into the copper powder since it does 
not appear in the gas analysis. This is a reasonable 
deduction since these powders were relatively free 
of any oxide and the amount that would have to be 
dissolved is of the order of 10° weight pct, a value 
close to the solubility limits of oxygen in copper.’ No 
microstructural evidence was found for the presence 
of copper oxide after outgassing and there was no 
alteration of the structure other than recrystalliza- 
tion resulting from the outgassing procedure. In 
some cases the volume of H, produced is less than the 
volume of the H:O contraction. In these cases the 
excess H, is believed to have been absorbed into 
the copper. The plot of the logarithm of the par- 
tial pressure of the water vapor over the reciprocal 
of the absolute temperature was not linear as shown 
in Fig. 4, indicating that a further reaction other 
than simple desorption was occurring. 

A plot of the partial pressure of the CO, versus 
1/T does yield a linear plot as shown in Fig. 4. This 
indicates that the CO, is chemically bonded to the 
surface since if it were physically adsorbed the heat 
of desorption, the slope of the line on this plot, would 
not be constant. The magnitude of these heats of de- 
composition for the various powders are given in 
Table III. These values are lower than would be ex- 
pected if these surface compounds were of the usual 
stoichiometric type as CuCO,. This is an indication 
that the surface compounds are intermediate be- 
tween true ionic compounds and simply physically 
adsorbed layers of gas. 

In order to verify that the gas desorption was en- 
tirely a surface phenomenon, the as-received pow- 
der was cleaned in NH,OH, washed thoroughly, then 
dried, and the gas desorption was measured. The 
amounts remaining are believed to be due to 
pick-up of these gases after cleaning or their in- 
complete removal on cleaning. To determine whether 
there was a return of gas to the surface, samples of 
the cleaned powder were exposed to the atmosphere 
for various time periods prior to outgassing. These 
tests showed that no appreciable pick-up occurred. 
The powders remained bright and free of tarnish for 
periods of up to 6 months. On the other hand, 
powders cleaned with HNO, showed a marked de- 
crease in gas content on cleaning but an extremely 
rapid subsequent gas pick-up on standing for a short 
time period. This indicates that the surface activity 
produced by the two treatments was markedly dif- 
ferent. 
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Since the foregoing experiments indicated the 
surface origin of the gas, the mixed water-atomized 
powder was screened into four mesh fractions and 
the various fractions analyzed. As would be ex- 
pected, if the surface were the controlling factor, 
the total quantity of evolved gas is a function of 
the particle size. This is shown in Table II. A linear 
relationship between the quantity of gas evolved 
and the calculated area based on diameter meas- 
urements of the powders was not obtained, although 
a general increase in volume was noted with in- 
creasing sample area. This is not too surprising 
since the calculated surface area of a solid and its 
true area are never the same.° 

An attempt was made at measuring the true sur- 
face area of the various powder fractions using 
stearic-acid adsorption from a methyl-alcohol solu- 
tion but this was unsuccessful owing to chemical re- 
action between the powders and the solutions. The 
BET method of measurement of surface area was 
not tried because of the porous nature of the powder 
surface films before outgassing. Definite changes 1n 
surface areas during outgassing, as evidenced by 
coalescence and color changes, made the application 
of this method to the various powders of doubtful 
value. 

Air-Atomized Powders—These powders, since 
they were from different sources, gave mixed re- 
sults in details but confirmed the observations made 
on the water-atomized powders; H.O, CO., and SO, 
are evolved on heating. There was a reversal in the 
H.O content of the gases over the powders at ele- 
vated temperatures but no hydrogen appeared in 
the evolved gas, indicating an absorption in the cop- 
per powder. The quantities of gas evolved varied 
considerably in these powders with the least quan- 
tity of gas being obtained from a heavily oxidized 
coarse fraction sample. The H.O/CO, ratios in the 
evolved gases were different from those obtained on 
the water-atomized powders, and the heats of de- 
composition computed from the partial pressure 
data of the CO. were greater than the values ob- 
tained from the water-atomized powder. This was 
taken as an indication of a different type of surface- 
compound formation. The SO, content of the gases 
over these powders did not show the reversal noted 
in the water-atomized powders. 

The similarity of analyses of the gases collected 
from the reagent grade powder, Table II, is a fur- 
ther indication that this was also an air atomized 
product. 

Electrolytic Powders—Very large quantities of 
gases were evolved from these powders. This is un- 
doubtedly due to their very large surface areas. 
in composition, they were the same as those col- 
lected from the other powders. The H,O/CO, ratios 
were quite similar to those obtained from the wa- 
ter-atomized products. No reversal in H,O and SO, 
content of the gases over the powder was noted. 

The elecrolytic powder that had been in storage 
for a number of years yielded abnormally high SO, 
analyses, indicating the SO, is adsorbed over very 
long time periods from the atmosphere. 


Conclusions 


The gases desorbed from copper powders on heat- 
ing have their origin in surface compounds on the 
copper powder. These compounds are formed either 
in the manufacturing process or in the period sub- 
sequent to their manufacture. ; 
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From the analysis of these gases, primarily H.O, 
CO, and a trace of SO,, it is believed that the sur- 
face compounds are of the type 


CuO - (H.O), ete. 


The surface compounds which are formed are not 
the same for all types of powders but are specific to 
the method of manufacture and subsequent storage 
and treatment. 

The gases which have been shown to be evolved 
on heating these copper powders are present in suf- 
ficient quantity to cause pressures of several atmos- 
pheres in a compact of 95 pet theoretical density at 
1400 F. Many of the known difficulties encountered 
In sintering, such as bursting, expansion, and resid- 
ual porosity, might well be explained by the late 
of these gases during the sintering opera- 

ion. 
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NUCLEATION SOLID-STATE 
TRANSFORMATIONS 


by Morris Cohen 


HERE seems to be a natural urge for the human 

mind to wonder about the beginning of things. 
When an explosion occurs, we immediately inquire 
“what set it off?” If a person contracts a disease, 
we are likely to ask “how did it happen?” Ona 
much loftier plane, when we reflect about the uni- 
verse, there is the inevitable question “‘what, or 
rather Who, started it all?” In principle, these 
varied queries have at least one attribute in com- 
mon: they are attempts, whether earnest or casual, 
to search out the origin of events in nature. Ac- 
cordingly, they involve not only scientific, but phil- 
osophical and even religious matters of deep con- 
cern. It is evident that, in a broad sense, the phe- 
nomenon of nucleation is enmeshed in this enticing 
concept of “the beginning’, but we must extract the 
scientific component of the problem for our present 
purposes. 

Nucleation, as in the case of phase transforma- 
tions, is best regarded from the standpoint of ki- 
netics. There are then two main steps, which may 
come in either order: (a) Experimentally, one at- 
tempts to measure the frequency with which trans- 
formation centers spring into existence; and (b) 
theoretically, one seeks a model that will account 
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for this observed birth-rate. Temperature, compo- 
sition, strain, and prior history are some of the 
important variables that must be considered both 
experimentally and theoretically when dealing with 
nucleation in the solid state. Such interaction of 
theory and observation is an integral part of science 
in general, but it is particularly significant in the 
nucleation problem because the very beginning of a 
phenomenon invariably occurs on too localized a 
scale in both space and time to be detected with 
available techniques. Thus, there is little hope of 
making direct measurements on the nucleus during 
its birth or to ascertain the exact nature of the 
process; one can only infer the details of nucleation 
from the model whose predicted behavior seems to 
harmonize best with the measured rate of nuclea- 
tion and its dependence on known parameters. 

In the field of solid-state nucleation, both theory 
and experiment call for much ingenuity, but some- 
how the conceptual schemes have spawned faster 
than they can be tested by observation. This is not 
to say that there are many basically new ideas in 
modern nucleation theory; rather, as we shall see, 
it is because the required fine-scale measurements 
are of immense technical difficulty. Quite likely, 
some of the nucleation models existent today have 
survived only because of the latitude permitted by 
meager data. There is great need to bring theory 
and experiment into better balance in this impor- 
tant area of physical metallurgy. Although one can 
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hardly aspire to meet such a challenge in a single 
lecture, it would serve a useful purpose if only the 
present state of affairs were clarified and the exist- 
ing issues sharply drawn. 

The 1957 Institute of Metals Lecture is dedicated 
to that task. 
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Operational Concept of Nucleation 

Nucleation is often defined in comparison with 
the related process of growth.”* The initiation of a 
transformation at discrete sites in the parent phase 
is called nucleation, while the subsequent advance 
of the transformation product at the expense of the 
parent phase is regarded as growth. In order for a 
transformation center to grow spontaneously, it 
must exceed a critical size; smaller sizes tend to dis- 
appear. If one can plot the number (N) of trans- 
formation centers per unit volume of alloy as a 
function of time at constant temperature, the slope 
of the curve at any point gives the frequency of 
nucleation referred to a unit volume of the com- 
posite system. It is customary to divide this quan- 
tity (dN/dt) by the volume fraction (wu) of the 
untransformed phase, since nucleation can only 
take place in the unreacted portion of the system. 
Thus, the rate of nucleation is 


CLIN 
N = — - ——nuclei per sec - cucm 
U dt 
of untransformed phase [1] 


The measurement of N presents an awkward ex- 
perimental problem because, in an opaque system, 
the number of transformed regions in three-dimen- 
sional space can only be computed from two- 
dimensional observations on random cross sections. 
Scheil® and Schwartz‘ have devised analytical pro- 
cedures for this determination, but although simpli- 
fying assumptions are introduced—namely, that the 
nucleation is random, and that the transformation 
centers grow as spheres without impingement—the 
method is laborious and fraught with huge errors. 
Moreover, because the two-dimensional patches of 
the transformed regions, as revealed metallographi- 
cally, must not only be counted but measured for 
size in order to perform the calculation of N, the 
method is only feasible when the transformation 
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product emerges as relatively large, microscopically 
visible units, as in eutectoid decomposition’ and dis- 
continuous precipitation.*” In these cases two phases 
grow out simultaneously in lamellar fashion, and 
the aggregate is clearly delineated against the re- 
treating matrix phase. This is in contrast to ordinary 
precipitation wherein the particles are too finely 
dispersed to allow a satisfactory determination of 
their number, let alone their size distribution, ona 
polished section. Even in the eutectoid and discon- 
tinuous precipitation processes, there is uncertainty 
in the physical significance of the nucleation rate 
that is finally derived because the two advancing 
phases in the transformation product are probably 
not borne in precisely the same instant, and the 
primary nucleation event may not be reflected faith- 
fully by later measurements on the aggregate. 
Yet there are even more fundamental difficulties. 
An observed nucleation frequency is not a measure 
of the rate at which transformation centers are born, 
but the rate at which these centers become visible 
to the detection method being employed Hence, the 
frequency of nucleation, defined operationally in 
this way, is not divorced from the growth kinetics; 
it contains arbitrary experimental elements which 
must be carefully specified. Knowledge concerning 
such a nucleation rate and its dependence upon met- 
allurgical factors may be quite useful, along with 
the growth rate, in describing the course of an iso- 
thermal reaction as a function of time,”® but it is not 
certain to be identifiable with the theoretical nuclea- 
tion rate corresponding to the model being tested. 
To circumvent this dilemma, one might measure 
the growth kinetics for a large number of trans- 
forming regions in a unit volume of alloy, and 
extrapolate each size/time curve back to zero size.’ 
The intercepts on the time axis will then give the 
number of transformation centers (N) initiated as 
a function of time, and the nucleation rate is ob- 
tained from Eq. [1]. However, even here, there are 
tricky obstacles. In the first place, no practical 
method is at hand for charting the growth of in- 
dividual transformation centers suspended in an 
opaque three-dimensional matrix.* Secondly, the 


*It is well known that the growth rate can be ascertained by 
reacting a series of specimens for different times, and determining 
the radius of the largest transformed patch (rmax) found in a ran- 
dom polished section through each specimen. In each case, the 
maximum patch is considered to an equatorial section through the 
largest transformed region in the specimen, and the observed in- 
crease in Tmax vs time is tantamount to following the growth of the 
very first transformation center. However, the method does not 
allow successive measurements on individual transformation centers 
during the course of the reaction. 


extrapolation to zero size is not straightforward. 
For simple precipitation involving a composition 
change, Zener* has shown the parabolic relationship: 


r~D(2—*) saem [2] 


where r is the radius of a spherical particle, D is 
the diffusion coefficient, x is the composition of the 
parent phase (supersaturated solid solution), 8 is 
the composition of the precipitate, a is the equilib- 
rium composition of the solid solution that coexists 
with the 8 precipitate, t is the time, and t, is the 
incubation time for the beginning of growth. It 
would appear that t, could be evaluated from the 
time-intercept of an r vs t plot, as indicated in Fig. 
1A; but for very small particles ranging down to 
the critical nucleus size (r-), the equilibrium com- 
position a becomes sensitive to the 8 particle size. 
In fact, as r>r., then a> x, and the growth rate 
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Fig. 1A—Growth of a spherical precipitate as a function of 
time. ti is the apparent time for the beginning of growth, 
whereas the growth should commence when the critical size 
(r.) is exceeded. Fig. 1B—Growth rate of spherical precipi- 
tate as a function of time. The growth rate is zero at the 
beginning of growth. 


becomes zero; that is, the solid solution of composi- 
tion x is just saturated with respect to 8 particles 
of the critical nucleus size. Thus, as illustrated in 
Fig. 1A and 1B, the time-intercept t, does not strict- 
ly measure the time to form a nucleus and initiate 
the growth process. 

A similar uncertainty prevails when the growth 
rate is nominally constant which is usually the case 
if no long-range composition change attends the 
transformation, as in the eutectoid decomposition 
and discontinuous precipitation previously men- 
tioned. But in the initial nucleation event, the for- 
mation of one phase just ahead of the other in- 
volves a composition change, and the extrapolation 
of the aggregate size back to zero does not fix the 
time at which the first particle achieves its critical 
nucleus size. 

Consequently, while solid-state nucleation meas- 
urements may furnish interesting and even impor- 
tant numbers to work with, they must be viewed 
primarily as phenomenological parameters. The 
predicament is similar to that of an airplane pilot 
who flies high over a dense forest and notes that 
fires are erupting here and there, with each one 
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spreading out to convert the foliage into scorched 
patches. He is able to measure an operational nu- 
cleation frequency, which can be checked quite 
objectively by another pilot who uses the same 
instruments of observation and same rules of the 
game. But what can the pilot deduce concerning 
the nucleation event itself? Is is when a single tree 
catches fire, or a branch, or a twig—none of which 
can actually be resolved from his level of observa- 
tion? 

In this analogy, the pilot may have set the fires 
himself by spraying the forest with incendiary 
bombs. If so, what then is the nucleation event: 
the impact of the bombs? the triggering of the 
bomb release? the mental impulse of the pilot? etc. 
etc. etc. ... There seems to be no obvious fountain- 
head in such back-tracking, perhaps until we con- 
template the primary act of Creation itself. Here, 
at last, we surely discern the most elegant example 
of Nucleation of all. 


Theoretical Concept of Nucleation 

There is a schism between the operational and 
theoretical meanings of nucleation. In the theoreti- 
cal concept, nucleation is associated with an activat- 
ed event; the system must mount a free energy 
barrier before the transformation product can grow 
spontaneously with a decrease in free energy. Al- 
though the chemical free energy decreases pro- 
gressively as soon as the reaction starts, because 
the transformation product is more stable (in the 
bulk form) than the parent phase, the overall free 
energy is postulated to pass through a maximum 
due to intermediate states which the system must 
traverse in the nucleation process. The most com- 
mon viewpoint is that the transformation product 
has a fairly definite composition and structure, and 
grows through a succession of sizes”” to attain the 
status of a nucleated particle. In this case, the inter- 
facial free energy provides the barrier. Alterna- 
tively, the nucleation may be construed to occur in 
rather definite volumes, and pass through a succes- 
sion of compositional” or structural” changes which 
also involve a free energy barrier along the way. 
Obviously, these three possibilities are not mutually 
exclusive, and may operate concomitantly to pro- 
duce the lowest barrier in the reaction-path be- 
tween the initial and final states. 

For ease of discussion, it is convenient to regard 
size as the predominant parameter, recognizing that 
the arguments can be generalized if necessary. On 
this basis, classical nucleation theory attempts to 
express the frequency with which localized regions 
in the system can jump the barrier and become 
supercritical in size, thereby leading to a decrease 
in free energy with further growth. 

This classical treatment was formally developed 
by Volmer and Weber’ and by Becker and Doring” 
for the nucleation of droplets in a supersaturated 
vapor, and the general ideas have been applied to 
solid-state problems. In Fig. 2A, the overall change 
in free energy (AW) of a system is plotted as a 
function of the size of a single particle of transfor- 
mation product at a temperature where the latter 
is stable relative to the parent phase. Units of size 
smaller than 7., or vontaining fewer atoms than mn, 
are regarded as prenatal embryos; they are not 
deemed to be born until they exceed the critical size. 

Nevertheless the theory stipulates that the em- 
bryos exist in the parent phase, not as a result of 
accident, but because of a tendency toward a steady- 
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Fig. 2A—Change in free energy of a system due to formation 
of a single particle of transformation product. Particle size 
is expressed in terms of a linear dimension (r). Fig. 2B— 
Activation steps for atomic transfer (AFp) superimposed on 
free energy curve of Fig. 2A, plotted against the particle 
size in terms of number of atoms (n). Activation free energy 
of nucleation = AW, + AFp. 


state distribution of sizes, with the number of each 
size, r, in the dynamic assembly being proportional 


AW 
to exp| — ae . Changes in embryo size depend 


upon atom transfer between the matrix and em- 
bryos, and the probability of such occurrences is 


AF 
proportional to exp| — > | , where AF», is the 


free energy of activation for the transfer process. 
Since the elementary step in the embryo growth or 
shrinkage is a single atomic jump, AF, may be 
superimposed upon the embryo free energy curve, 
as in Fig: 2 B, with the size of the particles now being 
represented by the number of atoms, n. Although 
each growth step involves activation, it is only the 
highest peak in Fig. 2B that connotes a nucleation 
event. The free energy of activation for nucleation 
is then 


AW, = AW. + AF, ergs per event 
or cal per mol of events [3] 


of which AW, is the free energy of nucleation, and 
in terms of the classical theory: *"* 


AW. + AF, 


N =K exp | — 


| nuclei per sec - cu cm 


[4] 


For present purposes, it is not essential to inquire 
into the nature of the constant, K” 

One may now ask whether it is possible (in prin- 
ciple, if not in fact) to measure a nucleation rate 
based on these thermodynamic implications. Let us 
imagine a Maxwell demon, endowed with the skill 
to count from instant to instant all particles (and 
embryos) of the transformation product down to 
the smallest conceivable size. Would even such a 
device be able to measure the rate of increase of 
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the supercritical population that the theory strives 
to express? This seems dubious. Inasmuch as the 
embryos are surmised to be particles with structure, 
composition and interface essentially no different 
from those of the supercritical sizes, there 1s no way 
of distinguishing the critical size amongst the grow- 
ing and shrinking units by just looking. The em- 
bryos do not emerge from a womb or cocoon when 
they pass through the critical state. To identify 
either the critical size or the first supercritical size, 
m. + 1, our Maxwell demon must know whether the 
system is jumping the free energy barrier, and hence 
he would have to be a thermodynamicist as well as 
a census-taker. Unfortunately, such tiny aides are 
notoriously erratic about thermodynamics! 

We are faced by the tantalizing impasse that the 
thermodynamic approach to the concept of nuclea- 
tion is not founded on an operational definition, and 
the corresponding theoretical rate of nucleation 
eludes measurement. In a fundamental sense, the 
nucleation rate as specified by classical theory and 
the nucleation rate as observed experimentally do 
not refer to the same manifestation of nature. 


Free Energy of Nucleation 

The Case of Martensitic Reactions: Some progress 
toward the resolution of these difficulties can be 
achieved by considering the quantitative aspects of 
the problem. The first step is to calculate the free 
energy of nucleation (AW.) for reactions whose ac- 
tivation free energy of nucleation (AW,) can be 
determined by experiment. The calculations re- 
quire knowledge of chemical, interfacial, and strain 
free energies, while the measurements must be de- 
signed to give reasonable assurance that growth 
kinetics do not confuse the nucleation kinetics. 
Curiously enough, martensitic (displacive) trans- 
formations offer several attractive features for these 
purposes. 

In the first place, a martensitic reaction does not 
depend on changes in composition, and hence there 
is an obvious simplification of the relevant thermo- 
dynamics,” unlike the case of precipitation or eutec- 
toid decomposition wherein the initial chemistry of 
the product phases may prove quite elusive. Sec- 
ondly, because the interface between a martensitic 
unit and its surroundings must provide suitable 
matching and a very mobile linkage between the 
two phases, it becomes feasible to speculate about 
the details of the interface if the crystallographic 
relationships are available.” This approach leads to 
an estimate of the specific interfacial energy.” 
Thirdly, martensitic products often form in suffi- 
ciently large plates so that the macroscopic displace- 
ments can be determined. Such observations furnish 
a basis for computing the attendant strain energy.” 

From the standpoint of nucleation-rate measure- 
ments, martensitic transformations have further ad- 
vantages. In most instances, the rate of propagation 
of a martensitic unit is extremely rapid, even at 
sub zero temperatures, and the plates “flash into 
sight” within a small fraction of a second.” Accord- 
ingly, it seems reasonable to assume that the fre- 
quency with which these plates snap up to detect- 
able size is a valid measure of the rate at which the 
nuclei are either born or triggered off. Thus, in view 
of the fast growth of martensite, we have a chance, 
at least in principle, to observe the nucleation rate 
although the actual counting can be performed on 
units of appreciable size. Then, by measuring the 
nucleation rate as a function of temperature, the 
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Fig. 3—Embryo of martensite in form of an oblate spheroid. 
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activation free energy for nucleation (AW,) can be 
evaluated and checked against the calculated AW. 
in Eq. [3], once AF is known. 

Fortunately, for martensitic transformations we 
may regard AF, as nil since these reactions can pro- 
ceed even at temperatures approaching absolute 
zero,” indicating that atom-by-atom transfer proc- 
esses do not play an essential role. This is an im- 
portant circumstance in the present task because the 
free energy of activation for atomic diffusion across 
an interface during solid-state nucleation is difficult 
to ascertain, and the resultant uncertainty might 
render futile any straightforward comparison of 
nucleation theory and experiment. In the displace- 
ments that characterize martensitic transformations, 
the atoms are transferred cooperatively from their 
initial to final positions by coupled movements, 
rather than by independent thermal oscillations. 

It may also be noted that some martensitic reac- 
tions display isothermal as well as athermal kin- 
etics,”"* i.e. there are conditions under which ther- 
mal fluctuations do come into the picture. This sit- 
uation imposes severe demands on any nucleation 
model to be tested. 

Calculation of AW.: A martensitic embryo of a 
given volume will tend to adopt a shape which 
minimizes the combined interfacial and strain en- 
ergies. One plausible shape is a thin oblate spheroid, 
Fig. 3. For an embryo with the semi-thickness (c) 
much smaller than the radius of revolution (7), the 


4 
volume = and the interfacial area=277°. 


The overall change in free energy accompanying the 
formation of this particle is: 
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4 
AW = arc Af + 2rro + arc’A ergs per particle 
[5] 


where Af is the chemical free energy change per cu 
cm of martensite formed and is negative at T < T, 
(T, being the equilibrium temperature at which the 
martensite and its parent phase coexist), o is the 
interfacial free energy per sq cm, and A is an elastic 


cA 
constant so defined that —— is the strain energy in- 
iP 


crease in the system per cu cm of martensite formed. 
The parameters o and A are relatively insensitive 


to temperature. 


Eq. [5] gives rise to a saddle-shaped surface, Fig. 


4, with the saddle point being determined by grad 
= = 0, from which 
dc 
2o0 
c 
m [6] 
4Ac cA 
and 
32 7 A’o* 
AW, = ergs per nucleus 
or cal per mol of nuclei [8] 


Thus, for a subcritical embryo to attain detectable 
values of r and c, the system must pass over a free en- 
ergy barrier, and the smallest barrier is AW.. Fisher, 
Hollomon and Turnbull® have derived an analogous 
expression for the case of a lenticular plate; their 
elastic constant © is A/4. 


Fig. 4—Overall change in free energy (AW) accompanying 
the formation of a martensitic embryo of radius (r) and 
semi-thickness (c). Saddle-shaped surface shows path of mini- 
mum combined interfacial and strain energies, passing over 
the minimum barrier (W.) at the saddle point. 
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Fig. 5—Free energy change per particle of martensite as a 


function of particle size under conditions of optimum shape 
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c 
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The most favorable path for such a process is also 
shown in Fig. 4; it is found by minimizing AW with 
respect to r and c for each volume of embryo. The 
relationship between r and c then becomes 


2 


Cc o 


em [9] 


This defines the optimum dimensions for minimizing 
the combined interfacial and strain energies; if c is 
any larger relative to r (i.e., a more spherical shape) 
the strain energy increases unduly, and if c is any 
smaller relative to 7 (i.e., a more plate-like shape) 
the interfacial energy increases unduly. 

Fig. 5 presents the overall free energy change as 
a function of the embryo volume along the most 
probable growth path. The height of this barrier is, 
of course, AW.. 

By way of illustration, we shall now compute c., 
r. and AW. for an Fe-30 at pct Ni alloy at 233°K 
(—40°C); this is the M, temperature where the 
martensitic reaction sets in athermally on cooling. 
From the work of Kaufman”, Af = —44 cal per cu 
cm (—315 cal per mol) under these conditions, and 
corresponds to a supercooling of 200° below T, for 
the alloy, Fig. 6. 

To estimate the interfacial energy o, Frank’s dis- 
location model” of the austenite-martensite inter- 
face may be adopted. For the case of martensite in 
steel with a {225} habit, Frank showed that many 
of crystallographic features of the transformation 
can be explained by postulating an array of screw 
dislocations in the {225} interface, each lying paral- 
lel to a close-packed direction on every sixth close- 
packed plane. As indicated schematically in Fig. 7, 
the passage of these dislocations through the parent 
phase leaves behind a trail of heterogeneous shears 
which constitute one component (the so-called sec- 
ond strain”) of the total transformation strain. 

More recently, Knapp and Dehlinger” extended 
Frank’s picture to the interface surrounding a mar- 
tensitic embryo by assuming an array of dislocation 
loops, as in Fig. 8. Then, regarding the interface as 
a special type of polygonized boundary, one can 
compute the specific interfacial energy from the 
dislocation energy.””” Depending on the assump- 
tions introduced, « comes to be 150 to 330 ergs per 
sq cm.” We shall call it 200 ergs per sq cm or 
5 X 10° cal per sq cm.* 

The strain energy factor A for the problem at 
hand has been derived independently by Fisher, 
Hollomon and Turnbull and by Knapp and Deh- 
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linger.” The agreement is rather good, and leads to 
a value of 2 x 10” ergs per cu cm or 500 cal per cu 


4 
em. The strain energy term Ret ae in Eq. [5] 


arises from the macroscopic displacements of the 
transformation (the so-called first strain”), and not 
from the heterogeneous shears due to the dislocation 
loops mentioned previously. The energy contribu- 
tion of the dislocations is taken into account in the 
interfacial term of Eq. [5]. However, a second set 
of dislocations might be postulated to shift the 
atoms through the macroscopic displacement as the 
interface moves along, and then the two arrays of 
dislocations would provide for the coordinated 
transfer of the atoms from their initial position in 
the parent phase to their final positions in the mar- 
tensite. The energy equivalent of the second dis- 
location array is contained in the strain energy term 
of Eq. [5]. 

Substitution of the pertinent numerical quantities 
into Eqs. [6], [7], and [8] yields c. = 22 x 10° cm, 
7. = 490 x 10% cm and AW. = 9 X 10” ergs per nu- 
cleus or 13x10" cal per mol of nuclei. 


* The specific interfacial energy of a fully coherent interface is 
usually taken as about 25 ergs per sq cm, while that of an ordinary 
incoherent boundary is 400-1000 ergs per sq cms, The martensitic 
interface is coherent only in a macroscopic sense, giving zero aver- 
age strain along the boundary between the two phases*8. Hence the 
intermediate value of 200 ergs per sq cm seems reasonable. 


These are surprisingly large numbers. There are 
nearly 2 million atoms in the embryo of critical size, 
Fig. 5, and the free energy of nucleation is prohibi- 
tively large (~ 6 X 10° ev) for a thermally activated 
process. From this standpoint, the spontaneous nu- 
cleation of martensite would be a miraculous acci- 
dent of nature, and yet the transformation obviously 
sets in with vigor at a temperature where kT is 
only 0.02 ev. 

It might be argued that the calculated quantities 
would be much smaller (and therefore more reason- 
able) if a lower vaue of o were adopted, say, corre- 
sponding to a completely coherent interface. This 
hypothesis can be rejected on the following grounds. 
If dislocations are not present in the interface, the 
matching must be accomplished by coherency 
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Fig. 6—Chemical free energy change accompanying the 
martensitic transformation in an Fe-30 at pct Ni alloy”. 


Transactions of The Metal- 
lurgical Society of AIME 


Fig. 7—Schematic representation of a dislocation interface 
between martensite and parent phase. The heterogeneous and 
macroscopic strains are indicated. 


strains, and the related energy has to be added to 
Eq. [5]. It turns out to be 50 cal per cu cm,” which 
means that the chemical driving force would have 
to be appreciably greater than this quantity for the 
transformation to take place even if o were only 25 
ergs per sq cm. Rough calculations show that under 
these conditions, the required driving force would 
be about 100 cal per cu cm which, according to 
Fig. 6, cannot be attained in this alloy even at abso- 
lute zero. 

Another possible uncertainty is that the Frank 
dislocation interface was devised for a {225} habit, 
whereas the habit for the 30 at pct Ni alloy is {259}.™ 
The latter case might be treated by the surface- 
dislocation matching hypothesis* of Bilby et al** 


* A surface dislocation is characterized by a tensor, rather than a 
Burger’s vector. The concept of surface-dislocation matching was 
proposed earlier by Bilby and Frank in an unpublished contribu- 
tion at the Third International Congress by Crystallography in 
Paris, July 1954. 
but in all probability the calcuated « would come 
out higher, instead of lower, than the 200 ergs per 
cu cm used here. Thus, the critical values of cs, rT: 
and AW. would be even larger than those cited 
above, and the discrepancy would remain. 

Some question has also been raised” concerning 
the reality of interfacial energy for particles having 
a thickness of only a few atoms. Whatever the merit 
of this criticism, the thickness (2c ) computed here 
is significantly larger than a few atoms, and the 
interfacial-energy concept should be applicable. 

Heterogeneous nucleation: It is evident from the 
foregoing discussion that, if the nucleation of mar- 
tensite is presumed to result solely from thermal 
fluctuations, classical nucleation theory can bear 
little relevance to the actual process. However, the 
classical theory is not so easily refuted if non- 
equilibrium embryos or preferred nucleation sites 
are invoked. One has only to imagine that tiny 
transformation centers already exist in the parent 
phase, having sufficient effective size to lie well up 
the free-energy barrier in Figs. 4 and 5. This situa- 
tion offers a neat qualitative explanation of ather- 
mal nucleation, which occurs during rapid cooling 
(even at subzero temperatures) without benefit of 
thermal activation. 

Fig. 9 presents a family of free-energy vs particle- 
size curves for the Fe-30 at pct Ni alloy at a series 
of temperatures. The critical sizes range from r, 
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Fig. 8—Model of a martensitic embryo with dislocation loops 
in the interface. For the {225} habit in iron-base alloys, the 
loops lie in every sixth close-packed plane on the average, 


27 


and the spacing is 17.8A *. 


= 600 xX 10° cm at 250°K down to 200 x 10° cm 
at O°K. Consider an embryo in the parent 
phase having a size of r = 320 xX 10° cm. At 
250° and 200°K, this embryo is subcritical, and is 
much too small to be thermally activated to the top 
of the respective barriers. On cooling, the free 
energy of the embryo decreases but remains on the 
left side of the barrier until 150°K, where the em- 
bryo becomes critical. At any lower temperature, 
it can propagate spontaneously with a decrease in 
free energy. Smaller embryos would achieve their 
criticality at progressively lower temperatures, and 
so athermal nucleation could proceed down to ab- 
solute zero. 

Unfortunately, the postulation of heterogeneous 
nucleation does not revive the classical theory when 
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Fig. 9—Overall free-energy change as a function of tempera- 
ture and particle size (oblate spheroids of martensite) in 
an Fe-30 at pct Ni alloy”. Vertical arrow indicates free- 
energy change of a pre-existing embryo on cooling. 
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put to the quantitative test of isothermal nucleation, 
where the activation energy of nucleation can be 
evaluated. This is shown in the next section. 


Activation Free Energy of Nucleation 

The activation free energy of nucleation is ob- 
tained from measurements of the isothermal nucle- 
ation rates. Because of the autocatalytic nature of 
martensitic transformations, one prefers to deal with 
the initial nucleation rates in the absence of prior 
athermal transformation. Such studies have been 
reported for an Fe-23 wt pct Ni-3.6 wt pct Mn alloy 
by Shih, Averbach and Cohen,” and their findings 
are summarized in Fig. 10. For each temperature, 
the activation energy (AW.) is computed from the 
relation: 


AW, 
N=n,v exp | nuclei per sec: cucm [10] 


where N is the observed initial nucleation rate, n; 
is the number of most-potent (largest) embryos per 
cu cm that participate in the initial nucleation, and 
v is the lattice vibration frequency. For the grain 
size at hand, n, is taken to be one per austenite 
grain, or 10° per cu cm. The calculation for AW, is 
quite insensitive to the value adopted for n,: in- 
creasing n, from 10° to 10” merely doubles AW, at 
each temperature. 


The C-curve behavior of N in Fig. 10 is typical, 
and leads to a marked temperature dependence for 
AW,, ranging from 6000 to 14,000 cal/mol of events 
between 80 and 180°K. These results are in line 
with the isothermal kinetics reported by Cech and 
Hollomon® for a similar alloy. On the other hand, 
AW. changes from 0.8 X 10’ to 1.4 x 10‘ cal per mol 
of nuclei (Eq. [8]) over the same span of tempera- 
ture, taking the equivalent composition to be ap- 
proximately 25 at pct Ni. 

In order for the calculated AW. at 80°K to be 
consistent with the observed AW,, we may assume 


15,000 360 
—1320 
AWa 

13000 (Left Scale) _logo 
| 12,000 
| 
Cc 
11,000 —200 
2 10,000 |- 1608 
ie} 
N (Right Scale) 
<j 

8000} 

7,000 + 40 

6,000 | | | 


Temperature (°K) 


Fig. 10—Variation of initial nucleation rate (N) and corres- 
ponding activation free energy (AW,) as a function of the 
isothermal reaction temperature in an iron-base alloy con- 
taining 23 wt pct Ni and 3.6 wt pct Mn*!. 
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the pre-existence of embryos, with the most potent 
ones being almost critical size, i.e. having a free 
energy of AW. [80°]—AW, [80°] or 0.8 x 10° cal per 
mol. The corresponding size is c= 10x 10~ cm 
(Eq. [6]) and r = 120 x 10° cm (Eq. [7]. But then 
the question arises as to whether such embryos can 
account for the kinetics displayed at any other tem- 
perature, say 180°K? Here the embryos represent 
a free energy of 1.2 X 10’ cal per mol (Eq. [5]), and 
the activation energy should now be AW. [180°] — 
1.2 X 10’ or 0.2 X 10° cal per mol. This huge number 
means that the pre-existing embryos, which the 
classical theory relies on to achieve the observed 
nucleation rate at 80°K, would be virtually impotent 
at 180°K; yet, isothermal transformation does take 
place at this temperature and AW, [180°] is found to 
be only 14,000 cal per mol. 


The same discrepancy appears when other pairs of 
temperatures are compared. Because of the sensi- 
tivity of AW. to temperature, embryos that are en- 
listed to serve effectively at one temperature are too 
small to be operative at higher temperatures, and 
are too large to reach lower temperatures without 
becoming supercritical on the way down. Thus, even 
with the aid of preferred nucleation sites, the 
classical theory is in dire straits on this problem, 
and a fresh approach must be sought. 


Athermal Nucleation of Martensitic Transformations 


We are now justified in proceeding on the hy- 
pothesis that the nucleation of a martensitic unit 
is not concerned with mounting a free-energy bar- 
rier in the classical sense, but is really associated 
with the triggering of a growth process superimposed 
on an embryo that is already supercritical in status 
when the event occurs. In other words, we shall 
drop the classical concept of nucleation and adopt 
the operational definition, with the assumption that 
the active embryos are already on the right-hand 
side of the free-energy curves in Fig. 9 and that the 
actual propagation to a measurable size is governed 
by factors other than the overall change in free 
energy. 


Knapp and Dehlinger” provided a fruitful clue 
recently when they suggested that a dislocation 
interface can be pushed outward by the net driving 
force of the reaction if the pre-existing embryos 
are sufficiently large. The net driving force comes 
from the excess of the chemical free-energy change 
over the strain energy, and acts to enlarge the dis- 
location loops and generate new ones as required 
by the expanding interface, Fig. 8. This mechanism 
is worth serious study because it contains the ele- 
ments of a cataclysmic phenomenon which might be 
identified with the sudden triggering, or athermal 
nucleation, of martensite. The basic question now 
becomes, “Under what conditions can interface dis- 
locations surrounding an embryo be spontaneously 
created by the available chemical force of the 
transformation?” 


An analogous problem was treated by Frank and 
Stroh” for the propagation of a kink band under 
an applied shear stress. The shape assumed was 
that of a thin elliptical cylinder, coupled to the 
surroundings by a dislocation interface. Under these 
conditions, there is a critical stress which results in 
the creation of new dislocations at the leading edge 
of the kink band, and then cataclysmic propagation 
ensues. To facilitate the calculations, the interface 
dislocations are imagined to be concentrated at the 
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Fig. 11—Schematic representation of equivalent dislocation 
loop along the periphery of the embryo, replacing the inter- 
face dislocations. t is the shear stress due to the net driving 
force of the martensitic transformation, which tends to 
expand the loop. 


leading edge of the band, with an effective Burger’s 
vector that depends on the kinking angle. 

Kaufman” has carried this concept over to the 
martensitic embryo, replacing the interface dislo- 
cation loops by an equivalent dislocation loop that 
lies in the habit plane and encompasses the thin 
oblate-spheroidal embryo around its periphery, Fig. 
11. The radius of this circumferential loop is then 
r, and its Burger’s vector (A) turns out to be cb/d, 
where c is the semi-thickness of the embryo, b is 
the ordinary Burger’s vector, and d = 17.8A is the 
distance between the dislocation loops in Fig. 8. If 
the circumferential loop is subjected to a net shear 
stress r, the corresponding free-energy increase is, 
starting from zero size: 


[11] 


is the line tension,” and G is the 


= 2arl — ergs, 


2 


where IT = 


shear modulus.* In effect, the circumferential dislo- 


* This equation is quite similar to that for an ordinary dppeation 


loop®+, except that in the latter, ) becomes b andy ~ 


cation contains the interfacial energy of the embryo. 
The shear stress 7 is equal to the chemical driving 
force (—Af) minus the strain energy expended per 
unit volume, or 


7 = (—Af) — as = (—Af) a dynes per sq cm [12] 
T 


Substituting into Eq. [11] and using Eq. [9] to ex- 
press c in terms of r, we have 
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w'— abor Gb 


A ergs [13] 
where —— = 2.75. 

Ad 


W' goes through a maximum as a function of 7, 
the maximum being 


ergs [14] 
when 
9Ao 
cm [15] 


r. is the radius of the embryo at which the circum- 
ferential loop can lower its energy by expanding 
with no thermal activation being necessary. Then 
the growth process is formally similar to the prop- 
agation of a kink band or mechanical twin, and is 
cataclysmic! Furthermore, it should be noted that 


9 
Ta Tae (comparing Eq. [7] and [15], and hence 


r. lies well along on the descending side of the 
overall free energy curve. In fact, the latter curve 
intersects the horizontal axis (AW = 0 in Eq. [5]) 


25 Ao 
cross-over point, and AW is actually negative at 7. 


Fig. 12 shows the relationship between AW and 
W', plotted against the normalized size parameter 


Bie pe so that r. falls to the right of the 


r 1/2 

P= (—Af) occurs:at P= 2, AW = 
oA 

0 at P=2.5, and W! at P=3. Only for embryo 


Particle Radius —» 


| | i 


AW A Wx wt 


+ 
\ 


Free Energy Change ——> 
= 


| 2.25 


Particle Size Parameter 


Fig. 12—Overall free energy (AW), energy of circumferential 
dislocation loop (W'), and energy increment for each ele- 
mentary growth step (AW'), as a function of particle size 
(oblate spheroids of martensite). 
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sizes greater than P = 3 do both AW and W' de- 
crease with growth. For sizes between P = 2 and 3, 
the embryos are supercritical in the classical mean- 
ing, but cataclysmic propagation does not occur. 
With dropping temperature, P = 3 is achieved at 
smaller and smaller values of r because —Af in- 
creases. Thus, r. diminishes on cooling, and all em- 
bryo sizes that exceed it trigger off cataclysmically 
to undergo athermal nucleation in the operational 
sense. 

At a temperature like 130°K where isothermal 
transformation takes place rapidly in the Fe - 23 wt 
pet Ni- 3.6 wt pct Mn alloy, AW. = 1 X 10’ cal per 
mol (Eq. [8]) while W! = 0.4 x 10° cal per mol 
(Eq. [14]). It is now necessary to test the model 
against the isothermal nucleation kinetics and to 
reconcile these enormous values with the observed 
AW, = 9500 cal per mol (Fig. 10). 


Isothermal Nucleation of Martensitic Transformations 


The arguments in the above sections force us to 
the conclusion that, for isothermal nucleation, the 
pre-existing embryos must have sizes between rx 
and r.; those smaller than r. have little chance of 
thermal activation because of the’ magnitude of 
AW., and those larger than r, trigger off athermally. 
Therefore, we shall now focus attention on embryos 
in the size range mn<r<c,.. Operationally, iso- 
thermal nucleation will occur if thermal fluctuations 
can activate the unit growth step between r and 7.; 
when r reaches r., cataclysmic propagation takes 
over. But what is this elementary growth step? 


Just as the unit step in a slip process is the 
Burger’s vector b, so is the growth step in the ex- 
pansion of the circumferential loop in Fig. 11 equal 
to the corresponding Burger’s vector }. Each growth 
step in the range r-<r<yr,. is accompanied by an 
increase in the loop energy but an overall decrease 
in the free energy of the system. Hence, the expan- 
sion can take place spontaneously, if not cataclys- 
mically. This means that the increase in loop energy 
can be more than paid-for by the available driving 
energy of the reaction, but thermal activation is 
necessary in the actual process to generate the ad- 
ditional dislocations involved (Fig. 8). The incre- 
ment in loop energy for the growth step Ar =) is 


[16] 


1.3 X [ r “| 

= 

ergs per unit growth step 

The relationship of AW’ to AW and W’' is depicted 


in Fig. 12. W' has a finite value when r = r.(P = 2), 
increases to a maximum 


AW(| = —————__ ergs per unit growth step [17] 


Ao 


Af? 


and decreases to zero at r =r, (P = 3). 


5,06 cm [18] 


AW’ is to be identified with the observed activa- 
tion free energy AW,, and depends on the size of the 
embryo being activated. For r.<r<r,, the largest 
value of AW' in the growth process is AW! as given 
by Eq. [17], and this should represent the activation 
free energy of nucleation, in the operational sense, 
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because, once this maximum-energy growth step 1s 
negotiated, all the remaining energy increments per 
step decrease and approach zero at r=. (Fig. 12). For 
embryos lying between rT, and 7., the first energy 1n- 
crement is the largest and controls the nucleation: 
hence, it should correspond to the observed activa- 
tion free energy of nucleation for such sizes. (itis 
also computable from Eq. [16] if r is known. 

The AW’ curve in Fig. 12 would be almost invisible 
if it were drawn on the same scale as the AW curve. 
It really should be superimposed on the AW curve 
starting at AW., but the height of the unit steps 
would then be nearly lost in the line thickness of the 
AW plot. If the AW curve is likened to a smooth- 
faced mountain 1000 ft high, the roughness pro- 
duced by the AW’ peaks corresponds to ridges 1.8 ft 
high at 7., ranging down to zero at 7. Despite the 
steepness of the mountain, it is the roughness that 
controls the rate of descent in our nucleation 
model! 

To compare the calculated AW' with the experi- 
mental AW,, it must be recalled that only the initial 
nucleation rates have been measured (to avoid 
autocatalytic disturbances), and consequently, the 
participating embryos are the largest ones present. 
Direct determinations of maximum embryo sizes 
have not been made, but it is possible to estimate 
this quantity from the isothermal nucleation data 
of Fig. 10. To be consistent with the maximum rate 
of nucleation at 130°K, trial-and-error calculations 
show that the embryo size should be r = 230 x 10° 
cm. Eq. [16] then yields curve A in Fig. 13 for AW' 
as a function of temperature. A strong temperature 
dependence is evident, as is also the case for AW, 
(open circles) in Fig. 13. This discrepancy in abso- 
lute magnitude is only a factor of 2. This is hardly 
significant because if o were reduced by only 20 pct 
and if r were likewise taken to be 20 pct smaller 
(to keep the maximum nucleation rate at 130°K), 
the agreement would be better than we have any 
right to expect—Curve B, Fig. 13. 
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Fig. 13—Comparison of calculated (AW') and experimental 
(AW) activation free energy of nucleation for martensitic 
transformation in an Fe-23 wt pct Ni-3.6 wt pet Mn alloy. 
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This is really a strenuous test for the model, con- 

sidering that we had to a) coordinate the athermal 
(cataclysmic) and the isothermal (thermally acti- 
vated) nucleation processes, b) account for activa- 
tion energies in the range of 10‘ cal per mol in con- 
tradistinction to classical nucleation free energies of 
10° to 10° cal per mol, and c) derive the correct tem- 
perature dependence for the activation energy. 
Moreover, this analysis is based on the operational 
definition of nucleation, thereby avoiding the dubi- 
ous linkage between theory and observation that 
exists in the classical treatment. In collaboration 
with Dr. L. Kaufman, about a dozen other models 
were explored and found wanting. 


Nature of the Embryo 

In the light of the preceding discussion, let us 
grant for the moment that the largest pre-existing 
embryo in the Fe - 23 wt pct Ni - 3.6 wt pct Mn 
alloy is an optimally shaped oblate spheroid with a 
radius of about 200 x 10° cm. 

130 x 10° (Eq. [27]),; 7, = 160 x 
andr. 290 < 10> cm’ (Bq: [15]). 
Thus, the embryo lies between r, and r. in size, and 
can achieve r. via thermal activation in about 90 


be 
growth steps, since \ = this 


size range. The original embryo contains 2 x 10° 
atoms, and must propagate isothermally to a size of 
5 X 10° atoms before triggering off cataclysmically. 
However, the overall free energy decreases during 
the isothermal as well as the athermal process. 

We shall now inquire as to whether it is reason- 
able to presume the existence of embryos as large as 
r = 200 < 10° cm in the parent phase. Smaller ones, 
say of size r = 160 X 10° cm which is equal to r, at 
130°K, would require thermal activation of 18,000 
cal per mol (Eq. [17]) instead of the 9500 cal per 
mol that is observed. 

At the customary austenitizing temperature, T 
lies well above T,, and hence one would not expect 
large embryos of martensite to exist to any signifi- 
cant degree. Not only is the martensite unstable 
relative to the parent phase at such temperatures, 
but the interfacial and strain energies associated 
with the presence of martensite make the embryos 
even less likely to form. Nevertheless, in reality, the 
parent. phase contains local regions of very high free 
energy due to dislocations, and this circumstance 
may provide the driving force for evolving the em- 
bryos. Knapp and Dehlinger” have suggested that 
certain pairs of dislocations in the parent phase can 
displace the affected atoms into the configuration of 
martensite by achieving the equivalent of both the 
macroscopic and heterogeneous strains. As proposed 
below, there is good reason to believe that an ex- 
tremely small region of martensite can materialize 
in this way, with a decrease in free energy because 
of the resultant reduction in strain energy around 
the dislocations. The chance addition of other dis- 
locations then leads to a further lowering of the 
total free energy until an optimum size is attained. 
Still larger sizes reverse this trend, and the free 
energy begins to increase. 

To put these considerations on a quantitative, 
although very crude basis, we shall make the sim- 
plifying assumption that the only dislocations at 
play are those which ultimately find their way into 
the interface loops illustrated in Fig. 8. Actually, 
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other types of dislocations may supply an appreci- 
able part of the macroscopic strain energy around 
the embryo, but we shall ignore this contribution 
to be on the conservative side. Accordingly, the 
overall change in free energy attending the forma- 
tion of an oblate-spheroidal embryo in the parent 
phase is 


4a 4 4n 


2r 
—(a7r) (1. + T,) ergs per embryo 
[19] 
where Af is the change in chemical free energy and 
is now positive. ar is the average length of the dis- 


2r 
location loops, S5. is the number of loops per em- 


bryo, Tr. is the core energy per cm of dislocation, 
and I, is the strain energy per cm of dislocation. 
Since the interfacial energy is substantially equal to 
the core energy of the dislocations comprising the 


ar 
interface, 2ar’o= (ar) T., and equation [19] 


becomes 
cA ole 
AW = —vr'c | Af + — —-——  ] ergs per embryo 
3 2cd 
[20] 
This expression has a minimum at an embryo size of 
— 
[21] 
Cy) = cm 
Af 
and 


These relationships are shown in Fig. 14. It is 
evident that the free energy decreases immediately 
as a function of embryo size, and if the necessary 
dislocations are available, the embryos can grow 
spontaneously until the most favorable size (1, Co) 
is reached. We can picture that, at the austenitizing 
temperature, and even during part of the cooling, 
the dislocations will have sufficient mobility to ac- 
complish this task. Because r, and c, increase with 
decreasing temperature (since Af in Eq. [21] de- 
creases on cooling) there is a tendency for the em- 
bryos to grow until they become frozen in due to 


fe) 


Embryo Radius (cm)—>= 


AW (free energy change /embryo) —> 
= 


Fig. 14—Change in free energy accompanying the formation 
of a martensitic embryo at T > To, making use of disloca- 
tions in the parent phase. 
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lack of the necessary dislocations or their ability to 
rearrange themselves. 

According to Cottrell,” 
= ae | in — 1| ergs per cm [23 ] 
in which we shall take 1, = 10% cm for the disloca- 
tion core and l, = 5 X 10% cm for one-half the mean 
distance between dislocations in the (annealed) 
parent phase. Then, r, = 5 X 10° ergs per cm, and 
6r./d —4o0 in Eq. [21] is 900 ergs per sq cm. For 
an embryo with r = 200 x 10“ cm and c = 14 x 10° 
cm, which is the size needed to account for nuclea- 
tion kinetics in the iron-nickel-manganese alloy, Af 
in Eq. [21] comes out to be +30 cal per cu cm. This 
value corresponds to a temperature of 710°K, which 
is 150°K above T,, and may be regarded as the tem- 
perature at which the embryos are effectively frozen 
in on cooling. They are then on tap to enter into the 
martensitic transformation at lower temperatures. 
Below T, = 560°K, Af turns negative, and at 240°K 
these embryos become critical in the classical sense 
(Eq. [6] or [7]), but nucleation does not occur until 
still lower temperatures are reached where new dis- 
locations can be created with the aid of thermal 
fluctuations (isothermal nucleation) or cataclys- 
mically (athermal nucleation). 

These numbers are very rough, but do indicate 
the feasibility of the proposed model. Actually, the 
required embryo sizes may be considerably smaller 
than calculated here because of initial segregations, 
accidental clusters of imperfections, internal hetero- 
geneities and other deviations from the simple case 
under discussion. Also, the high temperature em- 
bryos may adopt some strained form of the parent 
phase (strain embryos”) instead of the exact struc- 
ture of martensite; martensitic embryos were postu- 
lated here to further the calculations. 


Other Solid-State Transformations 

The general conclusions that we have drawn rela- 
tive to the nucleation of martensitic transforma- 
tions have their counterpart in other solid-state 
reactions. This extension will now be developed, 
without entering into a detailed treatment in each 
case. 

Precipitation: In a Au-38 at pct Ni alloy, the 
maximum rate of nucleation is observed at 600°C,’ 
which is about 130° below T,. The precipitation is 
of the discontinuous type, and advances in the form 
of clearly delineated nodules. Nucleation along 
grain boundaries of the parent phase occurs before 
nucleation within the grains, but the two processes 
can be followed separately under the microscope. 
Both the matrix and precipitate phases are face- 
centered cubic. The chemical free energy change 
under these conditions is Af = —3.4 cal per cu cm. 
_ Two cases will now be treated: a) a completely 
incoherent interface (o = 500 ergs per sq cm) and 
b) a completely coherent interface (o = 25 ergs per 
sqm). Eq. [5] for the overall free energy change 
per particle may be employed in both instances, 
assuming oblate-spheroidal shapes. 

For complete incoherency, Nabarro” has shown 
that the strain energy due to a precipitated par- 
ticle of volume V is 


4a c c 
= VA —= 6GV =) ergs* [24] 
rT 


* Eq. [24] holds for the case in which the elastic moduli of the 
precipitate are larger than those of the matrix. Since the precipi- 
tate is nickel-rich and the matrix is gold-rich in the present in- 
stance, this condition prevails, and the Nabarro equation is 
appropriate. 
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where § is the fractional difference in lattice param- 
eters between the matrix and precipitate, and 


(2) == when is small. For the problem 
at hand, G = 5 X 10" dynes per sq cm and 6 = 0.08, 
whence A = 7 X 10° ergs per cu cm or 160 cal per 
cu cm. Substituting in Eq. [17], we then have 
AW. = 7 X10” cal per mol of nuclei, which is pro- 
hibitively high for a nucleation process that takes 
place readily at 600°C. Even if the strain energy 1s 
entirely (and unrealistically) neglected, so that the 
embryo takes on a spherical shape to minimize the 
interfacial energy, the energy of nucleation is ex- 
cessive: 
AW 1670° 

When the particle is completely coherent with the 
matrix, Nabarro’s alternate method” gives A = 1.3 
x 10” ergs per cu cm or 310 cal per cu cm if the 
habit plane is {100}. Then AW. = 3 X 10° cal per mol. 

By assuming an intermediate degree of coher- 
ency,” AW. might be reduced but hardly by more 
than a factor of 10 or 100, whereas the experimental 
activation energy is only about 2.5 x 10° cal per 
mol.’ This discrepancy strongly points to the same 
conclusions as for the martensitic reactions, namely 
that nucleation in the classical sense is not at play, 
and that the observed nucleation is controlled by 
the frequency with which pre-existing embryos 
start to grow. In precipitation, however, the growth 
rate of the embryos is an important factor in the 
measured (operational) nucleation rate, and the 
corresponding activation energy is undoubtedly re- 
lated to the atom-transfer process. This has been 
duly emphasized by Turnbull,” who has likewise 
stressed the vital role of structural imperfections in 
solid-state nucleation. 

It is worth noting that Bowles and Tegart® have 
observed macroscopic displacements during precipi- 
tation in Cu-1.9 wt pct Be alloys, and have con- 
cluded that dislocation mechanisms are operative, 
as in martensitic transformations, except that diffu- 
sion is involved. This lends further importance to 
the role of dislocations in solid-state reactions, and 
again points up the need for pre-existing disloca- 
tions (embryos) to account for the nucleation 
kinetics. 

Void formation: The formation of voids during 
creep’'” and interdiffusion® has been explained on 
the basis of a precipitation of vacancies from a 
parent phase supersaturated with vacancies. Such 
voids develop readily in alpha brass in creep at 
400°C or in diffusion at 900°C. The surface energy 
of the voids should be about 1500 ergs per sq cm, 
from which simple calculations show that a super- 
saturation ratio of several hundred would be re- 
quired if homogeneous nucleation were at play. Yet 
voids can actually be nucleated at supersaturation 
ratios slightly greater than unity.” 

It may be concluded that these voids do not nu- 
cleate in the classical sense, but are either already 
present in supercritical sizes or develop on existing 
discontinuities such as internal interfaces and fis- 
sures. Thus, the observed nucleation is dependent 
on growth to a visible size, and is operational in 
nature. Grain boundaries and inclusions“ may facil- 
itate the process, but do not restore confidence in the 
applicability of classical theory to this nucleation 
problem. 


= 1.5 x 10° cal per mol of nuclei [25] 
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Nucleation of electrostatic domains: When the 
polarization of a dielectric like BaTiO, is reversed, 
domains of opposite polarity are formed and spread, 
as In nucleation and growth. It has been suggested* 
that thermal fluctuations enable small regions to 
attain a critical size beyond which further growth is 
accompanied by a decrease in free energy. 

However, when account is taken of a) the energy 
supplied to the crystal by the external voltage 
source, b) the depolarization energy stored in the 
crystal due to domain formation, and c) the domain 
wall energy, Landauer“ finds that the critical do- 
main size is implausibly large, and the saddle-point 
energy is about 4 x 10” cal per mol. Again, lattice 
irregularities must be invoked to account for the 
experimental results. 


Conclusions 


The foregoing arguments are presented to dem- 
onstrate that the classical theory of nucleation is 
not relevant to the nucleation which is observed in 
a wide variety of solid-state transformations. To 
understand the experimental rates of nucleation, we 
must keep in mind the operational definition of the 
process because the measurements do not depend 
on the birth of transformation centers, but on the 
growth to a visible size of something already there. 
We must also begin to devote more attention to the 
imperfections which permit the formation of pre- 
existing embryos in the parent phase—just as we 
now rely on dislocations to provide the “embryos” 
for slip. 

It seems to be a fact that most of the solid-state 
transformations which we have come to know and 
utilize might have remained entirely beyond the 
reach of mankind if it were not for the imperfec- 
tions that put the embryos on the right side of the 
classical free energy barrier. By the same token, 
who can say what new kinds of reactions and exotic 
transformation products lie dormant in solids just 
for lack of suitable defects to aid the nucleation? 
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1 Pde T studies by the author on the reduction of 
titanium from TiO,-bearing slags have been 
accompanied by difficulties that are attributed to 
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Table |. Solubility of Carbon in Liquid Iron 


Temper- 

ature, °F Pct C4 Pct Co 
2732 5.15 5.14 
2912 5.40 5.42 


« Chipman, et al. 
» This investigation. 


the formation of high-melting titanium carbides, 
nitrides, and perhaps carbonitrides. The separation 
of these titanium compounds may occur in the pres- 
ence of relatively small concentrations of titanium 
in iron. Determination of the solubility of titanium 
in carbon-saturated iron under different atmos- 
pheres and identification of the precipitated phases 
are reported here. 

The experiments were conducted in 4%-in.-ID x 
34%4-in.-deep graphite crucibles fitted into %4-in. 
diam holes drilled in a 3-in.-diam solid graphite 
cylinder that was centered in a high-frequency in- 
duction coil. Six holes were spaced equidistantly 
around a circle of 2 in. diam. One of these holes was 
fitted with a 3g-in.-ID porcelain tube into which an 
optical pyrometer was sighted. It was determined 
that there was no temperature variation among cru- 
cibles under the experimental conditions employed. 
Gases used as atmosphere above the melts were 
preheated by passing them through a %-in. x 
3%-in. hole drilled through the center of the graph- 
ite block. Runs were made at 2732°F (1500°C) and 
2912°F (1600°C) under nitrogen, argon, and car- 
bon-monoxide atmospheres. In order to check the 
apparatus and technique, blanks were run at the 
two temperatures using only electrolytic iron in the 
graphite crucibles. After the melt had been held at 


temperature for 1 hr, samples for carbon deter- 
mination were aspirated into a glass capillary tube. 
Table I shows the excellent agreement between the 
results of this investigation and those obtained by 
Chipman, et al." 

During the titanium-solubility experiments, each 
small crucible was charged with electrolytic iron 
and varying percentages of titanium powder. It was 
established that 1 hr at temperature was sufficient 
for the attainment of equilibrium between Fe-C- 
[Ti]-TiC. In some instances, the desired titanium 
content of the melt was obtained by equilibrating a 
high-titania blast-furnace-type slag with the metal. 
It is of interest to note that both methods produced 
similar results. Table II contains data on some of 
the experimental runs. 

It can be observed from Table II that the atmos- 
phere has an effect on the titanium solubility; being 
approximately 0.15 pet under nitrogen and 0.28 pct 
under argon or carbon monoxide. These solubility 
figures are the acid-soluble titanium content of the 
samples, which are considered to represent the ti- 
tanium originally in solution in the liquid iron. To 
confirm this fact, massive titanium carbide, nitride, 
and carbonitride were exposed to similar analytical 
procedures to determine their solubilities. The tita- 
nium carbide and carbonitride were found to be 
insoluble and the titanium nitride only very slightly 
soluble. In view of the fact that no titanium nitride 
per se was found in any of the samples and that the 
acid-soluble titanium values remained relatively 
constant even with large variations in total titanium 
contents, it appears safe to assume that the acid- 
soluble titanium figure is indicative of the titanium 
dissolved in the liquid iron. 

The acid-insoluble portion was identified by X- 
ray diffraction patterns using a Debye-Scherrer cam- 
era. In heats made under argon or carbon-monoxide 
atmospheres, the precipitated phase was identified as 


Table II. Solubility of Titanium in Carbon-Saturated Iron 


Heat Sample, Temp, Analysis (Wt Pct) S 
No. No. Deg F Atmosphere Ti (Total) Ti (Acid Sol) Remarks 
2 1 2732 Nitrogen 0.24 0.16 Aspirated sample 
2 1A 2732 Nitrogen 0.27 0.15 Crucible suenened in H2O 
2 2 2732 Nitrogen 0.26 0.16 Aspirated sample 
S) 2A 2732 Nitrogen 0.27 0.15 Crucible quenched in H2O 
2) 3 2732 Nitrogen 0.40 0.15 Aspirated sample 
2 3A 2732 Nitrogen 0.36 0.14 Crucible quenched in H2O 
2 4A 2732 Nitrogen 0.27 0.14 Crucible quenched in HzO 
2 Be pe Nitrogen 0.83 0.18 Crucible quenched in HzO 
5 gree Argon 0.44 0.25 Aspirated sample 
2 sree Argon 0.56 0.27 Aspirated sample 
Argon 0.60 0.29 Aspirated sample 
Argon 0.91 0.28 Aspirated sample 
1.10 0.30 Aspirated sample 
3.0 0.28 Crucible quenched in H2O 
3 2912 Monae 0.70 0.30 7% TiOs slag cover, crucible 
T-30 2912 Carbon quenched in H2O 
0.90 0.29 7% slag cover, crucible 
T-30 3 2912 Carbon 
0.90 0.29 1% cover, crucible 
quenched in HeO 
30 4 2912 ae 0.90 0.30 1% Ee cover, crucible 
quenched in H2O 
2912 1.15 0.28 7% TiOez slag cover, crucible 
T-36 1 2732 Carbon 0.25 
0.25 7% TiOz slag. cover, crucible 
T-36 2 2732 Carbon 0.58 
RAE 0.27 7% TiOs slag cover, crucible 
T-36 3 2732 Carbon Sa) 
0.44 0.27 7% slag cover, crucible 
T-36 4 2732 Carbon 0.37 
0.27 7% TiOs slag cover, crucible 
T-36 5 2732 Carbon 0.44 eer cos 
Monoxide , 0.27 7% TiOz slag cover, crucible 


quenched in H2O 


“That portion of the sample which is soluble in 1:9 HeSOx; treated at 95°C for 1 hr. 
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titanium carbide. However, under a nitrogen atmos- 
phere, the acid-insoluble portion was identified as a 
constituent having a lattice parameter between that 
of titanium carbide and titanium nitride. It was 
thought to be a solid solution of these two com- 
pounds. If this is true, Vegard’s law should apply; 
a calculation, based on his law and the X-ray data 
involved, indicates that the phase contained approx- 
imately 40 pct titanium nitride and 60 pct titanium 
carbide. 

The separation and identification of a pure titani- 
um-carbide equilibrium phase in experiments con- 
ducted under carbon monoxide and argon atmos- 
pheres makes it possible to calculate the activity of 
titanium in carbon-saturated iron from thermal 
data. For the reaction 


Ti(s) + C(graphite) = TiC(s) 


the free energy according to Richardson’ is 

AF® (1150-2000°K) = —44,600 + 3.16 T (+3 kcal). 
At 2732°F (1500°C) titanium carbide and graphite 
coexist in equilibrium with a liquid in which N,, = 


0.0028. In this liquid the activity of titanium relative 
to pure solid titanium is given by 


RT In ay; = AF° = —39,000 cal 


From this ay; = 1.6 X 10°. In the saturated solution, 
therefore, yr: = 5.6 x 10° obtained from the rela- 
tionship yri = d7,/Ny;. There was no noticeable 
change in the solubility of titanium going from 
2732°F (1500°C) to 2912°F (1600°C), and a similar 
calculation using Nx, = 0.0028 at 2912°F (1600°C) 
yields dy; = 7.0 X 10° and yo = 2.5 X 107. 
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Equilibria of Molten Iron and Liquid Slags of the 
System CaO-SiO,-(FeO), 


Lime and dicalcium-silicate crucibles were equilibrated with molten iron and liquid 
slags containing iron oxide and small amounts of sulfur. The oxygen content of metal, 
iron oxide activities, and desulfurization values of the slags were determined in the tem- 
perature range 1530 to 1700°C. The influence of magnesia in the slag and the tem- 
perature dependence of the solubility of lime in liquid iron oxide and the ferric oxide 
content were established. The temperature contour of the liquidus surface of iron-sili- 
cate slags saturated with lime and dicalcium silicate was also established at 1600°C. 


by H. L. Bishop, Jr., N. J. 


HE importance of the role that slag composition 
plays in the refining of steel has been known for 
many years. Numerous studies have been made 
using actual plant data in order to establish the 
relationship between the composition of the slag 
and metal during the refining of a heat of liquid 
steel. These results rarely represent equilibrium 
conditions since completion of the various chemical 
reactions involved in steelmaking is seldom realized. 
In order to establish quantitatively the equilibrium 
conditions existing between the slag and metal, sev- 
eral laboratory studies have been conducted in the 
past 20 years to determine the reactions important 
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in slag control. These investigations have included 
studies of simple liquid basic and acid slags as well 
as more complex slag systems which approach those 
commonly found during the refining of a heat of 
steel. Since most of the previous studies of simple 
basic iron-oxide slags equilibriated with molten iron 
were made in magnesia crucibles, it was not possible 
to establish the distribution of sulfur and oxygen 
between molten iron and slags consisting only of the 
three essential components, lime, silica, and iron 
oxide. This investigation was undertaken to estab- 
lish the equilibrium conditions for simple lime-iron 
oxide and lime-silica-iron oxide slags. Accordingly, 
it was expedient to prepare crucibles both of lime 
and dicalcium silicate to establish the equilibrium 
conditions between molten iron and iron-oxide slags 
saturated with the refractory materials and free 
from other components. 

The only other studies of the equilibrium between 
molten iron and lime-saturated slags are those of 
Fischer and vom Ende,'” in which the solubility of 
oxygen was determined in an air atmosphere. The 
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slags contained impurities of Al,O,, SiO,, and MgO 
which averaged about 1.0, 2.5 and 1.5 pct, respec- 
tively. The distribution of sulfur between pure 
lime-saturated iron-oxide slags and molten iron, 
however, has not been determined previously. 

The experimental procedure used in this study 
also provides conditions for establishing the com- 
position of liquid slags saturated with lime and di- 
calcium silicate. The solubility of lime in iron- 
oxide slag in equilibrium with molten iron is pre- 
sented for the temperature range 1530 to 1700°C. 
The results of this investigation together with the 
melting point of lime and the results of Allen and 
Snow’ are used to estimate the solubility of lime in 
liquid iron oxide from 1133°C to the melting point 
of lime. : 

The 1600°C isotherm for the compositions of 
liquid lime-silica-iron oxide slags in equilibrium 
with molten iron and the crystalline phases lime 
and dicalcium silicate is also presented. The results 
of this study are in good agreement with the earlier 
works of Bowen, Schairer, and Posnjak* and of 
Allen and Snow,’ which were carried out at lower 
temperatures. 

Experimental Procedure 

During the course of this study, the heats were 
made in crucibles which were prepared by two dif- 
ferent procedures. In the first series of heats, here- 
after referred to as BL heats, the slag-metal runs 
were carried out in a 150-lb-capacity induction 
furnace in magnesia crucibles lined with lime. The 
charge weighed between 50 and 55 lb. The furnace 
was constructed so that it could be operated under 
a vacuum of about 2 mm of mercury, or with an 
inert atmosphere with a carbon-arc slag heater.°® 

The magnesia crucibles lined with lime failed at 
the slag-metal interface in almost every case, and 
the liquid slag was found to contain appreciable 
concentrations of magnesia. In order to obtain a low 
magnesia concentration in the liquid slag, the bal- 
ance of the slag-metal equilibrium studies on iron- 
oxide slags saturated with lime, and all of the stud- 
ies on slags saturated with dicalcium silicate, here- 
after referred to as Type L and C heats, respec- 
tively, were made in an induction furnace provided 
with a crucible having a capacity of 12-lb of molten 
iron. The furnace was constructed so that any de- 
sired atmosphere could be maintained over the bath. 

The essential features of the furnace~used to 
make Type L and C heats are illustrated in Fig. 1. 


Graphite 
Electrode 


Insulating 
Brick 


Refractory 


A Section of a 
Mognesia 
iS Crucible 


Fig. 1—Induction 
furnace, 12-lb 
capacity, with 
carbon-arc 
heater. 


Induction 
Coil 


Sheet Mica 


Bottom of a 
| — Magnesia 
[Y Crucible 
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A 2%-in. layer of insulating brick was placed on 
the transite bottom and a 2-in. layer of magnesia 
was tamped in place. As a precautionary measure, 
the bottom section of a magnesia crucible having a 
30-lb capacity was placed on the tamped magnesia. 
Next a layer of lime or dicalcium silicate, about 1% 
in. thick, was tamped in the furnace to form the bot- 
tom of the crucible. The sides of the crucible were 
formed by tamping the crucible material into the 
space between a mandrel, positioned in the center 
of the furnace, and a mica sheet liner inside the 
furnace coil. The crucible was tamped to a height of 
about 6% in. Then a 4%-in. cylindrical section 
sawed from a 30-lb-capacity magnesia crucible was 
placed on the tamped lime or dicalcium-silicate 
crucible to facilitate pouring the metal upon com- 
pletion of the run. 

A carbon-are slag heater also was provided as 
shown in Fig. 1. An ammeter in the circuit and a 
voltmeter across the electrodes gave readings of 60 
amp and 60 v. 

The material used for tamping the lime crucibles 
was a mixture of freshly burned lumps (—3 to +6 
mesh) and fine powder in the ratio of 1 to 1. To 
facilitate tamping, about 12 to 14 pct of absolute 
alcohol was added to the lime. After tamping the 
crucible, the alcohol was evaporated and the cru- 
cible sintered at about 1700°C for 3 hr by using a 
graphite susceptor. 

The dicalcium silicate was prepared by mixing 
wollastonite (monocalcium silicate) and freshly- 
burned electrically-fused lime powder in stoichio- 
metric amounts plus 5 pct excess lime. Also, 1.5 to 
2.5 pet P.O; was added as tricalcium phosphate to 
stabilize the high-temperature form of 2CaO-SiO). 
The mixture was ball-milled for about 20 min and 
then fired to a temperature of about 1550°C for 45 
min in a graphite crucible. After firing, the material 
was air-quenched from about 900°C to room tem- 
perature to prevent “dusting.” It was then crushed 
and sized. X-ray patterns of this material were 
made to establish the formation of the dicalcium- 
silicate compound. The dicalcium-silicate crucibles 
were made with a mixture consisting of particle 
sizes in the amounts of 50, 10 and 40 pct of “fines,” 
—8 to +14 mesh, and —3 to +8 mesh, respectively. 

In order to carry out the equilibrium studies it 
was necessary to decarburize the initial iron charge 
to less than about 0.01 pct carbon to prevent a re- 
action with oxygen during freezing of test samples. 
Type BL heats were deearburized by vacuum-melt- 
ing whereas the carbon was removed from Type C 
and L heats by melting in an atmosphere of hydro- 
gen. After decarburizing the latter heats, the hydro- 
gen was flushed from the furnace with helium. 


A synthetic slag mixture was added to each melt 
after decarburizing and then the arc heater was 
assembled. An inert gas was passed over the melts 
during equilibration at a flow rate of 3 to 41 per 
min. Purified nitrogen was used for some of the BL 
heats and helium was used for the balance of the 
heats. 


In order to establish equilibrium the slag and 
metal were sampled, and a temperature measure- 
ment was taken using platinum-platinum 10 pct 
rhodium thermocouples protected by a fused silica 
tube. The accuracy of the temperature is estimated 
to be +5°C, except for the points marked “uncer- 
tain” in Figs. 2-11, where the errors might have 
been greater. The slag samples were taken as dip 
tests in split steel molds, and the metal tests were 
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taken in Taylor samplers. Fetters and Chipman’ 
found that oxygen equilibrium was reached in about 
20 min. Phosphorus equilibrium was found to be es- 
tablished in 15 min by Winkler and Chipman;* and 
Rocca, Grant and Chipman’ found that sulfur equi- 
librium was attained in about 30 min. The repro- 
ducibility of Fischer and vom Ende’s results ob- 
tained in an air atmosphere’ indicates that lime 
saturation was reached within 30 min, which is con- 
sistent with the results of this investigation. In the 
current study, the sulfur and oxygen equilibria were 
found to be established within about 35 min. How- 
ever, to be sure that equilibrium existed at the time 
of sampling and temperature measurement, at least 
45 min were allowed after a bath addition or tem- 
perature change. In most cases the equilibration 
time exceeded an hour. 

The slag samples were prepared for analysis by 
crushing to pass through either a 20 or a 60-mesh 
screen. During the crushing of a sample, the slag 
was screened several times to prevent the occur- 
rence of an excessive amount of fines which would 
oxidize readily. In the analysis for the ferrous and 
ferric-oxide contents in the slag, a correction was 
applied for the amount of ferric iron reduced by the 
sulfide sulfur present. The total sulfur content of 

_the slag was determined by the combustion method. 

The metal samples were prepared for analysis by 
grinding or machining off the oxide surface. Then 
chips were machined for a sulfur determination, and 
solid 2-g samples were prepared for oxygen deter- 
Mination by vacuum fusion. The sulfur content of 
the metal was determined by both combustion and 
wet chemical methods. The latter was used for low 
sulfur determinations and included an ether separa- 
tion of most of the iron before precipitation of the 
sulfur as barium sulfate. 


Results and Discussion 


Solubility of Oxygen in Molten Iron Under Lime- 
Saturated Iron-Oxide Slags—Type BL and L heats 
in which the slags contained less than 0.8 pct silica 
were selected to represent the solubility of oxygen 
in molten iron under lime-saturated iron-oxide 
slags. The slags of Type L heats contained less than 
1 pet magnesia, whereas the magnesia content of 
Type BL heats was as high as 6.8 pct. 

The influence of temperature on the solubility of 
oxygen in molten iron under lime-saturated iron- 
oxide slags is shown in Fig. 2 in which the log per- 
cent oxygen in the metal is plotted against the re- 
ciprocal of the absolute temperature. The solid line 
is based on the open circles representing slags con- 
taining less than 1 pct magnesia; it is represented by 
the equation 


log [% O] = 


—5200 


A742, [1] 


Within the limits of experimental error, the points 
representing high-magnesia slags are in agreement 
with those of lower magnesia content. 

The effect of sulfur on the solubility of oxygen in 
molten iron under pure iron-oxide slags has been 
reported by Hilty and Crafts.’ They found a mini- 
mum in the plot of the oxygen content of the metal 
against the sulfur content at about 0.1 pet sulfur. A 
careful study of the influence of sulfur on the oxy- 
gen content of the molten iron under lime-satu- 
rated iron-oxide slags was made, but within the 
limits of experimental error, a variation of about 
0.005 to 0.1 pct sulfur in the metal was not found 
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to have an effect on the oxygen content. Melts con- 
taining higher sulfur concentrations were not used 
in this study. : 

The broken line in Fig. 2 represents the solubility 
of oxygen in molten iron under lime-saturated slags 
as determined by Fischer and vom Ende.’ The two 
sets of results are in good agreement. A slight dif- 
ference can be expected since their slags were 
equilibrated in air, and the molten iron was not 
covered by liquid slag. Furthermore, their slags 
contained slightly greater amounts of acid constit- 
uents, Al,O, and SiO., than the slags used in this 
study. 


Iron Oxide Activity of Lime-Saturated Slag— 

1) Effect of Temperature: The iron-oxide ac- 
tivity of lime-saturated slags, defined as the ratio of 
the observed oxygen content of the metal to that 
under pure iron-oxide slag as observed by Taylor 
and Chipman,” is presented in Fig. 3. The curved line 
is based on the points corresponding to slags con- 
taining less than 1 pct magnesia. It is to be noted 
that the iron-oxide activity decreases as the tem- 
perature increases, as would be expected since the 
iron-oxide concentration decreases as the tempera- 
ture increases. 

2) Influence of Slag Composition: Fetters and 
Chipman’ and later Taylor and Chipman” deter- 
mined the iso-iron oxide activity lines for the quasi- 
ternary (CaO + MgO)-SiO.-(FeO), system. The 
extensions of their iso-activity lines to the quasi- 
binary system (CaO + MgO)-(FeO); showed that 
the quasi-binary system exhibited negative devia- 
tion from Raoult’s law. In Fig. 4, the iron-oxide ac- 
tivities of lime-saturated slags in the temperature 
range 1530 to 1700°C are plotted as a function of 
the mol fraction (FeO),. The symbol (FeO), is used 


to designate the total iron content of the slag cal- 


culated to FeO. The impurities Al,O; and SiO., which 
totaled less than 0.01 mol fraction, were not in- 
cluded in the calculation of the slag composition. 
The points representing the data of slags contain- 
ing various magnesia concentrations are indicated. 

The older data also are indicated, and the line 
which is drawn through points representing low- 
magnesia slags shows clearly a negative deviation 
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from Raoult’s law. The presence of fairly high con- 
centrations of magnesia is noted to result in slightly 
higher iron-oxide activity values. 

Iron-Oxide Activity of Slags of the System CaO- 
SiO.-(FeO),—The oxygen content of molten iron 
under CaO-SiO.-(FeO), slags also was determined 
and used to calculate the iron-oxide activities of the 
slags. The liquid slags were either saturated with 
lime or dicalcium silicate depending upon the cruci- 
ble used. 

The iron-oxide activities of these slags are plotted 
in Fig. 5 against the molar ratio of bases to acids at 
various iron-oxide concentrations. This ratio of 
mole fractions (CaO + MgO)/(SiO, + PO. + Al.O,) 
is used as a general measure of basicity and is called 
simply the “basicity ratio.” In general, the concen- 
trations of the impurities Al,O,, PO.; and MgO are 
less than 1.0, 0.5 and 2.5 mol pct, respectively. 

The points in Fig. 5 represent the results of this 
investigation. The curved lines represent the re- 
sults of a summary of the iron-oxide activities of 
slags of the system (CaO + MgO)-SiO,-(FeO), as 
presented by Bishop, Lander, Grant, and Chipman.” 
The solid portions of the curves were based on the 
data of slags containing less than 2 weight pct each 
of Al,O;, P.O;, and MnO. The portions of the curves 
representing slags having a basicity ratio of less 
than about 1.6 were based on the data of slags essen- 
tially free of magnesia (less than about 3 pct). The 
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Fig. 5—Comparison of iron-oxide activity values of slags. 
Points represent slags saturated with lime or dicalcium sili- 
cate. Curved lines represent earlier data on iron-oxide slags 
containing MgO. 
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curves representing slags having basicity ratios 
greater than about 1.6 were based on slags saturated 
with magnesia. The broken portions of the curves 
were calculated from ionic concepts of slags of Flood 
and Grjotheim.” It should be pointed out that the 
curves were extended beyond the solubility limits 
of di- and tricalcium silicate and lime in order to 
establish a basis for estimating the iron-oxide ac- 
tivities of more complex slags such as those found 
in the open hearth. 

The observed iron-oxide activities of slags of 
basicity ratio greater than about 2 are lower than 
the values indicated by the lines of corresponding 
iron-oxide concentration. A careful study of the 
data indicates that the iron-oxide activities repre- 
sented by the points are consistently lower, by about 
15 to 30 pct, than the values indicated by the curved 
lines. It is evident that in basic slags CaO and MgO 
are not equivalent and that substitution of CaO for 
MgO lowers the iron-oxide activity. 

The iron-oxide activities of slags less basic than 2 
vary more widely than the values of the basic slags 
but are in closer agreement with the curved lines. 
The results of the more acid slags of the current in- 
vestigation and the curved lines are expected to be 
in close agreement since the slags used in both 
studies contained low concentrations of magnesia. 
It may be concluded, therefore, that the lines of 
Fig. 5, representing slags having a basicity ratio 
greater than 2, are applicable to basic slags made on 
a magnesia bottom and essentially saturated with 
MgO. For slags containing little or no magnesia, a 
similar figure could be constructed and the lines 
would conform to the lines shown for acid slags up 
to a ratio of about 1.6. At higher ratios the lines 
would be shifted downward, and this shift would 
amount to about 15 to 30 pct for slags above a ratio 
of 2. 

Distribution of Sulfur between Lime-Saturated 
Iron-Oxide Slags and Molten Iron—A measure of 
the desulfurizing power of slags is found in the 
limiting sulfur distribution ratio, (% S)/[% S], de- 
fined as the ratio of the weight percent sulfur in the 
slag to the weight percent sulfur in the metal. Type 
L heats containing less than 0.8 pct silica and Type BL 
heats were selected to establish the desulfurizing 
power of lime-saturated iron-oxide slags. The re- 
sults are shown in Fig. 6 as a function of tempera- 
ture. 

Even though the scatter of values is large, on the 
average the sulfur distribution ratio decreases from 
a value of about 11 to 10 as the temperature in- 
creases from 1530 to 1700°C. Various ranges of the 
magnesia content of the slags are indicated, but 
within the limits of experimental error, concentra- 
tions of magnesia up to 10 mol pct do not affect the 
sulfur distribution ratio. The oxygen in the system, 
which is known to affect the distribution of sulfur 
between slag and metal, is discussed in the follow- 
ing section. 
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Bardenheuer and Geller” studied the distribution 
of sulfur between molten iron and iron-oxide slags 
(containing lime) in a magnesia crucible. Their 
slags contained impurities of magnesia and silica 
which dissolved from the crucible, and also CaCl, 
and CaF, which were added to thin the slags. The 
results of their investigation, based on the upper 


limit of the scatter of points, may be expressed as 
follows 


(% S) (% CaO) 
[% S] (% FeO) 


where the ratio (% CaO)/(% FeO) is the ratio of 
the weight percentages of lime and iron oxide in the 
liquid slag. Substituting the ratio lime over iron 
oxide, estimated for 1600°C from the results of this 
study into Equation [2] gives a calculated value of 
10.3 for the sulfur distribution ratio, which is in 
good agreement with the results shown in Fig. 6. 
Equilibria between Sulfur and Oxygen— 

1) Lime-Saturated Iron-Oxide Slags: The equi- 
libria of sulfur and oxygen between molten iron and 
slag may be represented by the reaction 


[3] 
The equilibrium constant for this reaction is ex- 
pressed as follows 
Lao] 
[as] 


where the symbols in parentheses and brackets rep- 
resent the activities of the elements in the slag and 
metal, respectively. 

To simplify, the weight percentages of the ele- 
ments in the metal phase may be substituted for the 
activities. Using the weight percentage of sulfur 
in the slag and rearranging 


(%8) 
Ge) 1% 


where f,;” is the activity coefficient of the sulfide ion 
and a, is the oxide-ion activity in the liquid slag. 

Since the concentration of anions other than-oxy- 
gen in the slag is small, the oxide-ion activity can 
be assumed equal to unity. It was shown by St. 
Pierre and Chipman” that the activity coefficient of 
sulfur in lime-iron oxide solutions is nearly con- 
stant, and for present purposes it can be taken as 
unity. 

In Fig. 7, the logarithm of the right-hand term 
in Equation [3a], which will be called simply the 
S-O ratio, is plotted as a function of the reciprocal 
of the absolute temperature. The points represent 
the data of low-silica lime-saturated iron-oxide 
slags in equilibrium with molten iron. Within the 
limits of experimental error, the S-O ratio is not 
affected by the presence of up to about 10 mol pct 
magnesia in the slag. 

The temperature dependence of the equilibrium 
constant K,’ as calculated from the results of Fig. 7, 
can be represented by the following equation 


L% O] [3a] 
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(% S) —3750 
= O = 
[% 8] [% O] 


Thus, the free-energy change for the reaction in 
Equation [3] is as follows 


AF,° = 17,200 — 9.12T [5] 


log K,’ = log 


[4] 


A comparison of the foregoing free-energy change, 
based on lime-saturated slags, can be made with 
earlier data on iron-oxide slags by using the dis- 
tribution of oxygen and sulfur between molten iron 
and liquid iron oxide. The distribution of iron ox- 
ide and iron sulfide between molten iron and pure 
iron-oxide slags may be expressed by the follow- 
ing equations 

(FeO) = Fe* + O* =F 


[6] 
(FeS) = Fe* + S*=FeiS 


The free-energy change for Equation [6], as pre- 
sented elsewhere,” is as follows 


e 
€ 


AF,° = 28,900 — 12.51T [6a] 


The free-energy change for the reaction in Equa- 
tion [7] can be calculated from the results of the 
distribution of sulfur between pure iron-oxide slags 
and molten iron as presented by Bardenheuer and 
Geller.” The concentrations of impurities in the 
iron-oxide slags were small and thus, if all of the 
iron in the slag is calculated as the ferrous ion, its 
activity can be taken as unity. If the activity co- 
efficient of the sulfide ion is taken as unity, then the 
equilibrium constant for Equation [7] may be ex- 
pressed as K, = [%S]/(%S), where [% S] and 
(% S) are the weight percentages of sulfur in the 
metal and slag, respectively. Using the temperature 
dependence of the sulfur distribution ratio of Bar- 
denheuer and Geller, the free-energy change for the 
reaction in Equation [7] may be expressed as fol- 
lows 

AF,° = 10,900 — 3.26T [7a] 


Subtracting Equation [7a] from Equation [6a] 
yields the following free-energy change for Equa- 
tion [3], calculated from the data of pure iron-oxide 
slags 

AF,;° = 18,000 — 9.25T (calculated) [8] 


which is in close agreement with the results of this 
investigation, presented in Equation [5], based on 
the data of lime-saturated iron-oxide slags. 

2) Iron-Silicate Slags: The reviews by Turk- 
dogan™ and by Bishop, et al” on the equilibria of 
sulfur and oxygen between molten iron and iron- 
oxide slags indicate that the value of the S-O ratio 
decreases strongly as the silica content increases. 
In an effort to study the influence of slag composi- 
tion on the values of the S-O ratios in this investi- 
gation, it was desirable to correct the data to rep- 
resent conditions at a temperature of 1600°C. The 
values of the S-O ratios were corrected to 1600°C 
in the following manner. 

Taking the logarithm of Equation [3a], the S-O 
ratio can be expressed as follows 


(% S) (ao) 
(4) = K; = 9 


If at a given acid concentration of the slag, Nacia, 
it is assumed that the value of the ratio (do’)/(fs") 
is not a function of temperature over the range 
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1530 to 1700°C, then Equation [9] can be used 
to obtain the difference between the values of 


(% S) 


] 


[% O] at two temperatures: 


(7% S) 
O 


S) 
L% 


3, T2 


Ty 


+ log [10] 


The values for the S-O ratio at 1600°C were cal- 
culated by substituting the value of the S-O ratio 
at T, together with the appropriate K,’-values, as 
determined from Fig. 7 or Equation [5], into Equa- 
tion [10]. The corrected S-O ratios are plotted 
against the mol percent (SiO, + Al.O;, + PO.,;) 
in Fig. 8. The concentrations of AIO, and PO.,, 
were less than about 1.0 and 0.5 mol pct, respec- 
tively. The squares and circles represent iron- 
silicate slags saturated with lime and dicalcium 
silicate, respectively. The values for pure iron oxide 
and lime-saturated iron-oxide slags are also indi- 
cated. The results in Fig. 8 clearly indicate a de- 
crease in the value of the S-O ratio as the concen- 
tration of the acid constituents increases. Referring 
to Equation [3a], it is noted that a decrease in the 
value of the S-O ratio results in a corresponding 
decrease in the value of the ratio of the oxide-ion 
activity to the activity coefficient of the sulfide ion. 
The S-O ratio is nearly independent of the molar 
ratio of lime to iron oxide at a given silica concen- 
tration. These relationships were noted previously 
by St. Pierre and Chipman™ for slag-gas systems 
and by Bishop, et al” for slag-metal systems. 


The observation that iron oxide in the slag acts 
similarly to lime in its effect on the sulfur ratio is 
not inconsistent with the results of open-hearth 
studies. In general, [% O] is increased by an in- 
crease in iron oxide and the distribution ratio 
(% S)/[% S] is simultaneously decreased. Thus, 
iron oxide has two opposite effects upon the dis- 
tribution ratio, and for slags containing a given 
excess of CaO + MgO the effects eancel as shown 
by Grant and Chipman.” It is only in low iron- 
oxide slags that its oxidizing effect assumes rela- 
tively greater importance and the ratio (%S)/ 
[% S] becomes inversely proportional to (FeO),.° 
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Composition of Liquid Slag in Equilibrium with 
Molten Iron— 

1) Solubility of Lime in Iron Oxide: The solu- 
bility of lime in liquid iron oxide was established 
in the temperature range 1530 to 1700°C by using 
slag tests containing less than 1.0 mol pct silica 
and magnesia (Type L heats). The slag com- 
position was calculated to 100 pct, assuming mag- 
nesia as an equivalent to lime and the total iron 
present as FeO. These data are shown as circles in 
Fig. 9. Over the temperature range of interest in 
slag-metal equilibria, the solubility of lime in iron 
oxide may be expressed by the following approxi- 
mate equation 


—1070 


log mol % CaO = + 2.19 Be 


The temperature dependence of the lime solubil- 
ity was estimated for a wider temperature range by 
combining the slag-metal data together with the 
low-temperature data of Allen and Snow’® and with 
the melting point of lime. These results for the tem- 
perature range 1133 to 2570°C are represented by 
the solid line in Fig. 9. ; 

The influence of magnesia on the total basic ox- 
ides (CaO + MgO) present in the slag at a given 
temperature is also shown in Fig. 9. The presence of 
magnesia results in an increase in the total basic 
oxide content at a given temperature. 

The influence of temperature on the ferric-oxide 
content of lime-saturated iron-oxide slags is shown 
in Fig. 10. The line drawn through the low-mag- 
nesia slags indicates that the mol percent Fe.O, de- 
creases from about 5.4 to 3.5 as the temperature in- 
creases from 1530 to 1700°C. The points represent- 
ing slags containing various concentrations of mag- 
nesia are scattered uniformly, and hence, within the 
limits of experimental error, magnesia does not 
have an influence on the ferric-oxide content. 

2) Liquid. Iron-Silicate Slags Saturated With 
Lime and Dicalcium Silicate: Type L heats contain- 
ing silica and Type C heats were selected to deter- 
mine the composition of liquid iron-silicate slags 
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Fig. 11—Isotherms at 1400, 
1500 and 1600°C for the ad- 
justed slag system CaQ-SiO.- 
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dicalcium-silicate and lime cru- 
cibles, respectively. Isotherm at 
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saturated with lime and dicalcium silicate. The slags 
contained less than 1.8 pct Al.O, and MgO, and less 
than 0.5 pet P.O,. 

The 1400, 1500, and 1600°C isotherms represent- 
ing the composition of the liquid in the quasi-ter- 
nary system (CaO + MgO)-(SiO, + Al.O, + P.O,) 
-(FeO), are presented in Fig. 11. The line for the 
1400°C isotherm is based on the study of Allen and 
Snow* except at low silica concentrations where it 
has been adjusted to agree with the results of this 
investigation. The concentrations of impurities Al,O, 
and P.O; were small and, therefore, they were as- 
sumed to be equivalent to SiO, in their influence on 
the liquidus composition. Also, MgO was assumed to 
be equivalent to CaO. 

The open and solid points shown in Fig. 11 repre- 
sent the data of slags equilibrated in dicalcium- 
silicate and lime crucibles, respectively. The iso- 
therms are extended to the quasi-binary system 
(CaO + MgO)-(SiO, + Al,O, + P.O;) by using the 
CaO-SiO, phase diagram, and to the quasi-binary 
system (CaO + MgO)-(FeO); by using the curve 
shown in Fig. 9. 

The position of the 1400 and 1500°C isotherms 
presented by Allen and Snow are in good agreement 
with the results shown in Fig. 11, except the portion 
representing lime-saturated slags containing less 
than about 10 pct silica. Allen and Snow’s results 
indicate that small additions of silica increase the 
solubility limit of lime to a much greater extent 
than indicated in Fig. 11. The reason for this dis- 
crepancy has not been established. 


Summary 

The results of this investigation of the composi- 
tion of liquid iron-oxide slags saturated with lime 
or dicalcium silicate and the distribution of sulfur 
and oxygen between molten iron and liquid slags 
can be summarized as follows: 

1) The solubility of oxygen in molten iron under 
lime-saturated iron-oxide slags was found to in- 
crease from 0.073 to 0.127 pct as the temperature 
increased from 1530 to 1700°C. 

2) The iron-oxide activity of lime-saturated 
iron-oxide slags, based on the oxygen content of the 
metal, was found to decrease from 0.422 to 0.375 as 
the temperature increased from 1530 to 1700°C, as 
a result of a decrease in the iron-oxide concentra- 
tion of the slag. 

3) The iron-oxide activity of lime-saturated 
iron-oxide slags shows negative deviation from 
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Raoult’s law. The substitution of MgO for CaO on 
a molar basis increases the iron-oxide activity. 

4) The iron-oxide activity values of iron-sili- 
cate slags saturated with lime and dicalcium silicate 
were determined. The iron-oxide activity values of 
slags having a ratio of bases to acids greater than 
about 2 are slightly lower than the values of sim- 
ple iron-oxide slags studied previously. The values 
of less basic slags are consistent with the results of 
previous studies. 

5) The desulfurization ratio (%S)/[% 8S] of 
lime-saturated iron-oxide slags in equilibrium with 
molten iron was determined as a function of tem- 
perature. The desulfurization ratio decreases from 
about 11 to 10 as the temperature increases from 
1530 to 1700°C. 

(% S) 


6) The ratio [% 8] 


iron-oxide slags in equilibrium with molten iron 
was determined as a function of temperature. This 
ratio increases from 0.082 to 0.124 as temperature 
increases from 1530 to 1700°C. The temperature de- 
pendence of the ratio was used to determine the 
free-energy change for the reaction of sulfur and 
oxygen between the liquid slag and molten iron. 


(% 
[% S] 


for iron-silicate slags saturated with lime and dical- 
cium silicate decreases as the acid content increases. 
These results indicate that the ratio of the oxide-ion 
activity to the activity coefficient of the sulfide ion 
decreases as the acid content increases. 

8) The solubility of lime in iron-oxide slag in 
equilibrium with iron was determined experimen- 
tally over the temperature range 1530 to 1700°C. 
These results were combined with existing data to 
estimate the solubility of lime in liquid iron oxide 
as a function of temperature from 1133°C to the 
melting point of lime. 

9) The temperature dependence of the ferric- 
oxide content of lime-saturated iron-oxide slags was 
determined over the temperature range of interest 
in slag-metal studies. The ferric-oxide content de- 
creases from 5.4 to 3.5 mol pct as the temperature 
increases from 1530 to 1700°C. 

10) The temperature contour of the liquidus 
surface of iron-silicate slags saturated with lime 
and dicalcium silicate was established at 1600°C. 


[% O] for lime-saturated 


7) Theratio [% O] (corrected to 1600°C) 
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Theory of Brittle Fracture in Steel and 
Similar Metals 


by A. H. Cottrell 


INCE metallurgy exists to provide strong, tough, 

engineering materials it must inevitably be 
perpetually concerned with the problem of brittle- 
ness. The steel-making industry was created because 
chemically unrefined iron is brittle. The steel- 
working and alloy-steel industries exist partly be- 
cause hardness and ductility are mutually exclusive 
qualities in structurally unrefined steel. Yet, in spite 
of these immense industries, the brittle failure of 
steel ships hulls, bridges, pressure vessels, and pipe- 
lines, is still a contemporary problem. 

In fact, brittleness is a normal property of most 
solids, including metals and alloys, at low tempera- 
tures. Only face-centred cubic metals are commonly 
ductile at the lowest temperatures, and even here 
exceptions are known."** Expensive arc-melting 
processes, under inert gases or vacuum, have been 
developed to overcome brittleness in titanium, zir- 
conium, columbium, and molybdenum. Polycrystal- 
line zinc, magnesium, and uranium have little duc- 
tility at room temperature. Beryllium, chromium, 
and tungsten have even less; similarly for antimony, 
bismuth, germanium, silicon, intermetallic com- 
pounds, and metallic carbides, nitrides, silicides, and 
borides. Oxides and other ceramics would be ideal 
creep-resistant materials but for their extreme brit- 
tleness when cold, and great efforts have been made 
to overcome this problem by mixing ceramics with 
metals. In fact, the traditional use of the name met- 
allurgy for what is really the science of engineering 
materials is a recognition that most non-metallic 
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solids have so far been precluded, by their extreme 
brittleness, from use as major structural materials 
in mechanical engineering. 

Most of what we know about brittleness in metals 
has come from studies of structural steel, and it is 
this material that shall mainly be considered. The 
things we have learned from it have a wider appli- 
cation, at least to other body-centred cubic transi- 
tion metals, although the extent to which similar 
ideas can be applied to hexagonal metals and other 
materials is not yet clear. 


Fracture and Plastic Deformation 

The theoretical breaking strength of an ideal solid, 
about E/10 where E is Young’s modulus, has been 
approached reasonably closely in experiments on 
fibres. But large specimens break at much lower 
stresses. For example, brittle cracks in large struc- 
tural steel assemblies have been observed to spread 
catastrophically at speeds of 6000 ft per sec under 
stresses of about 10,000 psi, i.e. about E/3000. 

There are two sources of weakness; stress concen- 
trations, and chemical agents in grain boundaries or 
on crack faces that lower the surface energy y of the 
material. Although we shall deal mainly only with 
the first of these, much of the discussion is also ap- 
plicable to the second when different values of y are 
used. Griffith’s well-known formula 


gives the smallest tensile stress p able to propagate 
an atomically sharp surface crack of length c or in- 
terior crack of length 2c through a thick plate (com- 
pared with c) of elastically isotropic material of 
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Young’s modulus E, surface energy y, and Poisson’s 
ratio vy. Any stress smaller than this could not supply 
enough energy for the growth of the crack. The 
main uncertainty lies in deciding on a value for ¥. 
Strictly, y is the total energy expended in exposing 
unit area of the crack faces, as the crack grows be- 


yond the length c, and this energy may be arbitrarily —— 


large depending on how much the fracture process is 
thermodynamically irreversible, i.e. is accompanied 
by plastic deformation, radiation of elastic waves, 
branching cracks, etc. Even ideally, however, y can- 
not be smaller than the surface energy of the mate- 
rial, which we expect to be about 2000 erg per sq cm 
for clean surfaces in iron. Using this ideal value and 
taking E = 2 x 10” dyne per sq cm we see that 
cracks at least 10“ cm long are required if the metal 
is to break at a stress of E/300. 

It is not difficult to imagine that lamellar carbides 
or other microstructural constituents might provide 
cracks of this size in steel, but this assumption mere- 
ly transfers the problem unless we can explain how 
these constituents form cracks. It is also too restric- 
tive since iron* and other metals’ break in a brittle 
manner at low temperatures even when pure enough 
to contain no visible inclusions. Moreover, we have 
still to explain the existence of the brittle/ductile 
transition, in which the fracture changes totally 

from a brittle to a ductile type as the temperature is 

raised a few degrees through a critical range. On 
the interpretation we have given so far to Griffith’s 
formula none of the factors in it vary strongly with 
temperature. 

It appears that brittle fracture in steel, and per- 
haps in most other metals also, is started by plastic 
deformation. It is well-known, for instance, that in 
notch tests the crack usually forms at the root only 
after some plastic deformation has taken place 
there.*” Tensile tests on un-notched specimens, us- 
ually at the temperature of liquid nitrogen, have 
shown that the yield and fracture stresses follow 
similar relations with grain size* and that for steel, 
molybdenum, and columbium, cracks begin to form 
at the upper yield point of the metal.’ In a particu- 
larly striking experiment, the results of which are 
given in Fig. 1, Low” proved that steel of a given 
grain size yields in compression and breaks in ten- 
sion at precisely the same stress. It is thus necessary 
to examine the process of plastic yielding before we 
can attempt the problem of fracture. 


Theory of the Yield Point 
The sharp yield point of iron is attributed to the 
pinning of dislocation lines by segregated carbon and 
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Fig. 1—Effect of grain size on yield stress in compression, and 
brittle fracture stress in tension, on mild steel at —196°C 
After Low”. 
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nitrogen.” Before a Frank-Read dislocation source” 
can be set into action, the dislocation line in that 
source has to be unpinned by pulling it away from 
its segregate, and at low temperatures the shear 
stress for unpinning is given approximately by 


o=V/3rab, 


where V is the binding energy of a segregated atom 
in the dislocation, about 0.8ev for nitrogen in iron,* 
r(=b) is the distance moved by the dislocation to 
the unpinning position, b is the length of the Burgers 
vector of the dislocation, and a is the spacing of pin- 
ning points along the dislocation. We estimate 
oo = »/45 in fair agreement with the (shear) yield 
stress of 4/80 observed by Basinski and Sleeswyk” 
on fine-grained iron at 4°K. The strong effect of 
temperature and time of loading on the upper yield 
point is attributed to the smallness of r which en- 
ables small thermal fluctuations to unpin a piece of 
dislocation while the applied stress is well below oa. 
A recent estimate” gives 


u(=)=08 (:-=) [3] 


electron-volts for the activation energy to unpin a 
dislocation subjected to an applied shear stress o 
on its glide system, over the range where 
0.80, >o0> 0.2 o. Since thermal fluctuations of or- 
der 0.3eV can occur fairly frequently even at 100°K, 
the unpinning stress should fall to about one-third 
of o, during the first 100°K rise in temperature. At 
higher temperatures, the fall should become less 
rapid, partly because of the form of Eq. 3, but also 
because Eq. 3 underestimates the activation energy 
when o << op. 

The true upper yield point is normally not ob- 
served in practice, because non-axial loading, 
scratches, changes of cross-section, and internal 
stresses at the corners of grains and inclusions, pro- 
vide stress concentrations that set off local yielding 
prematurely.” By taking exceptional precautions, 
upper yield points far above the usual values can be 
obtained. Hutchison,” for example, has recently ob- 
tained upper yield points (73,000 tensile psi) at 
room temperature of twice the lower yield stress; 
whereas in conventional experiments the upper yield 
is usually only 10 to 20 pct greater than the lower 
yield stress. The pre-yield micro-strain that is some- 
times observed before the yield point is also evidence 
for localized premature yielding. 

We believe that the upper yield point in conven- 
tional experiments is the stress at which prematurely 
yielded zones can trigger yield in adjacent grains.” 
As more and more grains are triggered the yield 
zones spread across the specimen and form a Luders 
band. Yield at the lower yield point is essentially 
the same process but occurs at a lower stress, be- 
cause so many places exist along the front of a fully 
developed Liiders band where triggering can take 
place, and because the change in cross-section, and 
change of orientation in a single crystal,“ intensifies 
the stress at the Liiders front. 

The propagation of yield is thought to occur in 
detail as follows. When a dislocation source is un- 
pinned it releases an avalanche of dislocations into 
its slip plane and these pile up at the grain boundary. 
Their stress concentration acts with the applied 
stress on the dislocations of the next grain and un- 
pins the nearest of these, so that the process is re- 
peated in this next grain. The applied shear stress 
ay at which this yield propagates is given by 
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Fig. 2—Effect of grain size on lower yield stress of: (1) an- 
nealed mild steel; (2) as (1) but nitrided; (3) as (1) but 
quenched from 650°C; (4) as (1) but quenched and aged 1 
hr at 150°C; (5) as (1) but quenched and aged 100 hr at 
200°C; (6) annealed Swedish iron. After Cracknell and 
Petch™. 


+ oa(l/d)” 


, [4] 


Cy 


where I is the distance from the piled-up avalanche 
to the nearest sources, 2d is the grain diameter, and 
oa is the unpinning stress for the temperature and 
time concerned. The stress co, is the resistance met 
by a released dislocation as it glides along its slip 
plane. The factor (1/d)””’ takes account of the stress 
concentration exerted on the sources by the piled-up 
group, and the 1 in the denominator takes account 
of the applied stress acting directly on them. For 
yield to propagate in the manner described, it is 
necessary that o,>o;. When alloy hardening is 
very intense, as in some alloy steels, discontinuous 
yielding is observed only at low temperatures. 


Table |. Values of ky/u, determined by two methods, ky defined 
by Eq. 5; « = shear modulus 


Refer- 
Metal Method Temp,°K = ky/u, Cm1/2 ence 

Iron Grain Size 78 1.3x10-+ 20 
Iron Grain Size 78 0.9x10-4 8 
Iron Grain Size 78 0.8x10-4 21 
Iron Grain Size 300 0.46x10-4 22 
Iron Grain Size 300 0.4x10-4 21 
Iron Liiders strain 150 0.5x10-4 23 
Iron Liiders strain 200 0.35x10-4 24 
Iron Liiders strain 300 0.2x10-4 24 
Molybdenum Grain size 300 0.55x10-4 25 
Molybdenum Liiders strain 300 0.1x10-4 9 
Molybdenum Liuders strain 300 0.2x10-+ 25 
Columbium Grain size 200 0.1x10-4 73 
Columbium Liiders strain 200 0.36x10-4 

Columbium Liders strain 200 0.1x10-4 73 
Tantalum Liuders strain 150 0.1x10-4 9 
Tantalum Liders strain 200 0.1x10-4 26 
Tantalum Liiders strain 200 0.1x10-4 27 
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For most grain sizes, where d >> 1, Eq. 4 simpli- 
fies to 


which Hall,” Petch,* and Low,” have shown success- 
fully describes the variation of the lower yield point 
of iron with grain size. Fig. 2 gives an example of 
the relation. We shall see later that k,, because it 
is a measure of the pinning of dislocations, and be- 
cause it governs the size of stress pulse produced at 
a pile-up, is vital not only to yielding but also to 
fracture. It can be determined from Eq. 5 when the 
yield stress is known as a function of grain size. It 
can also be estimated from the Liders strain on the 
principle that the metal undergoes this strain to re- 
cover, by strain hardening, the yield strength it loses 
through the disappearance of k,d“”” when it yields. 
This method is inaccurate because the coefficient of 
strain hardening is not well established for small 
plastic strains. Some values obtained by these two 
methods are given in Table I, based on results of 
tensile experiments at fairly low rates of strain (e.g. 
10~ per sec). 

It will be seen that the Liiders strain method 
appears to underestimate k,. Also, that whereas ky, 
is fairly similar for the iron and molybdenum, and 
columbium specimens, it is somewhat smaller for 
the tantalum and columbium specimens. As regards 
iron, if we suppose from the argument following 
Eq. 2 and 3 that the unpinning stress is about »/120 
at 78°K, then the value of k,(=10“,» cgs) at this 
temperature implies that 1 = 1.4 x 10“cm, which is 
reasonable for the scale of the Frank-Read network. 
The corresponding activation energy for unpinning 
at this temperature would then, from Eq. 3, be 
about 0.22ev (=34kT). For unpinning to occur at 
the same rate at, say 200°K, the activation energy 
would have to be increased by the factor 200/78, i.e. 
to 0.565ev, which would correspond to a value 
k, = 0.4 X 10%» egs at this temperature. 

One would hope to be able to test Eq. 3 more com- 
pletely by comparing it against observed delay times 
for yielding, using a formula of the type 


=texp[ |, [6] 
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Fig. 3—Delay times for yield in steel at various stresses 
and temperatures. The experimental points were obtained 
by Clark and Wood*. The theoretical curves were derived 
from Eq. 3 and 6". Courtesy: The Institution of Mechanical 
Engineers. 
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and in fact this fits the results obtained by Clark 
and Wood™ fairly well (Fig. 3), if we take t= 10™ 
sec. and a (shear stress) = »/80." The difficulty 
however is that, since pre-yield micro-strain is ob- 
served in such experiments,” the measured delay 
time probably refers to the early stages of propaga- 
tion of yield, in which case the local stress acting on 
the Frank-Read sources at the yield front is magni- 
fied by the dislocations piled up behind the front. 
Moreover, the stress concentration at a pile-up is de- 
termined partly by o; and in cases where this is 
sensitive to the temperature and speed at which the 
dislocations glide the dynamical yield point is meas- 
ured on a sloping background of o;. It hardly seems 
possible to disentangle these effects at present and 
it would be useful if the effect of grain size on delay 
times for yield could be studied, so that the separate 
contributions of o, and k, could be resolved. 

The only work in which o, has been studied sys- 
tematically is that of Heslop and Petch.” They re- 
solved it into two terms, 


+0,”", [7] 


the first of which is the stress needed to drive a free 
dislocation against the resistance of dispersed im- 
purities, precipitates, dislocations, and sub-struc- 
‘tures. They showed that o,’ varies little with tem- 
perature. On the other hand o,” is very sensitive to 
temperature (Fig. 4), at least in the range 80 to 
200°K, and this is thought by Heslop and Petch to 
be due to the Peierls-Nabarro force™®* of the iron 
lattice. Although the only direct evidence for such 
a force is that obtained by Gilman and Johnston® on 
lithium fluoride, many other observations, especially 
those concerned with the effect of temperature on 
the flow stress, have suggested that glide systems in 
crystals commonly have large Peierls-Nabarro 
forces. The only consistent exceptions are close- 
packed planes in close-packed metal crystals. It 
seems probable that the steep rise of yield stress in 
bee transition metals at low temperatures is due 
partly to the Peierls-Nabarro force and partly to the 
pinning of dislocations by segregated impurities. For 
example, Biggs* has obtained a 6-fold increase in 
the upper yield point of iron crystals on cooling 
from 293°K to 88°K, and a corresponding 4-fold in- 
crease in the flow stress of freshly overstrained crys- 
tals which contained unpinned dislocations. 


The Nucleation of Cracks by Slip 

The idea that the stress concentration formed at 
the tip of a slip band; where dislocations are piled 
up, causes a crack to form in a manner such as that 
suggested in Fig. 5 has been advocated by several 
people." «In -particuiar, Stroh” has, con- 
cluded that n dislocations of Burgers vector b piled 
up at a grain boundary coalesce to form a crack 
when the shear stress acting on them reaches the 
value 

=o; + (12 y/nb), [8] 
where o; is again the friction stress in the slip plane 
and y is the surface energy. 

Stroh” has also shown recently that, if y is con- 
stant throughout the growth of the crack, then the 
tensile stress necessary to nucleate a crack at the 
tip of a slip band in the manner shown in Fig. 5 is 
more than sufficient to propagate the crack. Now 
this raises a difficulty; since the nucleation process 
depends only on the shear stress, which squeezes the 
dislocations together at the end of the slip plane until 
they are close enough to coalesce, the fracture of 
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Fig. 4—Temperature yariation of the temperature-dependent 
part of the (tensile) lattice friction stress. After Heslop 
and Petch™, 


the material should depend only on shear stress, not 
on hydrostatic stress. But experience of thick and 
thin plates* and experiments on torsion and tension 
stressing,” leave no doubt that hydrostatic tension 
increases the brittleness of the metal. It appeared 
to the writer* that the effect of hydrostatic tension 
implies that the growth of a crack nucleus must be 
a more difficult step in the process of fracture than 
its nucleation, i.e. at the critical stage in the process 
of fracture a crack must already be present if the 
hydrostatic stress is to exert an influence. Petch* 
has independently been led to the same conclusion, 
mainly by a consideration of the effect of o; on the 
brittleness of the material. On the basis of Eq. 5 and 
8, we would expect o; to play no part in determining 
the brittleness since it contributes equally to the 
yield and fracture strengths. However, if the crit- 
ical stage involves the growth of a crack nucleus, 
then in a metal with a large o; the applied stress 
acting on this nucleus is correspondingly large. 

We suggest then that, in the process of producing 
fracture from plastic yield, there are three distinct 
applied stresses at which various stages become pos- 
sible; the yield stress, at which slip bands nucleate 
slip in other bands, as discussed above; the nuclea- 
tion stress, at which slip bands nucleate micro- 
cracks; and the growth stress, at which these micro- 
cracks grow into a complete fracture. The nucleation 
stress is now believed to be smaller than the growth 
stress, so that the critical comparison is that be- 


Fig. 5—A crack formed by the piling of dislocations in a 


slip band against a grain boundary. 
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tween the yield stress and the growth stress. When 
the yield stress is smaller than the growth stress the 
material is ductile; when it is larger the material is 
brittle. 

Why should the nucleation stress be smaller than 
the growth stress? One possibility is that as the 
microcrack grows its tip has to penetrate a region 
where y is higher. This is not unreasonable, particu- 
larly since the experimentally determined values of 
y appear to be much higher than the true surface en- 
ergy of the metal even in highly brittle fractures.” 
Moreover, since plastic tearing must take place when 
a cleavage crack propagates through a grain bound- 
ary across which the orientation of the cleavage 
plane changes, it is reasonable to suppose that the 
first grain boundary in its path confronts the micro- 
crack with a region of high y. 

On the other hand, there may be easier processes 
of nucleation than that envisaged by Stroh. Low” 
and Gilman* have remarked that the stress con- 
centrations that appear to be needed to enforce 
coalescence of dislocations piled-up against a grain 
boundary are so high that they might nucleate slip 
dislocations at the point of the pile-up instead. This 
objection could be overcome if there were some 
other process of crack nucleation, for example in 
which the coalescing dislocations were attracted to- 
wards each other. The fact that brittle cleavage 
fractures can be produced in single crystals shows 
that other processes, not involving grain boundaries, 
must be possible. 

We shall now suggest such a process, in which 
the crack is formed along the junction of two inter- 
secting slip planes. Consider an (001) cleavage 
plane intersected by (101) and (101) slip planes 
inclined at 45° to it, that meet it along an [010] axis 
(Fig. 6a). Suppose that a slip dislocation with 


Burgers vector = [111] gliding in (101) meets along 
this axis a similar dislocation, with a Burgers vector 
= [111] gliding along (101). They coalesce to form 
a new dislocation, thus, 


a 


[111] +> a [001], [9] 


and in so doing they lower their elastic energy and 
are attracted together. This is easily seen by consid- 
ering the separate interactions of the orthogonal 
components of these dislocations. Because of cubic 
lattice symmetry the elastic energy released by the 
reaction 


a 
— [100 —[100]- 0 
5 [100] + 5 [100] 
is exactly equal to that created by the reaction 


1001] [001 


so that the overall change of elastic energy is that 
released by the coalescence of the screw components, 


a 
— [010 —[01 ; 
0]> 0 


irrespective of the elastic constants of the metal. 
It should be noticed that the corresponding dislo- 
cation reaction in the fcc lattice 
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does not release elastic energy, and the resulting dis- 
location is unlikely to be stable. The extent to which 
a corresponding reaction is possible in the hep lat- 
tice is not yet clear, because it depends on the op- 
eration of slip systems additional to the basal system, 
but it is interesting to notice that Bell and Cahn® 
observed cleavage cracks in zinc crystals that were 
formed symmetrically at the junctions of intersect- 
ing pairs of deformation twins where twinning dislo- 
cations had evidently coalesced. 

The a[001] dislocation produced by the above re- 
action in the bcc lattice is a pure edge which lies in 
the (001) cleavage plane. It is thus geometrically 
identical with a cleavage knife, one lattice constant 
thick, inserted between the faces of this plane. Since 
this dislocation has lower elastic energy than any 
known set of dislocations in the bcc lattice that can 
be produced from it by dissociation, and since it has 
a large Burgers vector, we believe it will be cracked, 
as shown in Fig. 6b. This crack can grow by other 


slip dislocations in the (101) and (101) planes run- 
ning into it, as shown in Fig. 6c. The applied stress 
has little direct influence on the crack during the 
early stages of growth and acts mainly through the 
force it exerts on the dislocations moving into the 
crack. As the crack grows, however, the direct action 
of the stress on it becomes more important and 
eventually predominates as the crack becomes longer 
than the slip bands from which it originated. 

An essential feature of this process is that two 
intersecting slip bands are required. The elastic 
attraction between the dislocations of these bands 
helps one of the bands to set the other off, but this 


is probably a minor effect. In single crystals it is 


obviously favorable if the specimen is loaded sym- 
metrically so that the two slip planes are equally 
stressed, as has been observed in experiments on 
single crystals.“ In polycrystals, the process should 
be possible occasionally at the front of the Liuders 
band in suitably oriented grains, and more generally 
behind the Liders front where the mutual con- 
straints of neighboring grains force slip to occur on 
several systems. 


©, 
(001) 
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Fig. 6—(a) Coalescence of two slip dislocations to form a 
cracked dislocation on a cleavage plane (b). (c) Coalescence 
of two slip bands to form a cleavage crack (d). 
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We shall now derive a formula for the stress 
needed to grow such a crack. Although the calcula- 
tion is based on the process just described, the prin- 
ciple is quite general, and closely similar formulae 
are expected for other processes in which cracks 
grow out of slip or deformation twin bands. The 
calculation is an application of one given by Stroh.” 
Suppose, in Fig. 6c, and d, that two slip planes of 
length d, oriented symmetrically at 45° to the ap- 
plied tension stress p, each discharge at their meet- 
ing point n dislocations which coalesce to produce 
a cracked edge dislocation of Burgers vector na, 
where a is the lattice constant. Let the crack extend 
normally to the applied stress and let its length be c. 


Then the energy of the cracked dislocation, W, can 
be written in the form,’ 


pra 
a (1—v) p’c? nac 
[10] 
8u 2 


The first term here is the energy of the stress field of 
the dislocation, R being the effective radius of this 
field, the second is the surface energy of the crack 
faces, the third is the elastic energy of the crack in 
the applied stress field, and the fourth is the work 
done by the applied stress due to the increase in 
volume on opening up the crack. We define 


wna? 8 Cas na 
87 (1—v) y a (1—v) p” 8 


and so write W in the form 


4R 2 1/2 
Ww = 2y [cin (==) 4 
Cc Cs 4 


The equilibrium lengths of the crack, defined by the 
condition dW/dc = 0, are then given by the roots of 
the equation 


1/2 
2 ( ) cot ec. =0. 
Ce 


‘We notice that if p = 0, so that only the dislocation 
forces produce the crack, then c.> © and c = G, i.e. 
c, is the length of crack produced purely by the dis- 
locations. Also, if p > 0 but no dislocations are pres- 
ent, i.e. c, = 0, the solution is either c = 0, i.e. no 
crack, or c = ¢,, i.e.-a_ Griffith crack. Thus c, is the 
Griffith crack size for the applied stress p. 

When both dislocations and applied stress are 
present, Eq. 12 either has two positive roots, in 
which case the smaller gives the stable crack length, 
or no real roots, in which case the crack grows in- 
definitely. The transition between these cases occurs 
when. (c./c.)*” = 0.25, i.e. when 


pna = 2y. [13] 


We notice that p has entered here through the 
“Griffith term” c., i.e. through the work it does on 
the crack. Its effect on the dislocations does not ap- 
pear explicitly. The dislocations enter through the 
term na, i.e. we have supposed that a given number 
of dislocations are present which coalesce in the 
crack nucleus. To determine na we note that a slip 
plane of length d under a shear stress o(=p/2) and 
having a friction stress 7; can undergo a shear dis- 
placement (o —o;)d/» at its center, and that this 
approximately determines na. Thus, using Eq. 5 for 
the yield stress o,(=oc=p/2) and supposing that the 


Ci == 
Cy 


[12] 
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slip bands are one-half the grain size in length, Eq. 
13 becomes 
[14] 


or equivalently, 
oyk,d” = Bry [15] 
where 8 = 1. 
We notice from Eq. 5 that when o, = 0, Eq. 15 


reduces to 
Buy 
=2 
d 


which is essentially the condition for the growth of 
a Griffith crack of length d. This is to be expected 
since the slip planes act as freely slipping shear 
cracks of length d when o; = 0. Eq. 14 and 15 thus 
extend Griffith’s criterion to the case where part of 
the crack consists of slip bands on which the applied 
stress is partly carried by the friction stress o;. 


The Ductile-Brittle Transition in Unnotched 
Tensile Specimens 

Eq. 14 and 15 define a limiting condition for the 
formation of a large crack from slip bands. When 
conditions are such that the left hand side is smaller 
than the right hand side a crack may form but is un- 
able to grow beyond a certain length; in such cases 
we expect that, except at extremely low tempera- 
tures, plastic flow. will blunt the tip of the crack as 
soon as it comes to rest. Non-propagating micro- 
cracks of the type thus expected have been observed 
to form at the yield point by Low,” and in Liders 
bands by Owen, Averbach and Cohen.” Fig. 7 shows 
an example. 

When the left hand side exceeds the right hand 
side the yield stress is more than sufficient to make 
the crack grow into a full fracture. The theory thus 
predicts a ductile-brittle transition and Eq. 14 and 
15 define the transition point. Increases in ky, o;, oy, 
and d, all tend to make the metal brittle. The most 
important is k, since it determines the number of 
dislocations released into a slip band when a dis- 
location source is unpinned. We expect from Table 
I that the tantalum specimens mentioned there 
should be more ductile than the others because of 


Fig. 7—A cleavage crack across a single grain in a low- 
carbon steel strained 5 pct at —195°C. X500, After Low™. 
Courtesy: American Society for Metals. 
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Fig. 8—Effect of grain size on yield and fracture tensile 
stresses, and on strain to fracture, of low-carbon steel at 
—196°C. The points at infinite grain size represent single 
crystal cleavage stresses. After Low”. 


the smaller k, values, and this is found in practice.’ 
The molybdenum and columbium specimens on the 
other hand are more nearly similar to iron, colum- 
bium being a little more ductile. 

The transition point also depends on the value of 
Buy. Typically, for iron at the temperature of liquid 
nitrogen, the transition occurs when o, = 4.5 X 10% 
and d” =5 10° cm™”. Taking k, = 10“*ncgs from 
Table I, 8 = 1, and » = 8 X 10”, we obtain Buy = 1.4 
x 10° egs and y = 18,000 erg cm” from Eq. 15. This 
value of y is about 10 times the surface energy of 
iron. An effective surface energy greater than the 
true one appears to be a common feature of brittle 


fractures in iron” and is thought to be mainly due to | 


irreversible work of tearing at river lines and grain 
boundaries.” It seems probable that the high transi- 
tion temperatures and low fracture stresses observed 
in tungsten and molybdenum are a result of lower 
values of y. Certainly this is to be expected in tung- 
sten, which commonly shows intergranular frac- 
tures; molybdenum also fractures in an intercrys- 
talline manner when impurities segregate to the 
grain boundaries.” Iron similarly shows very high 
transition temperatures and weak fractures when 
oxygen is present in its grain boundaries.” As re- 
gards molybdenum, Bechtold’s results" enable us to 
estimate y. This metal became brittle at 200°K, at 
a grain size such that d’”’? = 4 x 10° and o, = 2.5 X 
10“z. Thus, assuming k, = 0.7 X 10“p at 200°K (cf. 
Table I), and taking » = 1.2 x 10” we obtain Buy = 
10° and y = 8000 erg cm”. This is well below the 
value obtained for iron and probably not more than 
2 to 3 times the true surface energy for molybdenum. 

Returning to the left hand side of Eq. 14 we see 
that at a fixed temperature the transition point oc- 
curs at a certain grain size above which the metal 
is brittle, and below which it is ductile. This grain 
size transition is well-known from the work of 
Petch® and Low.” Fig. 8 and 9 show their observa- 
tions. The combination of o,; with d’”’ in Eq. 14 has 
several interesting consequences. It shows that fine- 
grained metal can sustain greater values of co; than 
coarse-grained metal without becoming brittle. Also, 
that there is no simple connection between hardness 
and brittleness, since hardening by refining the grain 
size (see Eq. 5) reduces the brittleness whereas 
hardening by increasing o,, or k,, increases the brit- 
tleness. 
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Fig. 9—Effect of grain size on yield and fracture tensile 
stresses, and on reduction in area, at —196°C. Experimental 
points not shown. In the ductile range the fracture stresses 
have been corrected for plastic deformation before fracture. 
After Petch®. 


Many effects of alloying and metallurgical treat- 
ment on iron can be rationalized on this basis. Small 
aluminum additions refine the grain size, and reduce 
the brittleness. Manganese reduces both the grain 
size and k,, and so is especially beneficial.” Nickel- 
chromium additions allow fine-grained structures to 
be produced by heat-treatment. Large silicon ad- 
ditions raise o; and render coarse-grained iron brit- 
tle. Work-hardening and irradiation-hardening™ also 
embrittle the metal by raising oi. 

On the ductile side of the transition point the 
micro-cracks cannot propagate at the yield point. 
To produce cracks that can propagate the applied 
(shear) stress has to be raised to the value 


= + Ao = [16] 


where Ao is the increase in yield strength from the 
work-hardening that occurs beyond the yield point. 
Thus, on this side of the transition point the fracture 
stress should increase linearly with d~” along a line 
which (unlike that for o,) extrapolates back to 
or = 0 atd’=0. This agrees with Low’s observa- 
tions in Fig. 8.” Also, if Ao is estimated from the 
observed plastic strain and is then subtracted from 
o;, the resulting corrected fracture stress should co- 
incide with the yield stress. Petch’s results in Fig. 
9 show that this is approximately so in practice. 
To estimate Ac we write 


ao = ( [17] 


€ 


where « is the plastic strain to fracture and 0c,/de is 
the coefficient of work-hardening. From experimen- 
tal data* we deduce that 


= 3.5 x 10° [18] 
Oe 


for strains greater than about 0.1. At a given tem- 
perature and k,, fracture should occur at a constant 
value of o,d’””. Thus, if the grain diameter is re- 
duced to one-half, o; must be increased by 40 pct. 
Typically, for iron in liquid nitrogen o\/p=2.5 x 10° 
(see, for example, Fig. 9). To produce fracture at 
one-half of the transition grain size, the metal must 
be work-hardened to the level Ac/p = 10°, which 
requires a plastic strain of about 0.3. The grain size 
transition is thus very sharp since elongations of 
about 35 pct are obtainable at one-half of the transi- 
tion size. This agrees with the observations of Low 
and Petch shown in Figs. 8 and 9. 

These Figures also show that the ductility does not 
increase appreciably beyond about 50 pct, even for 


Transactions of The Metal- 
lurgical Society of AIME 


extremely fine grain sizes. Correspondingly, Eq. 16 
is no longer valid for these very ductile specimens; 
instead the fracture stress should approach a con- 
stant height above the yield stress curve. Low’s ex- 
perimental points in Fig. 8 do in fact suggest that 
this is happening. This change in the behavior at 
large strains may perhaps be explained from Petch’s 
theory of ductile fracture. He argues that when a 
sufficient number of non-propagating micro-cracks 
is formed, the remaining bridges of metal between 
these cracks are no longer able to support the ap- 
plied load and give way by plastic tearing, so pro- 
ducing a fracture of fibrous character but which con- 
tains some cleavage facets. It seems reasonable to 
expect that, if the plastic strain needed to satisfy 
Eq. 15 is sufficiently small, not enough cracks are 
formed to operate Petch’s mechanism of fracture 
and that, when fracture occurs in this range, it does 
so by the mechanism described in connection with 
Eq. 15; whereas, when the strain necessary to satisfy 
Eq. 15 exceeds a certain value, which appears to be 
about 50 pct, Petch’s mechanism becomes possible. 
We thus expect a second transition, from a ductile 
cleavage fracture to a ductile fibrous fracture, to 
occur on the ductile side of the brittle transition 
point, and believe that this is the well-known frac- 
ture mode transition.” 

Turning now to the brittle side of the transition 
point we expect the lowest possible transcrystalline 
fracture stress to be that obtainable on large and 
symmetrically oriented single crystals. The lowest 
stress at which slip bands can be propagated across 
a crystal is o;, and if the slip is triggered by a stress 
concentration, yield and fracture should both occur 
at the stress 

Oy Of [19] 


in a large single crystal, as is observed in Fig. 8. 

In polycrystals fracture should occur at a (shear) 
stress o; lying between o; and o,, depending upon 
how far the specimen is from the transition point 
and how effective pre-yield slip bands are in produc- 
ing cracks. If these slip bands are fully effective 
then, from Eq. 13, fracture should occur when o; 
reaches the value given by 


= [20] 


where o, So; So,. Since a, is typically about twice 
as large as o; at the transition point, factors such as 
temperature that may influence the value of o, will 
have a smaller effect on o;; for example, if o; were 
doubled o, would be raised by about 35 pct. The 
change of o; with temperature below the transition 
point is expected to be fairly small, partly for this 
reason, but also because oa; itself appears to become 
insensitive at low temperatures (Fig. 4). In their 
experiments on iron single crystals Allen, Hopkins 
and McLennan“ obtained a 30 pct increase in frac- 
ture stress between the temperatures of liquid nitro- 
gen and liquid hydrogen. 

The dependence of o; on d™” given by Eq. 20 dif- 
fers from that of o, and for o; on the ductile side 
of the transition point. Fig. 10, calculated for the 
case where co, = 20; at the transition point, shows 
that the deviation will be hard to detect experimen- 
tally. Since o; is usually determined by linearly ex- 
trapolating yield or brittle fracture stresses back to 
d7”? = 0, the deviation should appear as an anomaly 
in oc, obtained from the brittle branch of the curve. 

Finally, we consider changes in the transition 
temperature. From the previous numerical values 
we suppose that this temperature falls in the range 
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Fig. 10—Theoretical relations between or, oy, and grain 
size, derived for the case where or = cy = 2 o; at the 
transition point. 


70 to 100°K and that at the transition point the metal 
has the following properties: 


oy = 4.5 X 10°; d0,/dT = —2.2 X 10°; 
where stresses are measured in units of p, and 
lengths in cm. Assuming that changes in Buy are 
small enough to be neglected, we obtain 


ST (oykyd*”) 


for the change of transition temperature with grain 
size. Thus, doubling the grain size (i.e. 8d’? = 2 x 
10°) should raise the transition temperature by 
25°K. Gensamer” observed a change of approxi- 
mately 20°K in the range 50 to 70°K. 


= 1.25 x 10° [22] 


We obtain 
8T A(ayk,d*”) 
[25] 
/aT 


for the change with o,; hardening. Thus an increase 
of o; that raises the tensile yield stress by 1000 psi 
(i.e. 80; = 4 X 10°) should raise the transition tem- 
perature by about 1°K. An indirect check of this 
conclusion is possible from the increase in ductility, 
d</5T, obtained as the temperature is raised above 
the transition point, 

de de 

using Eq. 18 and 24 for numerical values. Thus a 
strain of 50 pct is expected at 35°K above the transi- 
tion point. In Fig. 11, for example, the transition 
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Fig. 11—Effect of temperature on the tensile yield stress, 
true fracture stress and reduction in area, of a low-carbon 
steel. After p. 44 of Parker.” 
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temperature is at 80°K and the reduction of area is 
50 pet at about 120°K. 
We obtain 


0(oyky) /d€ [25] 
0(oyky) /0T 


for the change of transition temperature with strain 
rate. Unfortunately sufficient data are not available 
to evaluate this change. However, since the dynam- 
ical behavior of dislocation pinning and yield stress 
appear to be rather similar, we expect that the 
transition temperature should vary with time of 
loading according to the dynamical yield relation 


(Eq. 6), 


t = t,exp (Q/kT) , [26] 


where t, = 10™ sec and @ = 0.22eV. In fact, the ex- 
perimental results analyzed by Magnusson and 
Baldwin” give this relation, with t, = 10 sec and 
Q = 0.20 to 0.28eV. 


Notch Brittleness 

The typical effect of a sharp notch is to raise the 
transition temperature of structural steel into the 
range 200 to 300°K. Notch brittleness is usually de- 
termined by measuring the energy consumed in 
bending a notched specimen to fracture. This energy 
can be small for two distinct reasons; the plastic 
strain to fracture may be small, and the volume of 
plastically strained metal may be small. Because 
of this we have to take account of several additional 
effects when we extend the above theory to notch 
tests. 

First, when the metal at the notch begins to yield 
plastically, it is subjected to a back stress due to the 
constraint of the metal outside the notch. In effect, 
the dislocations released at the root of the notch do 
not penetrate far into the surrounding metal and 
they produce a shear stress field opposing the shear 
stress concentrated at the root. The excess stress 
concentrated at the root thus exists mainly as a 
hydrostatic stress. This is the basis of Orowan’s 
plastic constraint factor.“ Using a theorem due to 
Hencky he showed that the ratio of tensile stress to 
shear stress in the plastically constrained zone is 
approximately 3 times greater than it is for uniform, 
uniaxial, tension. The localized plastic strain needed 
to produce the effect is small, of the same order as 
the elastic strain. 

The effect of this change in the ratio of tensile to 
shear stress is to raise the tensile stress in Eq. 10 and 
13 by the factor 3 and hence to change B=1 to 
8 =1/3 in Eq. 14 and 15. Thus, for the same grain 
size, oyk,y has to be reduced by a factor 3 to preserve 
the equality in Eq. 15, so that the transition tem- 
perature (at a standard strain rate) is increased. 
For the metal considered in Eq. 21 we deduce that 
this temperature is increased by about 100°K, i.e. 
brought into the range 170 to 200°K where o, = 2.3 
x 10° and k, = 0.65 x 10%. We suggest that this is 
the nil-ductility temperature, Ty measured in slow 
notch-bend tests. Parker*’,~on p. 117, shows a 
transition at 190° K for such a test on a 0.16 pct 
plain carbon steel. 

The metal in the root becomes ductile (i.e. plastic 
strain >> elastic strain) at temperatures above Ty. 
An estimate of the increase in ductility, similar to 
that above, shows that strains of order 50 pct can 
be expected at temperatures 60°K above Ty. How- 
ever, it is still possible for the specimen as a whole 
to break in a substantially brittle fashion, because 
the total volume of plastically deformed metal can 
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Fig. 12—Deformation pattern produced in Charpy V-notch 
impact test. (Sketched from a photograph obtained by Green 
and Hundy;” original unavailable—Eds.) 


remain very small for a certain range above Ty. 
Plastic strains in the root can be much larger than 
elastic strains only if they are far-reaching; i.e. they 
can be accommodated only by extending plastic 
zones to large distances from the root. This effect 
has been studied by Green and Hundy.” In a notch- 
bend test the zones consist of thin curved arcs, start- 
ing from the root and running across the section, 
which act as plastic hinges about which the specimen 
bends (Fig. 12). Their thickness is of the order of 
the radius p of the root. Thus if R is the radius of 
the (circular or equiaxed) cross-section of the speci- 
men, the volume that must be plastically worked to 
accommodate large plastic strains at the root is a 
fraction of order p/R of the total volume (equal to 
a few times R’) in the notched region of the speci- 
men. If p << R it is possible to work the metal heav- 
ily at the root, to the stage where it undergoes duc- 
tile fracture and causes a crack to run into the un- 
worked metal behind the root, even though the total 
plastic work in the specimen remains small. If this 
running crack is able to propagate through the re- 
maining section with little further expenditure of 
plastic work an essentially brittle fracture is ob- 
tained. But if the propagation requires a continual 
repetition of the plastic work process in the zones 
ahead of the crack, always accommodated by far- 
reaching plastic strains, a volume fraction of order 
p/R is worked each time the crack advances a dis- 
tance p and the accumulated plastic work becomes 
comparable with that of an un-notched specimen. 
The material is then not notch-brittle. 

The speed of the crack favors brittle fracture in 
the regions ahead of it, since there is little time for 
the metal to yield. But this effect is opposed by two 
others, both of which favor ductile fracture. One 
of these will be discussed in the next section. The 
other concerns the time required to produce the 
small, localized, plastic strains that convert B= 1 
to B=1/3. We expect the optimum condition for 
propagating brittle fracture to be that where there 
is just sufficient time ahead of the crack to produce 
the conversion to 8=1/3. Since this occurs by 
propagating slip across a few grain diameters in the 
root, and since the maximum speed of a dislocation 
under high stresses is about 10° cm per sec, we ex- 
pect this time to be of order 10“ sec. The low-speed 
experiments from which our previous values of Oy 
and k, were derived allowed much longer times 
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for yielding. From the dynamical yield properties 
discussed under theory of the yield point above, we 
expect that a yield that takes about one sec at IES 
could occur in 10° sec at the same yield stress, if the 
temperature were raised about 100°K above Teli 
other words, we expect that the critical value of 
oyKy for satisfying Eq. 15 is reached in the field of a 
moving crack at a temperature of Ty + 100, approx- 
imately, and suggest that this defines the notch duc- 
tility temperature Ty(=250 to 300°K for material of 
the type specified by Eq. 21) at which the energy 
absorbed becomes an appreciable fraction (e.g. 10 
to 20 ft lb in a standard Charpy V-notch test) of 
that absorbed in a fully ductile fracture (e.g. 50 to 
100 ft lb). 

The energy transition at T, can be very sharp for 
two reasons. First because the volume of worked 
metal increases by the order of R/p as the tempera- 
ture is increased through Ty. Second because, once 
it is no longer possible to satisfy Eq. 15 using the 
initial yield stress, even after taking account of 
8 = 1/3 and the short yielding time in the field of 
the moving crack, work hardening has to be brought 
in to provide the increase in flow stress still neces- 
sary to satisfy the equation. But work hardening 
requires large plastic strains, and hence far-reach- 
ing strains, and the time needed to produce these is 
much longer than is needed to convert B= 1 to 
8=1/3. This lengthening of the time scale implies 
a reduction in the dynamical yield strength, and 
still more work hardening is needed to offset this 
effect. Thus, the plastic strain, as well as the plastic 
volume, is expected to increase sharply above T>. 

Finally, we consider changes in Ty and Ty. Using 
again the metal described above in Eq. 21 we take 
the values 


= —0.7 x 10° 


Kk, = 0.65 X 10“: =—2 x107 [27] 
as representative. From Eq. 22 we then obtain 
1.65 10° [28] 


for the change in the notch-brittle temperatures 
with grain size. Thus, doubling the grain size 
(8d’”” = 2 x 10°) should raise these temperatures by 
about 33°K. According to data collected by Parker 
(ref. 42, p. 179) the 20 ft lb transition temperatures 
of two steels were raised by 28°K and 55°K, respec- 
tively, by such a change. 

From Eq. 23 we obtain 


8T 
— = 7 X 10° 


Oj 


[29] 


for the change with o;. Thus an increase that raises 
the tensile yield stress by 1000 psi should raise the 
“transition by about 2.8°K. According to Parker (ref. 
42 p. 159) the tensile yield stress of structural steel 
increases by 4000 psi per 0.1 pct C added. Accepting 
this empirical value we deduce that the transition 
temperature should increase 11°K per 0.1 pct C. An 
observed value at the 15 ft lb level is 14°K per 0.1 
pet C (ref. 42, p. 309). Churchman, Mogford and 
Cottrell” used neutron irradiation hardening to in- 
crease the transition temperature. A treatment that 
increased o; by about 23,000 psi (tensile) also in- 
creased the transition temperature by 50 to 65°K, 
(Fig. 13). Our theoretical value is about 65°K. 
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Fig. 13—Effect of neutron irradiation (1.9 x 10° n per sq 

cm) on the transition curve of a low-carbon steel (sub-size 

Charpy V-notch impact). After Churchman, Mogford, and 

Cottrell”. 

Long Cracks and Service Failures 

Since one of the principal stresses must be zero 
at a free surface it is impossible to maintain the 
condition 8 = 1/3 in regions where the crack meets 
the surface of the specimen. The increased ductility 
that corresponds to the condition B = 1 at tempera- 
tures in the range of Ty and Ty» appears as a ductile 
rim round the fracture, so producing the familiar 
picture-frame effect.” 

If the crack is propagating across a wide plate it 
will reach a stage where its length is much greater 
than the thickness of the plate. In effect the crack 
is then propagating through a thin plate and the 
principal stress normal to the plane of the plate 
remains close to zero through the thickness. The 
field of the crack has changed from one of plane 
strain (i.e. all particle movements in the plane of the 
plate), which is characteristic of short cracks, to one 
of plane stress (i.e. zero principal stress perpendicu- 
lar to the plane of the plate). It follows that a long 
crack with an edge that is perpendicular to the plane 
of the plate cannot propagate in a brittle manner 
at temperatures in the Ty range because B= 1 
at the crack front. This appears to correspond 
with the observation that cracks develop rough sur- 
faces and chevron markings as they progress for 
some distance from their points of origin.”’”® 

It is still possible for a substantially brittle frac- 
ture to propagate, even under these conditions. A 
straight crack front perpendicular to the plane of the 
plate is an unstable configuration. If, somewhere 
along this front, in the interior of the plate, a nar- 
row tongue of the crack runs ahead of the rest and 
develops a convex curved front (Fig. 14) it becomes 


Fig. 14—Formation of a tongue at the tip of a long crack. 
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possible to build up hydrostatic stresses again in 
the region ahead of the tongue, provided that the 
width w of the tongue is small compared with the 
thickness L, of the plate, with the distance from the 
tongue to either side of the plate, and with the 
length s of the tongue. 

This tunneling by a tongue of fracture beneath 
the surface of the plate has been observed by Rob- 
ertson.” It is not essential that the tongue should 
propagate continuously, and in fact the conditions 
just mentioned are compatable with a process in 
which the tongue grows by the succesive nucleation, 
growth, and coalescence, of small cracks ahead of 
the main fracture front, such as has been observed 
by Tipper.*” The remaining stages of the fracture 
process, which include ductile fracture near the sur- 
face of the plate, follow later. 

At the front of the tongue, the unfractured metal 
at the sides supports the applied load, so that the 
stress concentration ahead of the tongue is not that 
characteristic of the full length of the fracture, but 
that characteristic of a short crack of length w. Ina 
discussion of this effect it was pointed out to the 
writer by Dr. P. L. Pratt (private communication) 
that, since the effective length of the fracture re- 
mains practically constant at the value w, independ- 
ent of the real length, a constant stress would be 
needed to maintain the propagation of a long crack, 
which could explain the observations of Robertson™ 
and others” of the existence of a lower limiting 
stress for the propagation of long cracks. 

We also believe that, since the elementary process 
of fracture at the tip of a long crack is essentially 
the same as that at the tip of a short crack, the tran- 
sition temperature for the propagation of long cracks 
must lie close to T, and that this is the basis of the 
successful correlation of the Charpy V-notch im- 
pact temperatures with those of service failures.” 

At the temperature at which large steel structures 
have been observed to fail in service (e.g. 230 to 
280°K) the fracture is not fully brittle. We would 
expect this from the above discussion. There is also 
much direct evidence. The measured effective sur- 
face energy of fracture,” about 10° erg cm™, is too 
large to be explained except in terms of plastic 
deformation in the region of the fracture.” X-ray* 
and metallographic studies*”*" have clearly re- 
vealed this plastic deformation. It should be em- 
phasized that neither brittleness nor cleavage is the 
vital feature of such service failures. Their essen- 
tial feature is the uncontrollable and catastrophically 
rapid spread of the fracture, and the condition for 
this is that the elastic energy stored in the structure 
shall be large enough, and available, to supply the 
energy of fracture irrespective of the value of the 
latter.” This resolves into three conditions: a) the 
structure must be large, to act as a large reservoir 
of elastic energy, b) the stress in the structure must 
preserve its sign over large regions, so that the res- 
ervoir of energy associated with this stress can be- 
come available to the crack, and c) the crack must 
be long enough to be able to draw freely from this 
whole reservoir. This last condition leads directly 
to Orowan’s modified form of Griffith’s formula,” 


p= [30] 


Cc 


where y is the effective surface energy (including 
plastic work) of fracture, p is the applied tensile 
stress, and c is the length of the crack. Thus for 
typical service failures where p= 15,000 psi and 
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y = 10° erg cm”, the minimum crack lengths are 


about 4 cm. 

If the crack is short compared with the plate 
thickness, so that plane strain is produced, the 
plastic strains responsible for y must be far- reach- 
ing, as we have seen earlier. But with a long crack 
and plane stress conditions, the deformation is local- 
ized to the region of the fracture, occurring essen- 
tially by shear on planes parallel to the direction of 
the crack and through the plate at 45° to the plane 
of the crack. In this case it is in principle possible 
to have fully ductile fractures of a catastrophic type. 
Thus we expect y = peL, where p is the tensile yield 
stress, « is the tensile strain to fracture, and L is the 
width of the plastic zone normal to the plane of the 
fracture. Typically p= E/1000 and «= 0.5; also L 
is of order of the thickness of the plate for plane 
stress conditions. Thus y = 10° erg cm™ for a 1 cm 
plate, so that plate and crack length of a few 1000 
cm are required before catastrophic ductile fracture 
can occur. Such conditions are not expected in steel 
plate structures, except perhaps in the jumping of a 
crack from one rivetted plate to another,® but are 
important in thin-skin constructions such as the 
hulls of aircraft. Irwin®”™ has demonstrated the 
effect in aluminum foil. 
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Technical Note 


The Air Melting of Iron-Aluminum Alloys 


by V. F. Zackay and W. A. Goering 


AN acai of iron and aluminum up to 35 wt pct 
aluminum are single-phase solid solutions, and 
are of potentially wide applicability.’* In spite of 
early and continued interest*® little progress has 
been made until recently in the preparation and 
evaluation of sound alloys containing more than 6 
wt pet aluminum. Vacuum-melting techniques for 
the production of ductile Fe-Al alloys have been 
described recently.*” A procedure for air melting 
these alloys is presented here. 

Low-carbon iron is induction melted without a 
slag in a rammed magnesia crucible. At the begin- 
ning of melt-down, aluminum pig (99.95 pct Al), 
charged in a clay-graphite bottom-pouring crucible 
is placed in a pot furnace at 1800°F. 

The primary deoxidation of the molten iron after 
melt-down is effected by the addition of 0.1 pct 
aluminum and 0.5 pct manganese. (Hilty and Crafts’ 
have reported a significant increase in the deoxida- 
tion efficiency of the aluminum and manganese com- 
bination over that of the aluminum alone.) 

A more drastic deoxidation designed to reduce the 
oxyen content to the lowest possible level is accom- 
plished by plunging metallic calcium to the bottom 
of the melt. This is done by wiring small cubes of 
the metal to a steel rod. A circular shield larger 
than the diameter of the crucible opening is attached 
to the rod so that any spattering of the molten metal 
will not endanger the operator. Since the tempera- 
ture of the molten metal is above the boiling point of 
calcium, the bath is vigorously purged by calcium 
vapor. It is believed that the calcium-vapor treat- 
ment permits a homogeneous distribution of calcium 
in the melt. Owing to the vigor of the reaction the 
temperature of the molten metal should be kept 
below 2900°F prior to the calcium addition. A total 
of 0.05 pet calcium is added in two stages in this 
manner. The second calcium deoxidation is made 
just before charging the molten aluminum into the 
iron, in order that an excess of calcium be present 
for the remainder of the melt. 
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The aluminum, which has been removed from the 
holding furnace, is then hydrogen degassed by bub- 
bling chlorine through a quartz tube immersed in the 
molten aluminum. The hydrogen-chlorine reaction 
is an exothermic one preventing the solidification of 
the aluminum during the 5-min chlorination. Ap- 
proximately 0.1 pct calcium, based on the amount 
of aluminum, is then added to the aluminum. A fur- 
ther excess of calcium is introduced into the melt in 
this manner. The oxide dross is removed, fluorspar 
is added to the molten iron, and the molten alumi- 
num is poured through the fluorspar slag. The fluor- 
spar should be dried thoroughly prior to its use, as 
any water present will react with the aluminum. 
Aluminum oxide formed during the pouring opera- 
tion reacts with the fluorspar slag to form gaseous 
aluminum fluoride and calcium oxide. A forced- 
draft ventilating system is required for this opera- 
tion as aluminum fluoride is toxic. ; 

As soon as the molten aluminum has been added, 
vigorous manual stirring of the melt is required be- 
cause the slag-aluminum oxide reaction is highly 
exothermic and tends to take place near the top of 
the melt. The combination of high temperature and 
the slagging action of the fluorspar quickly erodes 
the crucible at the slag line if the aluminum is not 
stirred uniformly into the melt. It has been found 
that at least 4 min of manual stirring combined with 
induction stirring are necessary to ensure homo- 
geneity. 

The power is shut off 1 min prior to pouring to 
allow metal and slag to separate. As much slag as 
possible is removed from the melt, which is then 
poured directly into cast-iron molds. A mold wash 
of aluminum oxide is used to prevent ingot sticking. 
For slab ingots which are to be rolled into sheet, a 
carbon-tetrachloride vapor atmosphere or a chlori- 
nated-pitch mold wash is desirable, as the aluminum 
oxide formed in the pouring operation is subsequent- 
ly removed by the chlorine in the presence of car- 
bon.’ As in vacuum melting, a pouring temperature 
of about 2900°F is recommended. Adequate hot- 
topping is important as iron-aluminum ingots are 
subject to very deep piping. 

Ingots are removed from the molds and buried in 
vermiculite, where they are allowed to cool slowly 
to room temperature. The ingots are radiographed, 
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Fig. 1—Effect of grain-refining element on as-cast grain size. 
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Fig. 2—Effect of 
° “ 4 Vacuum Melts melting practice on 
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curve). 
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cropped, and then heated to 1800°F (982°C) for 
breakdown. The ingots are charged at a furnace 
temperature of 1000°F (532°C) and then heated to 
rolling temperatures. Ingots charged at higher tem- 
peratures are apt to be thermally shocked and will 
subsequently break up during rolling. Heating above 
1800°F (982°C) causes excessive grain growth and 
attendant rolling difficulties. The first breakdown 
passes are light since cracking is most likely to occur 


with the cast structure. The ingot is then rolled from 
its original diameter of 2% in. to %-in. square bar. 
Finish rolling from the %-in. bar to %-in. rounds 
is accomplished by reheating to 1400°F (760°C) and 
rolling to finished size in four passes without re- 


heating. 

The ductility of air-melted iron-aluminum alloys, 
made with the techniques outlined above is equiva- 
lent to that of vacuum-melted alloys as shown in 
Fig. 1. Also shown in this figure are the early air- 
melt data of Sykes and Bampfylde.’ Mechanical 
properties of the air-melt alloys other than ductility 
are equivalent to those reported for vacuum-melted 
iron-aluminum alloys.* It is obvious from comparli- 
son of the early and present efforts that drastic de- 
oxidation and control of all stages of the melting 
operation are necessary for the production of ductile 
high-aluminum alloys.” Experimental heats have 
been made successfully using these techniques mod- 
ified for large furnace practice. These heats have 
varied in size from 50 to 7000 lb. 
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Hydrogen Solubility and Removal for Titanium and 


Titanium Alloys 


by W. M. Albrecht and M. W. Mallett 


The solubilities of hydrogen in titanium and several of its alloys were determined 


at 600 to 1000°C and pressures of 0.05 to 


10. of mercury. Solubility increases with in- 


creasing beta phase in the alloys. Factors found to affect degassing rates are specimen 
size and presence of thick surficial oxide. Removal of hydrogen by heating in vacuum and 
in flowing inert atmospheres was studied. Practical curves predicting minimum degassing 


times are presented. 


4B HE presence of hydrogen in titanium and tita- 
nium alloys has detrimental effects on the me- 
chanical properties of the metal.*?* The hydrogen 
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content of commercial titanium is sometimes of 
the order of 200 ppm by weight‘ and varies with 
alloy composition. As a consequence, titanium and 
some titanium alloys as normally processed are 
sometimes not ductile unless treated to lower the 
hydrogen content. The best known hydrogen-re- 
moval treatment is heating the material in a va- 
cuum. The rate of removal (degassing) at a given 
temperature determines the duration of the treatment 
required to attain a satisfactory low hydrogen level. 
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Table |. Analysis of Titanium and Titanium Alloys 


: Matertal Element, Weight Pct 
Nominal Composition, Weight Pct Cc N Mn Al Sn Fe Cr Mo 
Titanium (High-Interstitial) 0.03 0.05 — = 
0.05 0.036 = 3.47 = 0.31 4.94 = 


“ Other elements present: Zr 0.1, Si 0.005, Ni 0.006, Cu 0.005, and Os 0.018. 


The partial pressure of hydrogen in the system dur- 
ing this treatment determines the lowest hydrogen 
content that can be obtained at equilibrium at the 
given temperature. 

The present investigation was made to determine 
the rates of degassing and the low-pressure equili- 
brium solubility of hydrogen in titanium and its 
alloys. The temperature range 600 to 1000°C was in- 
vestigated. 

Consideration also was given to an inert-gas 
sweep method for the removal of hydrogen. 


Materials 
_ Materials used in this investigation were an- 
nealed %-in.-diam rods of commercial titanium and 
various commercial titanium alloys, and a 34-in.- 
diam rod of arc-melted iodide titanium. A list of the 
materials is given in Table I along with the pro- 
ducer’s analysis. 

Rods of % in. and 3/16 in. diam were swaged from 
some of the stock material. The rods were machined 
to remove any oxide film and then cut into speci- 
mens 1 in. (2.5 cm) long. All specimens were given 
a final dry abrasion with 240-grit silicon carbide 
paper and washed in ACS reagent-grade acetone. 


Low-Pressure Hydrogen Solubility 

Method—Studies of low-pressure hydrogen solu- 
bility were carried out in an apparatus,‘ consisting 
of a high-purity hydrogen source, heated specimen 
chambers, and a vacuum pumping system. The 
high-purity hydrogen was obtained from the ther- 
mal decomposition of uranium hydride and diffused 
into the apparatus through a palladium tube. The 
flow of hydrogen through the apparatus at the de- 
sired pressure level was controlled by proper manip- 
ulation of the temperatures of the uranium hydride 
and palladium tube. For the present work, the mani- 


fold of the apparatus was modified to connect four 
specimen chambers, each having its own furnace. 
With this change, specimens could be run simul- 
taneously at the same pressure but at four dif- 
ferent temperatures. 

The pressure in the apparatus could be regu- 
lated to any desired value in the range 0.01 to 10u 
of mercury pressure and maintained within +5 pct 
of the value for several hours. Specimen temper- 
atures were controlled to a +5°C. 

Specimens 4 in. diam by % in. long were used. 
These were abraded with 240-grit silicon-carbide 
paper, washed with ACS reagent-grade acetone, 
and placed in the furnace tube of the apparatus. 

All solubility determinations were carried out 
for a period of 6 hr at constant temperature and pres- 
sure. This time apparently was adequate to obtain 
equilibrium since specimens heated for 12 hr did not 
show significantly different results. At the end of 
an experiment, the furnace tubes containing the 
specimens were quenched in cold water. The speci-’ 
mens were then analyzed for their hydrogen con- 
tents by the vacuum-fusion method. 

Results and Discussions—The low-pressure solu- 
bilities of hydrogen in commercial titanium and 
several titanium alloys were determined at 600, 
700, 800 and 1000°C in the pressure range 0.05 to 
10% of mercury pressure. A rather extensive study 
was made of the hydrogen solubility in Ti-8Mn, 
Ti-4Mn-4Al, and Ti-5A1-2.5Sn alloys and com- 
mercial titanium (high interstitial). Single values 
only (at 700°C and 10u of mercury pressure) were 
obtained to determine the order of magnitude of sol- 
ubilities for Ti-3Al1-5Cr and Ti-2Fe-2Mo-2Cr alloys. 
A summary of the experimental results is given in 
Table II. Included are the hydrogen solubilities 
for iodide titanium’ and commercial titanium (low 


Table II. Low-Pressure Solubility of Hydrogen in Commercial Titanium and its Alloys 


Hydrogen, Parts per Million by Weight 
: Commercial Commercial 
Pressure, Titanium 
Temper- Microns Todide (High ow 
dtare, °C of Mercury Titanium Ti-5Al-2.5Sn Ti-4Mn-4Al Ti-3Al-5Cr Interstitial) Interstitial) Ti-2Fe-2Mo-2Cr Ti-8Mn 

0.05 10 12.3 22.4 == 
2.0 32.2 43.8 54.6 — 

10.0 1104 81.8 93.0 186” = 

0.05 3.8 3.5 — 

0.5 — 12.6 — ae 

10.0 574 47.7 56.6 62.8 he 78> 82.0 ae 

0.05 2.2 2.7 = 

2.0 12.1 18.4 — 18.8 — 

10.0 28.8 35.2 — 46.7 52 
1000 0.05 — 0.9 1.2 — 3.1 34 
0.5 5.5 — 7.6 44.6 
2.0 11-3 12.9 — 14.0 30.6 

10.0 24.8 29.3 33.4 = : 


a Extrapolated from reference (5). 
b Extrapolated from reference (4). 
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interstitial) which were derived from extrapolation 
of previous Battelle work using the same method.‘ 

Metallographic examination of the specimens 
after heat-treatment indicated that, in general, hy- 
drogen solubility increased with increasing amount 
- of beta phase present (at the same temperature 
and pressure). For example, the Ti-8Mn alloy, 
which is predominantly beta phase in the low- 
temperature range, has the greatest equilibrium 
hydrogen solubilities of all alloys investigated. For 
alloys predominantly alpha phase at lower tempera- 
tures, an abrupt break to higher solubilities is noted 
in going above the temperature where the alpha to 
beta transformation occurs. The experimental data 
at 1000°C represent alloys which were entirely 
beta phase. 

It was found that the data followed the square 
root or Sieverts’ law for a diatomic gas, S = Kp””, 
where S is the solubility, p is the pressure, and K 
is the proportionality constant or Sieverts’ constant 
in units of S/p’”. In Fig. 1, the solubility of hydro- 
gen in parts per million is plotted versus the square 
root of pressure for the Ti-8Mn alloy. It is seen that 
straight-line isotherms are obtained which pass 
through the origin. Similar plots for the Ti-4Mn- 
4Al and Ti-5A1-2.5Sn alloys and commercial ti- 
tanium (high interstitial) also follow Sieverts’ law. 

The variation of Sieverts’ constant K with tem- 
perature is given by the equation 


= logy (S/p”) = A/T +B [1] 
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where T is absolute temperature and A and B are 
constants. In Fig. 2, the logarithm of K is plotted 
versus the reciprocal of absolute temperature for all 
the materials used in this investigation and for 
iodide titanium and commercial titanium (low in- 
terstitial). Equations for the best straight lines in 
Fig. 2 were calculated by the method of least squares 
for the Ti-4Mn-4Al, Ti-5Al1-2.5Sn, and Ti-4Mn-4A1 
alloys and for commercial titanium (high inter- 
stitial). These equations for Sieverts’ constant, K, 
in units of S ppm/p”” (microns”) in the range 600 
to 800°C are for commercial titanium (high inter- 
stitial) 

log..K = 2020/T — 0.723 [2] 


for Ti-4Mn-4Al 

log.».K = 1880/T — 0.674 [3] 
and for Ti-5Al1-2.5Sn 

log,.K = 2000/T — 0.895 [4] 


The equation of the Ti-8Mn alloy in the range 600 
to 1000°C is 


logik = 1640/T — 0.209 [5] 


Since Sieverts’ plots go through the origin, the con- 
stant, K, may be estimated from a single determina- 
tion. Thus, only single points are given for the Ti- 
3Al1-5Cr and Ti-2Fe-2Mo-2Cr alloys in Fig. 2. 

It is seen from the data that optimum vacuum- 
degassing conditions observed for the titanium al- 
loys were obtained at 1000 C and 0.05y of mercury. 
Therefore, treatment of titanium alloys at the low- 
est pressure that can be obtained and at the highest 
practical temperature would be the best for low- 
ering the hydrogen content of the material. Also it 
should be noted that the solubilities given in this 
paper are based on the pressure of hydrogen in the 
system. Consequently, in applying these data to 
actual vacuum-furnace conditions, the partial pres- 
sure of hydogen in the system must be used and 
not the total pressure of the system. 


Degassing Rates 


Method—The method to measure degassing rates 
has been described.* Essentially it consists of heat- 
ing a cylindrical specimen in a vacuum furnace 
attached to a gas-analysis apparatus. The hydrogen 
that is evolved into a vacuum of 10° to 10° mm 
mercury is collected, measured, and analyzed peri- 
odically. Degassing is continued until the gas evolu- 
jon ceases. The residual hydrogen content amounts 
to about 3 ppm or 1 to 2 pct of the initial hydrogen 
content. 

Degassing-rate data were used to calculate the 
degassing (diffusion) coefficient of hydrogen in the 
specimen under specific degassing conditions. For 
this work the term “degassing coefficient” is used 
instead of ‘diffusion coefficient.’’ The reason for this 
is discussed later. The method is based upon the 
general solution of Fick’s diffusion law for cylin- 
ders." From the. general solution, an equation was 
derived for the conditions where the radius and 
length of a wire are not equal. For long times of 
degassing in vacuum the solution may be simplified 
to 


4.28 2.52 
logy C/G; = —0.252 — =o + R Dt [6] 
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Table Ill. Diffusion Coefficients for Hydrogen in Alpha and 
Beta-lodide Titanium 


Diffusion Coefficient, 
10-5 Cm? per Sec 


From From 
Temp, °C Phase Degassing Absorption¢ 

650 Alpha 1.3 

700 Alpha 2.0 20 

750 Alpha 2.7 4.0 

800 Alpha 3.5 5.2 

850 Alpha 4.8 7.0 

900 Beta 10.0 11.0 
1020 Beta 14.0 15.0 


«From work of Wasilewski and Kehl’. 


where 
C/C, = fraction of initial hydrogen content, C,, 
remaining at any time, t 
t = time, sec 
R = radius, cm 
1 = length, cm 
D = degassing (diffusion) coefficient, cm? 
per sec. 


The logarithm of C/C), the fraction of hydrogen 
remaining, was plotted against t, time. The slope 
of this plot is (4.28/1l? + 2.52/R*) D from which D, 
the degassing coefficient, can be calculated. 

Results and Discussion—Iodide Titanium: Initial 
studies were made with iodide titanium. The de- 
gassing rates for this material were to serve as ref- 
erence points to determine the effect of alloy com- 
position on the degassing rates of the alloys. Cylin- 
drical specimens 0.36 in. (0.92 cm) diam were used. 
Data for alpha-iodide titanium having an initial 
hydrogen concentration of about 300 ppm by weight 
were obtained in the range 600 to 850°C. Degassing 
coefficients for beta-iodide titanium were deter- 
mined at 900 and 1020°C. The results are given in 
Table III. The diffusion coefficients obtained from 
concentration gradients prepared by hydrogen ab- 
sorption by Wasilewski and Kehl' are also given for 
comparison. It is seen that the degassing coefficients 
for hydrogen in alpha titanium are somewhat lower 
than the coefficients obtained by Wasilewski and 
Kehl. Theoretically, diffusion coefficients obtained 
by either absorption or desorption (degassing) 
should be the same unless the diffusion coefficient 
varies with concentration.*® In this case when the 
diffusion coefficient increases with concentration, the 
rate of desorption is always slower than the rate of 
absorption. Thus it appears that the diffusion co- 
efficient for hydrogen in alpha titanium increases 
with concentration. Under this circumstance, a dif- 
fusion coefficient calculated from Equation [6] is 
an average coefficient for the range of hydrogen 
concentration investigated. Also the average degas- 
sing coefficient is lower than an average coefficient 
obtained from absorption data. 

The degassing coefficient for hydrogen in alpha 
iodide titanium varied with temperature in the 
range from 650 to 850°C according to the equation 


log D = 


At temperatures below about 650°C, the experi- 
mental degassing rates were slower than those ex- 
pected from an extrapolation of Equation [7]. Ap- 
parently a boundary condition existed at the metal 
surface which slowed removal of hydrogen. In other 
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studies it was found that very thin oxide films in- 
hibited certain surface reactions. Resulting induc- 
tion periods for reaction were eliminated by dis- 
solving the films in the specimen at 800°C. To de- 
termine the effect of extremely thin invisible oxide 
films on degassing, a clean abraded specimen was 
heated to 800°C in less than 2 min and held there 
for 3 min which time should have been sufficient to 
dissolve any oxide film which may have formed sub- 
sequent to abrasion. The specimen then was cooled 
to 600°C and the degassing rate determined at that 
temperature. The rate was found to be the same as 
that for similar specimens heated to 600°C only. 
These data suggest that the slow degassing was not 
caused by an extremely thin surface-oxide film. 
However, the probability remains that other surface 
effects regulate the degassing process. Thus desorp- 
tion of hydrogen from the metal surface may be the 
controlling step and not diffusion in the metal. As 
an example, very little or no hydrogen can be ex- 
tracted from a zirconium cylinder at temperatures 
below 630°C at pressures of the order of 10° mm of 
mercury, while it is known that hydrogen can dif- 
fuse into the metal at lower temperatures as is 
shown by the gradient method.’ 

It is seen in Table III, that the degassing and dif- 
fusion coefficients of hydrogen in beta-iodide tita- 
nium determined by the two methods are in good 
agreement. It is likely that there is very little or no 
variation of the diffusion coefficient with composi- 
tion in the beta range. 

Commercial Titanium and Alloys: The degassing 
coefficients of hydrogen in the commercial titanium 
(high interstitial), Ti-8Mn, and Ti-4Mn-4Al] alloys 
were determined in the range 600 to 800°C. Co- 
efficients were obtained for the commercial titanium 
(low interstitial), Ti-5A1-2.5Sn, Ti-2Fe-2Mo-2Cr, 
and Ti-3Al-5Cr alloys at 700°C. The results are 
given in Table IV. For comparison, the degassing 
coefficients of iodide titanium are included. 

It is seen that all of the commercial titanium and 
titanium alloys degas more slowly than does iodide 
titanium, except at 600°C where iodide titanium has 
an abnormally low degassing rate. Since all of the 
substitutional alloys investigated were solid solu- 
tions, equiaxed alpha-beta type, the alloying con- 
stituents would be expected to alter interstitial 
dimensions in the titanium structure; that is, be- 
cause the sizes of the alloying atoms differ from that 
of the titanium atom. Apparently for all the alloys 
investigated the lattice dimensions are decreased. 
This slows the movement of the interstitial hydro- 
gen atoms through the lattice which in turn de- 
creases the degassing rate. 


Table IV. Degassing Coefficients of Hydrogen in Titanium Alloys 


Degassing Coefficient, 
10-5 Cm2 per Sec at 
Indicated Temperature 


Alloy Designation 600°C 700°C“ 800°C 900°C 
Jodide Titanium 2.0 10 
Commercial Titanium ................ 0.7 1.4 2.6 7.2 

(High Interstitial) 
Commercial Titanium ................ 1.0 

(Low Interstitial) 


@ Duplicate determinations at 700°C agree to about +0.2x10-5 cm? 
per sec. 
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The equations for the variation of degassing co- 
efficient with temperature for the alloys covering 
the range 600 to 800°C were calculated by the 
method of least squares. The equations for degassing 
coefficient, D, in cm* per sec are: 

For commercial titanium (high interstitial) 


logy D = —2700/T — 2.03 [8] 
For Ti-8Mn alloy 

log,, D = —1510/T — 3.44 [9] 
For Ti-4Mn-4Al alloy 

logi. D = —1970/T — 2.74 [10] 


To determine if microstructure affected the de- 
gassing rate, a specimen of Ti-8Mn alloy was heat- 
treated to produce an acicular microstructure and 
then degassed. The degassing rate of this specimen 
at 700°C was the same as that of specimens of the 
same alloy having an equiaxed alpha-beta struc- 
ture. Thus, microstructure had no observable effect 
on the rate of removal of hydrogen from titanium. 
This would be expected since volume diffusion is 
dependent only upon temperature and the phase 
constitution of the material. Concentration of one 
phase in the grain boundaries may, of course, lead 
to different results. 

Further experiments were made with commercial 
titanium (high interstitial) to determine whether 
there is an effect of specimen dimension on the de- 
gassing coefficient. Coefficients were obtained from 
cylinders of various diameters at 700°C. Degassing 
coefficients for specimens having diameters of 0.24 
in. (0.61 cm) and 0.36 in. (0.92 cm) are the same, 
1.3 and 1.4x10° cm’ per sec, respectively. Also the 
degassing rates varied inversely with the square of 
the diameter. These results indicate that the degas- 
sing is diffusion controlled for specimens in this size 
range. However, the degassing rates for specimens 
of 0.12 in. (0.30 cm) and smaller diameter decreased 
with decreasing specimen diameter and could not 
be applied to Equation [6]. Therefore, no degassing 
coefficient could be calculated. Since the diameter 
of a long cylinder varies inversely with the surface 
area to mass ratio, it appears that surface effects 
(probably desorption) are important in controlling 
degassing. Apparently for specimens with diameters 
equal to or less than 0.12 in. (0.30 cm), diffusion in 
the metal is not rate controlling. 

The presence of an oxide film on titanium alloys 
also could hinder the rate of removal of hydrogen 
from the metal. It was shown previously that ex- 
tremely thin invisible oxide films which may be 
present on clean abraded specimens did not affect 
the degassing rate of alpha-iodide titanium at 
600°C. However, it was suspected that thick visible 
oxide films might decrease the degassing rate. 
Therefore, the effects of such films on the degassing 
of iodide titanium, commercial titanium (high in- 
terstitial), and Ti-8Mn alloys were investigated. 
Specimens were heated in air under various condi- 
tions to form surface films of different thicknesses. 
Actual thicknesses of some of the films were not de- 
termined since they were too thin to be measured 
by the usual metallographic techniques. 

The degassing rates at 700°C were determined. 
It is seen from Table V that the degassing coeffi- 
cients for iodide titanium and commercial titanium 
(high interstitial) specimens having no oxide film, 
are not significantly different from those for similar 
specimens with thin films. However, for specimens 
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Table V. Effect of Surface Films on Degassing of Titanium 
and Titanium Alloys at 700°C 


Degas- 
sing Co- 
Condition for Film Formation efficient, 
Time, Temp, 10-5 Cm? 
Material Hr °C Oxide Film per Sec 
Iodide Titanium ........ 0.0 _— None 2.0 
0.5 400 Very thin 1.8 
1.0 675 Thin 2.1 
3.0 790 Thick (0.0001 in.) None?¢ 
Commercial Titanium 0.0 _ None 1.4 
(High Interstitial) 
1.0 675 Thin 1.9 
3.0 790 Thick (0.0001 in.) 0.29 
3.0 790 Thick (0.0001 in.) 0.41 


«No hydrogen was evolved from the specimen during 3 hr at 
temperature. 


having thick films, the degassing coefficient is ap- 
preciably smaller. In fact, no measurable degassing 
was observed for iodide titanium having a thick 
oxide film. On the basis of these results it appears 
that only comparatively thick films, 0.0001 in. 
(0.0003 cm) or greater, appreciably decrease the 
degassing rate. Probably diffusion of hydrogen 
through the oxide film controls the degassing rate. 

Practical Degassing Curves—As an aid to the so- 
lution of practical degassing problems of titanium 
and titanium alloys, families of curves applicable to 
the degassing of cylinders and sheets are given in 
Figs. 3 and 4, respectively. The fraction of hydrogen 
remaining, C/C,, is plotted versus time. Each line 
represents a value of the parameter D/a’ where D is 
the degassing coefficient in em’ per sec and a is the 
radius or half-thickness of a cylinder or sheet, 
respectively. 

The curves in Fig. 3 were derived from Equation 
[6] for the degassing of cylinders larger than 0.12 
in. (0.30 cm) diam. For cylinders with lengths at 
least seven times their diameters, the error in pre- 
dicted values of C/C, is 1 pct or less. Shorter lengths 
require shorter degassing times. 

The curves in Fig. 4 were derived from an (ap- 
proximate) equation” for vacuum degassing of 
sheets greater than 0.12 in. (0.30 cm) thick. This 
equation can be expressed as 


logy C/C, = —0.0913 — 1.07 Dt/a’ [11] 
where 


C/C, = fraction of initial hydrogen content (C,) 
remaining at any time 
t = time, sec 
D = degassing coefficient, em” per sec 
a = half-thickness of sheet, em 


The dashed portions of the lines yield values of 


.C/C, having errors of 2 pct or more. This results 


from the use of the approximate degassing equation. 
The range of degassing coefficients used to calculate 
values of D/a* was that obtained from this study. 
To use these curves, the value of D/a’ is calcu- 
lated from the degassing coefficient for a given ma- 
terial at a given temperature and the value of a 
which is being considered. From the curve which 
corresponds to the value of D/a’, the fraction, C/C, 
remaining at any given time is determined. 


Hydrogen Removal by Inert-Gas Sweep 
In addition to vacuum heating, a method employ- 
ing an inert-gas sweep has been investigated for 
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hydrogen removal from titanium and titanium al- 
loys. As shown in the section on low-pressure hy- 
drogen solubility, the equilibrium solubility of hy- 
drogen in titanium and its alloys is dependent upon 
the partial pressure of hydrogen above the sample. 
If the partial pressure of hydrogen is lower than the 
equilibrium solubility pressure, hydrogen diffuses 
from the specimen. A low partial pressure of hy- 
drogen may be maintained either with a vacuum or 
with an inert-gas sweep maintained at a proper 
flow rate. 

Calculations were made to determine the order of 
magnitude of flow rates required. The calculations 
were based on the low-pressure equilibrium solu- 
bility and the degassing rate at 700°C of commercial 
titanium (low interstitial) for a 100-g sample (% in. 
diam by 1 in. long) with an initial hydrogen con- 
centration of 300 ppm by weight. From Equation 
(6), the fraction of hydrogen remaining at a given 
time was calculated. Then the instantaneous rate of 
hydrogen removal into a vacuum was determined. 
The minimum flow rate of argon to permit maxi- 
mum hydrogen removal was calculated from the 
rate of removal of hydrogen and the low-pressure 
equilibrium solubility for the fraction of hydrogen 
remaining at the given time. A summary of the 
calculations is given in Table VI. 
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Table VI. Summary of Calculations to Determine Argon Flow 
for Degassing Commercial Titanium (Low Interstitial)* 


Minimum 
Rate of He Required 
Removal, Argon Flow,? 
é ! Fraction of MI (STP) Liters (STP) 
Time, Min H, Remaining per Min per Min 
20 0.39 0.17 6 
60 0.18 0.083 13 
120 0.060 0.026 36 
240 0.0065 0.0028 1800 


# Calculations based on a specimen % in. diam by 1 in. long. 
» Instantaneous flow rate at time indicated. 


It is seen that the flow rate of argon must increase 
as the fraction of hydrogen remaining in the speci- 
men decreases. This is because the equilibrium par- 
tial pressure of hydrogen decreases as the solubility 
is lowered. Therefore, a larger amount (flow) of 
argon is necessary to maintain a sufficiently low 
partial pressure of hydrogen for degassing. 

The foregoing calculations of flow rates are based 
upon the assumption that there is instantaneous 
mixing of the carrier gas, argon, with the evolved 
hydrogen. This condition can be approximated by 
the use of narrow furnace tubes where the carrier 
gas passes directly over the specimen and where 
turbulen¢ mixing of the gases occurs. 

Several experiments were made in an apparatus 
which consisted essentially of a Vycor tube heated 
by a resistance furnace. A Flowrator was used to 
meter tank-grade argon through the apparatus. A 
narrow exit tube was used to minimize back diffu- 
sion of air into the apparatus. Temperature was 
measured by means of a thermocouple spot-welded 
to the sample. 

Results and Discussion—Specimens (%% in. diam 
by 1 in. long) of commercial titanium (low intersti- 
tial) having an initial hydrogen concentration of 
300 ppm were heated at 700°C for 1 and 4 hr in an 
argon atmosphere. Argon flow rates from 10 to 35 1 
per min were used. Hydrogen analyses of experi- 
mental specimens were made by the vacuum-fusion 
method. 

The results of the experiments are shown in 
Table VII. It is seen that the amount of hydrogen 
remaining at any given time is a function of the flow 
rate. Also the removal of hydrogen by the gas- 
sweep method is not as efficient as indicated from 
the calculations given in Table VI. Probably the 
mixing of the evolved hydrogen with the argon was 
not fast enough for the theoretical considerations to 
hold. However, for the size of sample used, % in. 
diam by-1 in. long, flow rates of 22 and 35 1 per min 
were adequate to reduce the hydrogen content to a 


Table VII. Removal of Hydrogen from Commercial Titanium 
(Low Interstitial)® at 700°C in Flowing Argon Atmospheres 


Argon Flow, 
Liters (STP) He Remaining, Fraction of 
Time, Min per Min Ppm Hy, Remaining 
60 10 132 0.44 
240 10 67 0.22 
60 22 87 0.29 
60 35 67 0.22 
240 35 40 0.13 


« Data were obtained on specimens % in. diam by 1 in. long. 
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reasonable level. For samples of different geometric 
dimensions and weight, other flow rates would be 
required. For example, from calculations for a cyl- 
inder 1 in. diam and 3 ft long, the minimum re- 
quired argon flow would be 150 1 per min to remove 
one half the hydrogen content in 1 hr at 700°C. If a 
constant flow rate is maintained and the diameter 
and/or length of specimen is increased, longer times 
would be required to remove one half of the hydro- 
gen. Since large quantities of argon are required, it 
appears that the method would not be feasible to 
degas large amounts of titanium. 


Summary 


The solubility of hydrogen in titanium and its 
alloys in the range 600 to 1000°C at pressures of 
0.05 to 10% of mercury follows the square root or 
Sieverts’ law. For the titanium alloys the solubility 
increases with increasing amount of beta phase 
present from alloy to alloy at the same temperature 
and pressure. 

The diffusion, (degassing) coefficients obtained 
were lower than coefficients’ obtained from absorp- 
tion data. It appears that the diffusion coefficient for 
hydrogen in alpha titanium increases with the hy- 
drogen content. On the other hand, the diffusion 
coefficient for beta titanium varies little with hy- 
drogen concentration since the coefficients obtained 
by either method are in good agreement. The de- 
gassing rates of the titanium alloys investigated 
were less than those for titanium. 

Factors which were found to affect the degassing 
rate of titanium and its alloys are (a) specimen size 
and (b) thick oxide films. Degassing rates at 700°C 
of specimens of commercial titanium (high intersti- 
tial) with diameters equal to or less than 0.12 in. 
varied directly with the diameter (probably de- 
sorption controlled) while degassing rates of speci- 


mens greater than 0.12 in. diam varied inversely 
as the square of the diameter (diffusion controlled). 
Oxide films about 0.0001 in. thick decrease the de- 
gassing rate at 700°C of iodide and commercial tita- 
nium (high interstitial) and Ti-8Mn alloy. 

The removal of hydrogen from commercial tita- 
nium (low interstitial) at 700°C using an argon 
sweep requires rapid flow rates to lower the hydro- 
gen content to a reasonable level. Therefore, the 
technique is not feasible for degassing large amounts 
of titanium because of the large volume of argon 
required. 
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Technical Note 


Etch-Pit Studies on Silicon 


by W. J. Feuerstein 


imperfections in crystals, in recent 
years, have received the attention of metallur- 
gists concerned with single-crystal properties. Cer- 
tain etching solutions cause local variations in the 
rate of etching at dislocations. Dislocations are 
expected to be preferred segregation sites for im- 
purities’ and Dash* has shown that precipitation of 
copper occurs preferentially at edge-type disloca- 
tions in silicon. Diffusion rates along dislocations are 
probably higher than rates through more perfect 
crystalline regions.* These and other phenomena 
which may be influenced by dislocations may be 
studied by revealing dislocations as etch pits. This 
study was undertaken to develop an etch solution for 
silicon crystals to reveal low-angle grain boundaries 
associated with dislocation arrays and also etch pits 
with good contour definition. Additional etches have 
been reported by Dash,* Vogel and Lovell.* Crystals 
were sectioned on crystallographic planes at various 
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angles from the growth direction for microscopic 
examination of the etch pits. 


Experimental 

Crystals of 75-100 g mass and 3 cm diam were 
oriented and cut on crystallographic planes. Crys- 
tals were grown by Czochralski technique from a 
quartz crucible. 

Lapped wafers were chemically polished in a mod- 
ified CP-4 etch for 1 min (bromine was deleted from 
the etch solution). The polished wafer was then 
etched* at room temperature for 5 min. The use of 


* The actual etch had the following proportions: 
35 ce concentrated nitric acid 
40 cc hydrofluoric acid (50 pet HF) 
25 cc water 
10 ce glacial acetic acid 
1.0 g CU(NOs) 2:3H20 
larger amounts of H.O and/or CH,COOH slows the 
reaction. The Cu(NO,;).:3H.O was added to increase 
the reaction rate and give more definition to the etch 
pits developed. 
Some pertinent features concerning the attack of 
this etch on silicon can be summarized as follows: 
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1) The rate of etching a polished surface can be 
estimated by a rule of thumb. Approximately 5 mils 
are removed in 5 min from an area of 6 sq cm ina 
solution of 10 ce of etch. The reaction, once started, 
is quite vigorous. 

2) The etching rate is greatest on the (100) face. 
For the principal orientations the etch attacks in 
order of decreasing rate the (100), (110), (211), and 
(111) faces. 


Results 

Etch pits which were believed to be associated 
with screw and edge-type dislocations were devel- 
oped on (111), (110), (100) and (211) section 
planes. Some typical etch pits appear in Fig. 1. 

For this study edge-type etch pits are defined as 
those pits microscopically resolvable which have 
closed terrace contour lines. Spiral-type etch pits 
are those which have a spiral terrace contour. In all 
observations, only those pits which were resolved as 
either edge or spiral type are reported. Some pits 
were too small to be resolved as either edge or screw 
type. 

Microscopic examination of crystals grown in the 
<111> and <100> directions at a magnification of 
approximately 530 revealed no spiral-type etch 
pits on crystallographic section planes cut parallel to 
the growth axis; only edge type dislocations were 
observed. Both spiral and edge-type pits were ob- 
served on section planes cut at an angle to the 
growth axis. A crystal that had a dislocation density 
of 6 x 10* per sq cm was sectioned on crystallographic 
planes at various angles from the growth axis. 
Spiral-type etch pits were measured on both the in- 
ner and outer half-area of the wafer. The results 
are shown in Table I. 

Similar results were found for crystals grown in 
the <100> direction. In this case, no spiral-type 


etch pits were found in a (110) section plane cut 
parallel to the growth axis. 


(a) 


Fig. 1—Typical 
etch pits. (a) 
Screw type on 
(111) plane (6) 
edge type on (110) 
plane. X440. 


(b) 
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Table |. Typical Results of Spiral-Type Etch-Pit Concentrations 
as a Function of Angular Distance from Growth Axis 


Angle Pct Spiral- Pct Spiral- 
from <111> Type Type 
Section Growth Axis, Pits Outer Pits Inner 
Plane Deg-Min Half Area Half Area 
(211) 0 0 0 
(110) 0 0 0 
(211) 23-8 10+10 10+10 
(100) 28-16 10+10 10+10 
(110) 53-50 30420 
(111) 90 5030 1010 


The relative density of spiral-type pits increases 
with increasing angular distance from the growth 
axis, reaching a maximum in the plane perpendic- 
ular to the growth axis, Fig. 2. 

Also plotted in Fig. 2 is a curve for calculated dis- 
location density versus angular distance from the 
growth axis. The assumption is made that all dis- 
location lines as evidenced by etch pits are parallel 
to the growth axis. It may be interesting to note on 
the latter curve, that of the pits developed, 90 pct 
will be developed within 28° of the plane normal to 
the growth axis, 80 pct within 37°, and 70 pct within 
45°. 

The highest density of screw and edge-type dis- 
locations was observed in the peripheral regions of 
the crystals. The peripheral density of edge-type 
etch pits varied from 510° to 10° per sq cm. Screw- 
type pit density on the outer half of the crystal 
varied from 10° to 3X10* per sq cm. 

Fair contour definition was developed on edge- 
type etch pits upon examination of (211) section 
planes. Upon microscopic examination better defini- 
tion of edge-type etch pits was obtained on (110), 
(100) and (111) section planes. Fair microscopic 
definition of screw-type etch pits was obtained on 
(110) and (211) section planes, with better defini- 
tion on (100) and (111) section planes. All pits 
appear crystallographic. 

The largest step height at the bottom of a spiraled- 
terrace etch pit on a (111) section plane was less 
than 4x10*A. The average was less. The average 
terrace width at the bottom of the pit was approxi- 
mately 3X10*A. Microscopic resolution did not per- 
mit an evaluation of the slope of the terrace or the 
step. A discussion of spiral pits with step heights 
greater than atomic dimensions was given by Lang’ 
in which he attributes the large observed step 
heights to a “mistake” in the early stages of step 
formation. 


Fig. 2—Plot of 
screw-type dis- 
location density 
versus angular 
degrees from 
growth axis. 
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Fig. 3—Etched (111) section showing lineage structure. X150. 
Reduced approximately 19 pct for reproduction. 


The bottoms of some etch pits were off center, 
possibly indicating a jog in the dislocation. This also 
was noticed by Ellis’ on germanium crystals. 

Small angle grain boundaries revealed by rows of 
etch pits were developed. This lineage defect was 
observed three times out of approximately 50 crys- 
tals examined. In each case, the definition of the 
lineage increased from the top of the crystal to the 
bottom owing to an increase in the number of etch 
pits in the lineage line. Lineage of this type, which 
is commonly seen in germanium, is apparently not 
as prevalent in silicon, Fig. 3. 


In two of the three cases observed, the lineage 
was roughly crystallographic. It has been traced 
back into the crystal and lies generally in the (110) 
planes. Reference is made to a paper by Vogel, 
Pfann, Corey and Thomas.’ 


Conclusions 

Etch pits with good contour definition and lineage 
structure in silicon single crystals have been de- 
veloped. A dependence on angular deviation from 
the growth axis and spiral-type etch pits has been 
observed. Screw type-etch pit density increases with 
increasing angular deviation from the growth axis, 
reaching a maximum in the plane normal to the 


growth axis. 


Acknowledgments 

The author wishes to thank his many colleagues 
at the Semiconductor Products Division, Motorola, 
Inc., who assisted in this work. Thanks also are due 
to Drs. W. E. Taylor, K. L. Keating, and E. L. Steele 
for many valuable discussions and comments con- 
cerning this work. 

References 

1S. G. Ellis: “Dislocations in Germanium,” Journal of Applied 
Physics, 1955, vol. 26, p. 1140. 

2A. H. Cottrell: ‘‘Theoretical Structural Metallurgy,’ Longmans, 
Green & Company, Inc., New York, N. Y., 1948. : 

3W. C. Dash: “Copper Precipitation on Dislocations in Silicon,’ 
Journal of Applied Physics, 1956, vol. 27, p. 1193. __ ; 

4D. Turnbull: “Grain Boundary and Surface Diffusion,’’ Atom 
Movements, American Society for Metals, Cleveland, 1951, Pp. 129. 

5¥F, L. Vogel and L. C. Lovell: “Dislocation Etch Pits in Silicon 
Crystals,’’ Journal of Applied Physics, 1956, vol. 27, p. 1413. 

6A. R. Lang: “On the Origin of Certain Spirals of Large Step- 
Heights Observed on Crystal Surfaces,’’ Journal of Applied Physics, 


1957, vol. 28, p. 497. i 

7F. L. Vogel, W. G. Pfann, H. E. Corey, and E. E. Thomas: “‘Dis- 
locations in Low Angle Grain Boundaries in Germanium Single 
Crystals,’’ Physical Review, July 1953, vol. 91, p. 230. 


Effects of the Proeutectoid Ferrite Reaction on the 


Formation of Pearlite 


by H. |. Aaronson 


The nucleation of pearlite at-proeutectoid ferrite is inhibited, to an increasing extent, 
at the following locations: At twin boundary-nucleated ferrite, between closely spaced fer- 
rite sideplates, and at intragranular plates. These effects are discussed in terms of the 
influence of transformation strain energies and of the interfacial free energy of austen- 
ite:ferrite boundaries on the rate of pearlite nucleation. The growth of pearlite into the 
interiors of austenite grains from the region of the grain boundaries is markedly restricted 
when low reaction temperatures and large austenite grain sizes permit the development of 
interlocking networks of intragranular ferrite plates. 


REVIOUS investigators have made extensive 

studies of the interactions which occur between 
the proeutectoid ferrite and the pearlite reactions 
from the viewpoint of the mechanisms through which 
pearlite interferes with the nucleation and growth 
of proeutectoid ferrite.“* In the present investiga- 
tion, the processes through which proeutectoid fer- 
rite (hereafter termed simply “ferrite’”’) can reduce 
the rate of formation of pearlite have been explored 
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in some detail. A steel with a relatively low carbon 
content, in which the ferrite reaction can compete 
successfully with the pearlite reaction over a wide 
range of reaction temperature, and exceptionally 
coarse-grained specimens, which further emphasize 
the role of the ferrite reaction, have been employed 
for most of this work. A brief examination also has 
been made, however, of the effects of smaller aus- 
tenite grain sizes upon these processes. 


Experimental Procedure 
The steel employed had the following composi- 
tion: 0.29 pct C, 0.76 pet Mn, 0.25 pct Si, 0.007 pet 
S, and 0.005 pet P. This alloy was homogenized for 
48 hr at 1250°C. The investigation was performed 
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Fig. 1—Typical illustration of marked inhibition of the 
pearlite nucleation within a group of Widmanstdatten side- 
plates. Reacted at 600°C for 16 sec. Etched in 2 pct nital. 
X250. Enlarged approximately 8 pct for reproduction. 


largely on specimens which had been austenitized 
for 30 min at 1300°C in a graphite-deoxidized* salt 
bath. This treatment produced an austenite grain 
size within individual specimens which varied be- 
tween ASTM Nos. 1 and —4. Smaller austenite grain 
sizes were obtained by austenitizing for 30 min at 
temperatures between 1200 and 850°C. The eutectoid 
temperature was found to lie between 720 and 725°C. 
Most of the isothermal reaction treatments were 
carried out at 25°C intervals between 700 and 550°C. 


Results and Discussion 


Inhibition of Pearlite Nucleation Between Ferrite 
Sideplates—Widmanstatten ferrite sideplates nor- 
mally grow into the interiors of austenite grains 


Fig. 2—Formation of pearlite within a group of degenerate 
sideplates. Reacted at 625°C for 25 sec. Etched in 2 pct 
nital. X500. Enlarged approximately 8 pct for reproduction. 
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from grain boundary allotriomorphs.* Although 
* Grain boundary allotriomorphs are crystals which nucleate at 


matrix grain boundaries and grow preferentially, and more or less 
smoothly along them. 


pearlite formed in hypoeutectoid steels often, and 
perhaps always nucleates at the interphase bound- 
aries of proeutectoid ferrite,’ the nucleation of 
pearlite is markedly inhibited between closely spaced 
ferrite sideplates throughout the temperature range 
studied, Fig. 1. This phenomenon occurs even though 
the total austenite:ferrite interfacial area within 
groups of sideplates is much larger in most of the 
specimens studied than at rows of grain boundary 
allotriomorphs and at sideplates with one or two 
faces exposed to large “open” areas of austenite. 

Except near the tips of sideplates, virtually all of 
the interstices in sideplate groups contain no pearlite 
until the closing stages of transformation. At tem- 
peratures between the eutectoid and approximately 
575°C, most of the interstices are then consumed by 
only one, or a small number of pearlite nodules. 
(Interstices between sideplates formed at 550°C are 
transformed by the bainite reaction.) These observa- 
tions indicate that a reduction in the rate of nuclea- 
tion, rather than in the rate of growth of pearlite 
is primarily responsible for the inhibition of the 
pearlite reaction between sideplates. 

The formation of pearlite within groups of side- 
plates is normally initiated at or near the tips of the 
plates. As illustrated in Fig. 1, the deeper penetra- 
tions of pearlite into the interstices of sideplates 
during the earlier stages of transformation appear 
to be at least partially the result of the “back 
growth” from the region of the plate tips. 

Exceptions are occasionally found to these gen- 
eralizations. As illustrated in Fig. 2, the appearance 
of pearlite between closely spaced sideplates during 
the early stages of transformation tends to be asso- 
ciated with groups of degenerate sideplates. 

When the interplate spacing is comparatively 
large, pearlite develops readily between sideplates. 
Geometric considerations, however, prevent meas- 
urement of the maximum interplate spacing capable 
of reducing significantly the rate of formation of 
pearlite at a given reaction temperature. 

Discussion: At least two factors may be responsi- 
ble for reducing the rate of nucleation of pearlite 
between ferrite sideplates. The first of these is the 
volume strain energy of transformation. 

The insufficiency of the data on elastic constants 
at elevated temperatures prevents calculation of the 
strain energies of interest. Some qualitative deduc- 
tions can be attempted, however, on the basis of the 
volume changes which accompany transformation. 
The specific volume of cementite, of ferrite in equi- 
librium with cementite and of austenite with differ- 
ent carbon contents can be determined as a function 
of temperature in the ferrite + cementite region by 
direct calculation or by extrapolation from the data 
compiled by Tammann and Bandel.’ In considering 
the formation of cementite (the ‘formal nucleus” 
of pearlite*®) from pearlite at the interphase bound- 
ary of one of a group of ferrite sideplates at a given 
reaction temperature, it is necessary to make two 
applications of these data. The specific volume of 
ferrite must be compared with the average specific 
volume of the austenite trapped between adjacent 
ferrite sideplates, and the specific volume of ce- 
mentite must be compared with the specific volume 
of the austenite at the interphase boundary. Varia- 
tions in the specific volume of the austenite located 
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farther away from the interphase boundary, result- 
ing from carbon concentration gradients in the 
austenite, will not be of interest in the second case, 
since the cementite nucleus will be contained within 
a very thin layer of austenite abutting the boundary. 
From the foregoing data, the specific volume of 
austenite is found to be less than that of ferrite at 
carbon contents below approximately 0.80 pct. In 
a steel of the composition employed, 65 pct of the 
total volume of a sideplate group (including the 
sideplates and the austenite entrapped between 
them) must be composed of ferrite in order that 
the average carbon content of the austenite areas 
may be increased to this value. The specific volume 
of cementite is less than that of austenite containing 
more than approximately 2.0 pct C. Zener’s’ calcu- 
lation of the extrapolated Ae3 curve indicates that 
the carbon content of the austenite at austenite: fer- 
rite boundaries exceeds 2.0 pct at temperatures be- 
low 635°C. The change in specific volume associated 
with the formation of a cementite nucleus within a 
group of ferrite sideplates will thus be in the same 
direction (increase or decrease) as that resulting 
from the development of the sideplates at an earlier 
reaction time when less than 65 pct of the total 
volume of the group is ferritic at temperatures 
above 635°C and when more than this proportion of 
the group consists of ferrite at lower temperatures. 
The volume strain energy of transformation is pro- 
portional to the product of a function of the appro- 
priate elastic constants and the second power of the 
linear misfit of the matrix and the precipitate, 
where the linear misfit is equal to° 


( Specific volume of precipitate ) 
Specific volume of matrix 


Since the rate of formation of cementite nuclei, 
assumed to be hemispheres, at planar segments of 
austenite: ferrite boundaries is proportional to 


+ Cac — 
(5540) 
3(A F, + E)* RT 


(where E = volume strain energy of transformation, 
oy. = specific interfacial free energy of austenite: ce- 
mentite boundaries, o,, = specific interfacial free 
energy of ferrite: cementite boundaries, o., = specific 
interfacial free energy of austenite: ferrite bound- 
aries, AF, = volume free energy change of transfor- 
mation, and T = absolute temperature), the rate of 
nucleation of pearlite within sideplate groups will 
be substantially reduced even if the strain energy 
resulting from nucleation in these areas is only 
slightly larger than that associated with nucleation 
in more lightly stressed regions of austenite. 

In order to check the temperature dependence of 
the proportion of ferrite in groups of sideplates re- 


Table |. Effect of Reaction Temperature on 
Percentage of Ferrite in Sideplate Groups 


Reaction 
Temperature, °C 


Percentage 
of Ferrite« 


725 36 
700 52 
675 59 
650 63 
625 64 
600 65 
575 72 


¢ Balance consists almost entirely of austenite (martensite + re- 
tained austenite after quenching from reaction temperature). 
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quired by this theory, the percentage of ferrite in a 
few representative sideplate structures formed at 
each temperature studied in the range 725-575°C 
was determined by lineal analysis. With the excep- 
tion of the structures formed at 725°C, the sideplate 
groups were selected from specimens which had 
been reacted for times sufficient to permit the ab- 
sence of pearlite nodules in their sideplate groups 
to become conspicuous. The average percentage of 
ferrite in the groups of sideplates measured at each 
temperature is given in Table I. In agreement with 
the requirements of the theory and with general 
experience, the proportion of ferrite increases with 
decreasing temperature. The excellent agreement 
between the interpolated percentage of ferrite in 
sideplate groups at 635°C (~63%% pct) and that pre- 
dicted by theory for this reaction temperature (65 
pet), however, must be regarded as at least partly 
fortuitous in view of the extrapolations involved in 
the specific-volume data and of the relative insensi- 
tivity of the proportion of ferrite in sideplate groups 
to temperature in the range of interest. Before a 
complete check of this theory can be made, it will 
be necessary to have available more complete and 
more accurate data on the specific volume and elas- 
tic constants of the phases involved. In the case of 
austenite, these data are needed over a wide range 
of carbon contents. 

As will be discussed in more detail in the next 
section, the rate of nucleation of pearlite at side- 
plates also may be low because of the relatively low 
average interfacial free energy of the broad faces of 
these plates. The somewhat higher rate of pearlite 
nucleation within groups of degenerate sideplates 
can be explained on this basis. This observation, 
however, also can be explained from the strain- 
energy viewpoint, in terms of local reductions in 
strain energy due to the irregular shapes of the fer- 
rite plates. On the other hand, the preferential for- 
mation of pearlite near the tips of sideplates is not 
consistent with an interfacial-energy explanation, 
especially since this area of sideplates tends to be 


Fig 3.—Overall view of small austenite grain, showing extent 
of ferrite and pearlite reactions at this stage of transforma- 
tion. Reacted at 575°C for 5 sec. Etched in 2 pct nital. 
X250. Enlarged approximately 8 pct for reproduction. 
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more nearly perfect in shape. A reduction in trans- 
formation strain energy in the region of the plate 
tips caused by the partial dissipation of the strain 
energy into the surrounding, more lightly strained 
austenite appears to be a more satisfactory ex- 
planation for this repeatedly confirmed observation. 
The requirement that adjacent sideplates be closely 
spaced in order to inhibit the nucleation of pearlite 
also suggests that strain energy, rather than inter- 
facial energy is the dominant factor involved. 

Low Rate of Nucleation of Pearlite at Intragran- 
ular Ferrite Plates—Intragranular Widmanstitten 
ferrite plates* are an important component of the 
microstructure at temperatures of 625°C and below. 
The effect of intragranular plates on the nucleation 
of pearlite during transformation at 575°C is typical 
of that observed in this temperature region. Ferrite 
appears at the grain boundaries after a reaction time 
of approximately 1 sec. Pearlite begins to form at 
the grain boundary-based ferrite structures within 
2 sec. Fig. 3, showing a small austenite grain in a 
specimen reacted for 5 sec, indicates that both reac- 
tions have made appreciable progress at this stage 
of the transformation. Intragranular ferrite plates 
are found in some of the larger austenite grains 
after 3-4 sec of reaction. Fig. 4(a) indicates that the 
_ formation of these plates is well advanced after 16 
sec. The pearlite reaction, however, which should 
have begun at intragranular plates after 4-5 sec of 
transformation, had the pattern of the grain bound- 
ary-based reactions been followed, is nowhere in 
evidence. Even after 30 sec at 575°C, when the 
interiors of the large austenite grains are choked 
with networks of intragranular plates, no pearlite 
is found intragranularly, Fig. 4(b). The first trace 
of pearlite does not appear in the interstices of the 
intragranular plates until 60 sec of reaction, 
Fig. 4(c). 

The transformation sequence described clearly 
demonstrates that the rate of nucleation of pearlite 
at intragranular ferrite plates is much less than at 
the ferrite morphologies nucleated at the grain 
boundaries. It is estimated that less than ten valid 
examples of pearlite nodules which nucleated intra- 


Fig. 4—Series of photomicrographs illustrating high density 
of ferrite plates which develops intragranularly at 5752C 
before pearlite reaction begins (in C). (A) Reacted for 16 
sec. (B) Reacted for 30 sec. (C) Reacted for 60 sec. 
Etched in 2 pct nital. X250. 
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granularly prior to the final stage of transformation 
were found during the entire investigation. 


Discussion: The lattice orientation relationships 
between proeutectoid ferrite and austenite and the 
conjugate habit planes which comprise the broad 
faces of a ferrite plate are described crystallograph- 
ically by the Kurdjumow and Sachs’ relationships.” 
The matching of atom spacings and patterns across 
the broad faces of a ferrite plate is relatively good,” 
and the energy of this boundary should therefore be 
relatively low; the lattice matching across all other 
(differently oriented) boundaries between ferrite 
and austenite crystals whose lattices bear the Kurd- 
jumow and Sachs relationships with respect to each 
other is apparently quite poor,”® and the energy of 
such boundaries should be relatively high. Dubé® 
has pointed out that intragranular plates tend to be 
more nearly “perfect” in shape than sideplates. This 
observation, which was confirmed in detail during 
the present investigation, indicates that the average 
specific interfacial free energy of the interphase 
boundary of an intragranular plate is lower than 
that of a sideplate. The interface between a grain 
boundary allotriomorph and the austenite grain in 
which it nucleated will normally have a high aver- 
age interfacial free energy, since the grain boundary 
usually has an essentially arbitrary orientation with 
respect to the habit plane of the allotriomorph; the 
other interface of the allotriomorph will have an 
even higher average energy, inasmuch as the aus- 
tenite grains which form the boundaries along which 
allotriomorphs develop are generally irrationally 
oriented.“ The average interfacial free energy of an 
allotriomorph will thus be higher than that of a 
sideplate or an intragranular plate. Since the inter- 
facial free-energy term is taken to the third power 
in the negative exponential in the nucleation-rate 
equation previously noted, the rate of nucleation of 
cementite, and thus of pearlite, should be much less 
at intragranular plates than at allotriomorphs and 
sideplates, as is experimentally observed. 

Experimental data are not available on the effects 
of boundary orientation on the energy of an inter- 
phase boundary for any alloy system, and no calcu- 
lations of this type have been made for boundaries 
between Kurdjumow and Sachs-oriented fee and bec 
crystals. The extreme sensitivity of the rate of nu- 
cleation to the interfacial free energy contributed 
by the site at which nucleation occurs, however, 
indicates that only a small orientation dependence 
of the energy of austenite: ferrite boundaries would 
be required to account for the low rate of nucleation 
of pearlite at intragranular plates. 

Intermediate Rate of Nucleation of Pearlite at 
Twin-Boundary Ferrite—The rate of nucleation of 
pearlite at ferrite crystals formed at twin bound- 
aries tends to be intermediate between the rates at 
grain boundary and at intragranularly nucleated 
ferrite morphologies. Fig. 5 illustrates a typical nu- 
cleation rate of pearlite at twin-boundary ferrite. 
The structure resulting from an unusually high 
pearlite nucleation rate at both boundaries of a twin 
band is shown in Fig. 6. The observations that 
pearlite forms at the comparatively smooth interface 
of ferrite crystals rather than at the interface from 
which plates have developed in Fig. 5, and that most 
of the pearlite nodules effectively abut the twin 
boundaries in Fig. 6 indicate that pearlite nucleates 
preferentially at the interface between ferrite crys- 
tals and the twin of the austenite grain in which 
they nucleated. 
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austenite grain in which ferrite nucleated. Reacted at 575°C 
for 20 sec. Etched in 2 pct nital. X250. Enlarged approx- 
imately 8 pct for reproduction. 


Discussion: The austenite: ferrite boundaries which 
replace segments of a twin boundary will have a 
relatively high interfacial free energy when the 
habit plane of the ferrite crystals is not parallel to 
the twin boundary. The moderate tendency of fer- 
rite crystals to grow preferentially along twin 
boundaries, Fig. 5, will increase the area of the high- 
energy interphase boundaries. According to the con- 
siderations discussed in the preceding section, such 
boundaries are preferred sites for the nucleation of 
pearlite. The considerably smaller area of high- 
energy facets in the interphase boundaries of intra- 
granular plates, and the much larger area which 
these facets occupy in the grain boundary-based 
morphologies, especially in allotriomorphs, can ac- 


Fig. 6—Formation of pearlite at austenite twin boundaries. 
Reacted at 575°C for 20 min. Etched in 2 pct nital. X150. 
Enlarged approximately 8 pct for reproduction. 
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Fig. 7—Growth of pearlite which nucleated at grain bound- 
ary-based ferrite morphologies is progressively limited and 
blocked by development of networks of intragranular ferrite 
plates. Reacted at 575°C for 20 sec. Etched in 2 pct nital. 
X250. Enlarged approximately 8 pct for reproduction. 


count for the relative rates of nucleation of pearlite 
at the different types of ferrite morphology. 


Steric Interference of Intragranular Plates with 
the Growth of Pearlite—Confinement of the growth 
of pearlite nodules to the interstices between crys- 
tals of the various ferrite morphologies, especially 
at high reaction temperatures,’ has been recognized 
by previous investigators. This type of steric inter- 
ference normally occurs when the rate of formation 
of ferrite is initially much greater than that of 
pearlite. In the case to be discussed in this section, 
the rates of the two reactions are more nearly com- 
parable. 

At temperatures above 625°C, the small number 
of rather widely separated intragranular plates 
which develops is readily engulfed by the growth of 
pearlite nodules from the region of the grain bound- 
aries. At 625°C and lower temperatures, however, 
the rate of formation of intragranular plates be- 
comes competitive with that of pearlite in an in- 
creasing proportion of the larger austenite grains. 
As illustrated in Fig. 7, the intragranular plates 
nearest to the grain boundaries are quickly sur- 
rounded. The plates located farther away from the 
grain boundaries, however, have sufficient time to 
form loose networks before the pearlite nodules 
grow into contact with them. These networks ini- 
tially restrict the growth of the nodules to the re- 
gions between adjacent ferrite plates. The gaps in 
the networks soon become smaller through the con- 
tinued nucleation of new intragranular plates and 
the growth of those previously formed, preventing 
further inward growth of the pearlite nodules, 
Fig. 6. The very low rate of nucleation of pearlite 
at intragranular plates, previously noted, meanwhile 
prevents pearlite from nucleating within the net- 
works and disrupting them during the formative 
stages of their development. 

Effects of Austenite Grain Size on Competition Be- 
tween the Ferrite and Pearlite Reactions—The rela- 
tive importance of the effects previously discussed 
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with respect to the competition between the ferrite 
and pearlite reactions can be assessed conveniently 
by studying the effects of austenite grain size upon 
the microstructure of completely reacted specimens. 
Six austenitizing temperatures, producing grain-size 
ranges from ASTM. Nos. 1 to —4 (at 1300°C) to Nos. 
7-8 (at 850°C),* a uniform austenitizing.time of 30 


i It is possible that the use of different austenitizing temper. 

prior to isothermal reaction may have complicated the Sees 
ported later by superimposing additional effects on the morphology 
and kinetics of the ferrite and pearlite reactions. Examination of 
the microstructures developed, however, disclosed no unexpected 
changes in pearlite morphology and only such alterations in ferrite 
morphology as are associated with changes in grain size, No infor- 
mation was found in the literature on the effects of austenitizing 
temperature upon the kinetics of the ferrite reaction. Hull and co- 
workers” have shown that the rate of nucleation of pearlite per unit 
grain-boundary area in plain carbon eutectoid steels increases slowly 
with decreasing austenitizing temperature; the rate of growth of 
pearlite is unaffected under these circumstances. A similar nucleation 
effect may be exerted on the pearlite reaction in hypoeutectoid 
steels, and perhaps also on the ferrite reaction. If the ferrite reac- 
tion is not similarly subject to this effect, the proportions of ferrite 
In specimens fully reacted after austenitizing at a variable initial 
temperature and at a (lower) constant final temperature would be 
somewhat less than those obtained during this investigation. Changes 
in the mechanisms through which the ferrite and pearlite reactions 
interact, however, are considered to be unlikely. 


min, and reaction temperatures of 690, 650, 600 and 
550°C were used for this purpose. Specimens which 
were scheduled to be austenitized at a temperature 
below 1300°C were first austenitized for 30 min at 
1300°C and quenched directly into iced water (pro- 
ducing a wholly martensitic microstructure) in or- 
der that all specimens would have éffectively equal 
initial homogeneity with respect to composition. 

At 690 and 650°C, the proportion of ferrite in the 
microstructure increases continuously with decreas- 
ing grain size, rising from 55 pct (Nos. 1 to —4) to 
70 pet (Nos. 7-8) at 690°C and from 40 pct (Nos. 1 
to —4) to 65 pct (Nos. 7-8) at 650°C. Sideplates are 
the dominant ferrite morphology at grain sizes of 
3-5 and larger, with grain boundary allotriomorphs 
and massive ferrite becoming more important at 
smaller grain sizes. Both of these results are in 
agreement with those of Dubé,’ as obtained on speci- 
mens of an 0.32 pct C, 0.85 pct Mn steel with grain 
sizes of 0-1 and 7-8. 

At 600 and 550°C, the use of a wider range of 
austenite grain sizes than that employed by Dubé 
leads to a new result; namely, the percentage of 
ferrite passes through a minimum as the austenite 
grain size is reduced. In specimens fully reacted at 
600°C, the proportion of ferrite decreases from 65 
pet at grain sizes 1 to —4 to a minimum of 35 pct at 
Nos. 3-5, increasing to 55 pct at Nos. 5-6. (A further 
decrease in grain size, to Nos. 7-8, slightly decreases 
the amount of ferrite, to 50 pct.) The minimum pro- 
portion of ferrite in specimens reacted at 550°C, 
approximately 20 pct, also occurs at grain sizes 3-5; 
the largest amounts of ferrite are found at grain 
sizes 1 to —4 (90 pct) and 7-8 (55 pct). Intragran- 
ular plates are the dominant ferrite morphology 
when the austenite grain size is 0-2 and larger at 
both reaction temperatures. Most of the ferrite ap- 
pears as sideplates at grain sizes of 3-5 and below 
at 550°C and through grain sizes 5-6 at 600°C. Mas- 
sive ferrite and grain boundary allotriomorphs pre- 
dominate at grain sizes 7-8 at 600°C. 

Discussion: None of the effects discussed in pre- 
vious sections markedly affects the proportion or 
distribution of ferrite in specimens reacted to com- 
pletion at 690 or 650°C. The inhibition of pearlite 
nucleation between adjacent ferrite sideplates 
markedly delays the completion of transformation 
in these regions, but does not appear to result in 
the formation of important amounts of additional 
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ferrite and nonpearlitic carbides,* rather than 


* These carbides normally appear as allotriomorphs or idiomorphs, 
rather than as plates. Although it is usually impossible to determine 
the phase from which an individual carbide precipitated, extended 
studies have shown that they may nucleate either wholly within 
ferrite or in austenite at austenite:ferrite boundaries.43 It has been 
proposed that the composite structures formed by these carbides and 
the ferrite crystals with which they are directly associated are bain- 
ite, even though such structures may form at temperatures not far 
below the eutectoid temperature.1? 
pearlite, and thus has little effect on the percentage 
of ferrite in fully reacted specimens. The effects of 
austenite grain size upon the structures formed in 
this temperature range have been explained pre- 
viously by Dubé’ in terms of changes in ferrite mor- 
phology and in the grain-boundary area per unit 
volume of austenite. 

At late reaction times at 600°C and at all stages 
of reaction at 550°C, the low rate of pearlite nuclea- 
tion between sideplates abets the substitution of 
additional ferrite and of nonlamellar carbides for 
pearlite. The observation that the marked increase 
in the proportion of ferrite at grain sizes larger than 
3-5 at these temperatures is accompanied by the 
appearance of intragranular plates as the dominant 
ferrite morphology, however, indicates that the low 
rate of nucleation of pearlite at intragranular plates 
and the steric interference of intragranular plates 
with the growth of pearlite from the region of the 
grain boundaries are the major factors which enable 
the ferrite reaction to compete so effectively with 


_the pearlite reaction under these conditions. The 


increase in the amount of ferrite formed as the grain 
size is decreased below Nos. 3-5 is again explained 
by the considerations of Dubé.’ 

The over-all effectiveness of the processes through 
which the ferrite reaction competes with the forma- 
tion of pearlite can be examined by comparing the 
percentages of ferrite actually formed with those 
which would have appeared had the metastable 
equilibrium proportions of ferrite been allowed to 
develop. In order to obtain the latter information, 
the phase boundaries of the austenite + ferrite field 
were extrapolated below the eutectoid temperature, 
using Zener’s’ equations for these boundaries. The 
following are the metastable equilibrium percent- - 
ages of ferrite at the temperatures of interest in this 
section: 690°C—79 pct; 650°C—86 pct; 600°C—91 
pet; 550°C—94 pct. Comparison with the maximum 
percentages of ferrite found experimentally at these 
temperatures indicates that metastable equilibrium 
is roughly approximated at 690°C and closely ap- 
proached at 550°C in specimens whose grain sizes 
are most favorable for the formation of ferrite. At 
650 and 600°C, and with less favorable grain sizes 
at 690 and 550°C, however, the pearlite reaction 
restricts appreciably the proportion of ferrite which 
can develop. 

Conclusions 


Metallographic studies on coarse-grained speci- 
mens of an 0.29 pct C, 0.76 pct Mn steel have re- 
vealed the following effects of the ferrite reaction 
upon the subsequent formation of pearlite: 

1) The nucleation of pearlite is appreciably in- 
hibited between closely spaced ferrite sideplates. 

2) The rate of nucleation of pearlite is very low 
at intragranular ferrite plates. 

3) The rate of nucleation of pearlite at twin- 
boundary ferrite is moderate relative to that at 
grain-boundary allotriomorphs and at isolated side- 
plates and the fringes of groups of sideplates. 

4) Steric interference from interlocking networks 
of intragranular ferrite plates prevents pearlite nu- 
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cleated at the grain boundary-based ferrite mor- 
phologies from penetrating deeply into the interiors 
of large austenite grains at low reaction tempera- 
tures. 

The first three effects have been discussed quali- 
tatively in terms of heterogeneous nucleation theory. 

The proportion of ferrite in fully reacted speci- 
mens with austenite grain-size ranges from ASTM 
Nos. 1 to —4 through Nos. 7-8 has been shown to 
increase with decreasing grain size at 690 and 650°C, 
as previously found by Dubé’ but to pass through a 
minimum, at grain sizes 3-5, in specimens reacted 
to completion at 600 and 550°C. The very low rate 
of nucleation of pearlite at intragranular plates and 
steric interference by these crystals with the inward 
growth of pearlite nucleated in the region of the 
grain boundaries were found to be responsible for 
the large amounts of ferrite present when the grain 
size is larger than 3-5 and the reaction temperature 
is in the range 600-550°C. 
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Technical Note 


Further Evidence of Zoning in a Nickel-Chromium-Titanium-Aluminum Alloy 


by N. E. Rogen and N. J. Grant 


GE-hardening in nickel-chromium-titanium- 

aluminum alloys in the composition range char- 
acterized by the Nimonic alloys, is dependent upon 
the precipitation of the Ni,(A1,Ti) (y’) phase.* This 
phase is found to precipitate at about 700°C." 

Ni,Al is a face-centered-cubic ordered structure 
with a lattice parameter of 3.560 A. The atomic con- 
figuration is such that the aluminum atoms occupy 
the cube corners and nickel occupies the cube faces 
with titanium substituting for the aluminum prefer- 
entially. A maximum of three out of every five 
aluminum atoms can be replaced by titanium atoms 
in the y’ phase.” When the solubility of the y’-phase 
is exceeded for titanium the 7(Ni,Ti) phase is 
formed. The »-phase is an ordered close-packed 
hexagonal intermetallic structure which shows little 
solubility for the other elements in these alloys. The 
lattice parameter for y-phase is a = 2.5454 kx and 
c = 8.2900 kx units.* 

This investigation was undertaken to establish 
whether atomic rearrangements (‘zoning’) occur in 
the supersaturated solid solution prior to the actual 
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precipitation of the y’-phase; however, the exact re- 
arrangements have not been determined. Any zon- 
ing reaction would involve the redistribution of 
many atoms. In the alloy that was studied the com- 
position was 22.06 chromium, 2.95 aluminum, 3.47 
titanium, balance nickel, in atomic percent. A redis- 
tribution of atoms could result in a determinable 
variation in the matrix-lattice parameter. By meas- 
uring the lattice parameter of the matrix with time 
and temperature, any existing zoning reaction could 
be observed. Such measurements are a function of 
the volume of solute, the binding strength, and the 
atoms size effect. Given enough solute and sufficient 
atomic-size difference, zoning should have an ob- 
servable effect on the lattice parameter. Also the 
fact that precipitation is rather uniform in these 
alloys’ increases confidence in the employment of 
this observational technique. 

Experimental Procedure—The alloy used was 
vacuum cast and forged to %-in. diam rod. Speci- 
mens 4% in. thick were then machined from the rod, 
solutioned at 1950°F for 5 hr and water-quenched 
to avoid precipitation. After annealing in a lead pot 
(varying temperature and time) specimens were 
again water-quenched. To remove any quenching 
strains which may have been present, a 0.03-in. 
layer was removed by electrolytically polishing all 
annealed specimens. 
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Lattice parameter measurements were then made 
with a General Electric Spectrogoniometer using 
filtered CrKa radiation and correcting with a silicon 
standard. The lattice parameter of the as-solutioned 
alloy was 3.577 A. 

Results—Fig. 1 shows the variation of hardness 
and lattice parameter with aging temperature and 
time. Two lattice contractions are apparent. The 
first contraction is shown to be temperature-and- 
time dependent. By varying the aging time the first 
lattice contraction can be made to occur between 
400-and 500°C for the 50-min aging treatment, or 
below 400°C for the 100-min treatment. During the 
course of this first contraction, there is no significant 
change in hardness for the 100-min treatment. 

The variation of hardness with time and tempera- 
ture and the variation of lattice parameter with time 
for two temperatures is shown in Fig. 2. An exam- 
ination of the variation of lattice parameter with 
time and temperature suggests that a lattice contrac- 
tion of 0.003 A is the maximum attainable for the 
first contraction. 

There is little doubt that the second contraction is 
due to the precipitation of the y’-phase.* The rea- 
son for the first contraction is open to question. 

Of interest is the observation of a preliminary 
lattice contraction without a hardness change, fol- 
lowed by an increase in hardness above 500°C with- 
out further lattice contraction until about 600°C. 
This lag in hardness response suggests a complex 
rearrangement of atoms prior to actual precipitation. 

Most investigations””*® of the nickel-chromium sys- 


tem have suggested that the first change can be 
attributed to an ordering reaction. Whether the 
order was long range or short range has been de- 
bated. However, neutron diffraction has indicated 
the absence of ordering. These items of evidence 
would therefore favor a zoning or rearrangement of 
atoms to account for the contraction. 

Kurdjumov and Travina" studied changes in the 
intensities of X-ray diffraction lines during the aging 
of a 20 chromium-2.3 titanium, 0.6 aluminum, bal- 
ance nickel alloy. They concluded that at 500-600°C 
a redistribution of atoms had taken place. Because 
nickel forms strong bonds with titanium and alumi- 
num, and because these data indicated a decrease in 
static distortion at 500-600°C, they suggested that 
the new distribution was due to the formation of 
small regions rich in titanium and aluminum. Their 
lattice-parameter measurements did not show a 
change below 600°C, whereas this work shows a 
change below 500°C. 

The alloy used in this study contained consider- 
ably more total titanium plus aluminum than the 
Kurdjumoy-Travina alloy and would involve the 
redistribution of many more atoms. If enough atoms 
are involved, a lattice contraction could be ob- 
served. The presence of this lattice contraction is 
interpreted to be further proof of zoning in the 
nickel-chromium-titanium-aluminum system. 

Furthermore, because a lattice contraction was 
only observed when studying an alloy of high-solute 
content, it appears likely that the magnitude of the 
first change is dependent in significant part upon 
the presence and quantity of aluminum and titanium. 
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Technical Note 


Environmental Effects on Hydrogen Permeation Through Steel During Abrasion 


by D E. Swets, R. C. Frank, and D. L. Fry 


HE hydrogen-steel system has received consid- 
ab erable attention in the past several years. Recent 
experiments in this laboratory have shown that an- 
other group of operations, namely, sanding and 
grinding,’ must be added to the already well-estab- 
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lished list of phenomena that cause hydrogen to 
permeate steel. 

Qualitative tests which have been made with a 
very sensitive ion-gage type of detector similar to 
that used by Norton,’ showed that sanding a steel 
surface caused hydrogen permeation. A metal type” 
6V6 vacuum tube was used as the ion gage with an 
electrometer to measure the ion current.’ The pro- 
tective enamel coating was removed from the tube. 
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The steel shell then served as the sample under test. 
The “gettering’” action in the tube allowed one tube 
to be used many times. Different 6V6 tubes of the 
same type and brand had a somewhat different re- 
sponse to gas permeation, but any given tube had a 
reasonably reproducible response. 

Methods of inhibiting the hydrogen permeation 
through steel during abrasion were studied with this 
same apparatus. The results of these tests are shown 
in Table I. Except when indicated, the tests were 
run at a temperature of 136°F. All tests were pre- 
ceded by purging the metal envelope of residual 
hydrogen by heating the tube to 260°F in hot oil. 
All results shown were obtained with the same tube. 

The abrasion was done by holding a strip of abra- 


Table |. Typical Abrasion Results 


Approximate 
Change in 
Electrometer 
Reading in 
Amp x 10? 
After 30 Sec 


Treatment of Treatment 


3) Abrasion with Tufbak 320A pape 


136°F (Tube temp).... 170 

4) Abrasion with Tufbak 240 paper: 
5) Abrasion with cloth in AlsOs and water slurry 76°F 90 
6) Same as 4) with anodizing bed 0 
7) Same as 4) with MnO, added 0 
8) Same as 4) with NaNOz added 4 


@ No abrasion. 
» Only 4 sec of treatment, no abrasion. 


sive paper between the two hands and drawing it 
across the tube at about one stroke per second. Ap- 
proximately the same pressure against the tube 
envelope was used for all tests. 

It is believed that the source of the hydrogen was 
either the water vapor in the air or the cutting fluid 
when cutting fluid was used. This is based on the 
fact that abrasion tests made with dry abrasive 
paper showed a reduction in hydrogen permeation 
when the partial pressure of water vapor in the air 
was brought below 5 mm of Hg pressure by the use 
of drying agents. In addition, mass spectrometer 
tests have shown’ that when heavy water is used as 
the cutting fluid deuterium permeates through the 
steel. Apparently during abrasion, clean iron is con- 
tinually presented to water and therefore this allows 
the chemical reaction 


Fe + H.O > FeO + H, 


to occur at an increased rate. As shown by Table I, 
oxidizing agents react more strongly than water 
with the metal and therefore the amount of free 
hydrogen available to the new metal surface is re- 
duced, thereby, giving a lower permeation rate. 
Anodizing also appears to reduce the amount of free 
hydrogen available to the metal. 

The rate of hydrogen permeation through steel 
during abrasion is considerably greater than that 
occurring during normal atmospheric corrosion. 
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The Activation Energies for Creep of Single 


Aluminum Crystals Favorably Oriented 


for (III) [101] Slip 


by J. L. Lytton, L. A. Shepard, and J. E. Dorn 


Single aluminum crystals were subjected to creep in simple shear on the (111) planes in the 
slip direction. The activation energies for creep were calculated from the effect of small abrupt 
changes in temperature on the creep rate just before and immediately following the temperature 
change. The results definitely establish the fact that creep of single aluminum crystals occurs by 
three unique processes, characterized by three distinct and isolatable activation energies: The 35,- 
500-cal-per-mole activation energy obtained at the highest temperatures was ascribed to a disloca- 
tion climb process; the 28,000-cal-per-mole activation-energy process, occurring over the interme- 
diate-temperature range was attributed to a cross-slip mechanism; and it was suggested that the 
3400-cal-per-mole process observed below 400°K may be the Peierls energy. 


A aie most pertinent question regarding the phe- 
nomenon of creep in crystalline materials is 
concerned with the identity of the crystallographic 
mechanisms of deformation that control the creep 
rate. For many years slight progress was made in 

J. L. LYTTON and L. A. SHEPARD are Research Engineers at the 
University of California, Berkeley, Calif., and J. E. DORN, Member 


AIME, is Professor of Physical Metallurgy at the University of 
California. 


TP 4675E. Manuscript, September 16, 1957. 


220—APRIL 1958 


uncovering the basic mechanisms for creep. Over 
the past 10 years, however, two parallel lines of 
investigations have contributed to a more definitive 
understanding of the processes involved in creep. 
The extensive development and maturing of dislo- 
cation theories for deformation of crystalline mate- 
rials’ proved to be of paramount importance for this 
progress. And second in importance was the re- 
placement of the former prosaic methods of creep 
testing by new techniques”® which were especially 
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designed to provide unambiguous data from which 
the laws of creep could be established. 

Whereas most of the promising theories of creep’ 
are based on single-crystal models, practically all 
of the definitive data on the laws of creep*” have 
been obtained from experiments on polycrystalline 
aggregates. Before the new single-crystal models 
for creep can be accepted they must be checked by 
appropriate experimental results. This investigation 
was therefore initiated in an attempt to establish 
the effect of temperature on the creep rate of single 
crystals of aluminum so oriented as to favor slip in 
the [101] direction on the (111) plane. 

Creep cannot occur in the absence of thermal 
fluctuations. Therefore the creep rate increases 
rapidly with increasing temperature in agreement 
with the classical laws for the rates of thermally 
activated processes. Each operative unit process for 
creep must have a unique activation energy char- 
acteristic of that process. Over ranges of conditions 
where only one process predominates, a fairly con- 
stant activation energy should be obtained. But over 
ranges of conditions where several processes con- 
tribute to the total creep strain, the observed activa- 
tion energy will be a weighted average value which 
might change with stress and strain and must 
-change with temperature. 

The choice was made in this preliminary inves- 
tigation on the creep of single crystals of aluminum 
to evaluate the effect of temperature on the creep 
rate so as to obtain reliable activation energies for 
creep. This choice was made in anticipation that 
these data might prove definitive for determining 
the number of different rate-controlling processes 
that might be operative during creep and for estab- 
lishing the ranges of stress, strain, and temperature 
over which each process might predominate. In 
addition it was hoped that the results of such an 
investigation as this might establish the necessary 
basis for the development of more rational theories 
for creep of metals. 


Experimental Techniques 

High-purity Al (99.995 pct Al) was selected for 
this investigation in order to permit comparisons 
with the rather complete data now available on the 
activation energies for creep in polycrystalline alu- 
minum over temperatures ranging from about 78°K 
to about 880°K.* The aluminum was obtained in the 
form of an 0.50-in.-diam extruded cylindrical bar. 
Single-crystal spheres having a diameter of 1.00 in. 
were produced, using Bridgman’s technique of direc- 
tional solidification in a helium atmosphere. 

The spheres were first oriented from Laue pat- 
terns and cemented to a brass cylinder. They were 
then carefully machined into dumbell-shaped shear 
specimens of the Parker-Washburn type,” Fig. 1, 
with the (111) plane perpendicular to the axis of 
the dumbell. Following a chemical polish to remove 
the cold-worked layer, they were annealed for 1 hr 
at 625°C in helium and slowly cooled. Finally, they 
were mounted in the test grips, Fig. 2, and, with 
the aid of Laue patterns, oriented so that the [101] 
direction lay in the direction of stressing. By this 
method, the slip plane and slip direction were 
aligned with the stress direction within an accuracy 

Shear displacements over the gage section of the 
specimen were determined by measuring the rela- 
tive displacement of the upper grip section of the 
loading fixture with respect to the lower grip sec- 
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Fig. 1—Shear 
specimen after 
machining and 
polishing. 


Fig. 2—Apparatus 
used to grip pure 
aluminum shear 
specimens. Arrows 
indicate applied 
load. 


tion by means of an appropriate dial-gage extenso- 
meter which had a least count of 0.0001 in. 

Loads were applied to the specimen by means of 
a pulley-and-cable arrangement for the lower 
ranges of stress, and by means of a 10-to-1 lever 
arm for the higher stresses. In all cases the load was 
applied by lowering weights onto the loading plat- 
form by means of a hydraulic jack equipped with a 
needle-valve control. 

Determinations of the activation energies for - 
ereep were accomplished by the previously de- 
scribed technique of evaluating the creep rate just 
preceding and immediately following a small abrupt 
change in temperature. Temperature differences 
ranging from 10 to 30°K were used. Over tempera- 
tures up to 700°K such changes in temperature were 
obtained by removing one temperature controlled 
bath from the specimen and fixtures and rapidly re- 
placing it by a second bath controlled at a slightly 
different temperature. The specimen was observed 
to attain the new bath temperature in about 3 min. 
The creep rates were determined by graphical dif- 
ferentiation of the strain versus time curves. By this 
technique the instantaneous creep rates just before 
the temperature was changed were determined 
readily. The creep rates immediately following a 
change in temperature were estimated carefully by 
extrapolating the observed creep rates over the 
transient-temperature time interval of 3 min to the 
instant the temperature was changed. Above 700°K, 
creep tests were conducted in air using a controlled 
electric resistance furnace. Although about 15 min- 
utes were required to change the specimen tempera- 
ture, the creep rate at these high temperatures did 
not vary rapidly with strain and consequently a 
good extrapolation through the 15-min transient- 
temperature interval: could be obtained. The ac- 
curacy obtained on the reported activation energies 
is believed to be better than +10 pct for values less 
than 10,000 cal per mole and about +5 pct for the 
higher values. 

Experimental Results 

Before any creep tests were conducted, several 

stress-strain curves were determined at room tem- 
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perature for the express purpose of estimating the 
quality of the single crystals which were produced 
and for the purpose of testing the reliability of the 
fixtures and the accuracy of alignment of the single- 
crystal specimens. For these preliminary tests a 
constant shear-strain rate of y= 0.096 per hr was 
used, the resulting shear-stress versus shear-strain 
curves being shown in Fig. 3. Such stress-strain 
curves were typical for those of easy glide, the shear 
stress increasing linearly with the shear strain. Upon 
annealing the crystals at 625°C for 1 hr following a 
strain of about 0.01, their plastic properties were 
restored completely to their initial unstrained val- 
ues. The critical shear stress of 137 psi obtained in 
these tests agrees favorably with the 147-psi value 
obtained by Rosi and Mathewson‘ from tension tests 
on aluminum single crystals and with the extrapo- 
lated value of 137 psi for 99.99 pct Al taken from the 
data of Dehlinger.* These good correlations suggest 
that the purity, perfection, alignment, and method 
of testing adopted in this investigation are good. 

If creep is due to a single thermally activated 
process, the temperature dependence of the creep 
rate can be given by the well-known general rela- 


tionship. 
AF 


Ae RT [1] 
where 


y = shear-strain rate 
7,3) 
R = gas constant 
T = absolute temperature 
AF = AF (T,7,s) = free energy of activation 
=AH (T,7,s) — TAS (T, s) 
AH = activation energy 
AS = entropy of activation 
7 = applied shear stress 


s=s (structure) =a factor that depends on 
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As dictated by reaction-rate theory, however, A, AH 
and AS for a single process will be only mildly de- 
pendent on the temperature, and therefore the 
major effect of temperature on the creep rate will 
be given almost exclusively by the exponential term 
of Kquation [1]. 

In order to separate the effect of temperature 
alone on the creep rate from the auxiliary effects 
of substructural changes,‘ it is necessary to evaluate 
the effect of changes in temperature on the creep 
rate under conditions where the structure is always 
the same. This can be accomplished by the effect 
of an abrupt change in temperature from T, to a 
slightly different value, T., on the creep rates, 7, and 
¥., just before and immediately following the tem- 
perature change. A typical example of this effect is 
illustrated in Fig. 4. The abruptness of the tempera- 
ture change, the absence of any instantaneous 
strains, and the absence of spurious transient strain- 
rate effects following the change in temperature 
suggest that the structure is the same just before 
and immediately following an abrupt change in 
temperature. Under these conditions, the value of 
A remains unchanged during the abrupt change in 
temperature and therefore 


_ AF(T4,7,8) 


[2] 


AF (T2,7,8) 


Ye 
Since T, differs only slightly from T, 


( al ) 


: 1 


where the activation energy, AH, for a single proc- 
ess, will be insensitive to the mean temperature of 


test, T, where 


but might depend on the applied stress and the 
structure. 

All activation energies reported in this paper 
were obtained as defined in Equation [3] and were 
plotted in terms of the mean test temperature de- 
fined by Equation [4]. The experimental results for 
single erystals favorably oriented for (111) [101] 
creep in simple shear for shear strains below 0.12 
are shown by the open symbols in Fig. 5. For pur- 
poses of comparison the previously obtained activa- 
tion energies for the creep of polycrystalline alu- 
minum’ also are included. Additional data on the 
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Fig. 5—Actiyation energies for creep of pure aluminum as a 
function of temperature. 
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Fig. 6—Activation energies for creep on the (111) plane in 
pure aluminum single crystals as a function of shear strain. 


variation of the activation energy for creep of single 
aluminum crystals when the strain exceeds about 
0.12 are recorded in Fig. 6. 


Discussion of Results 


The previously reported activation energies for 
creep of polycrystalline aluminum, given in Fig. 5, 
were shown to be constant at a given temperature, 
independent of wide variations in the creep stress 
and the creep strain; the activation energies were 
found to be exclusively a function of the test tem- 
perature.. The observed activation energies for 
creep of single aluminum crystals in simple shear 
given in Fig. 5 show that the creep is controlled 
by three unique processes. Each process is identified 
by a characteristic activation energy which remains 
constant over a range of temperatures, stresses, and 
strains. 

As noted in Fig. 5, the two high-temperature 
processes, having activation energies of 28,000 and 
35,500 cal per mole, respectively, are identical with 
similar creep rate-controlling processes that were 
obtained in polycrystalline aluminum. The single 
low-temperature rate-controlling process for creep 
of aluminum single crystals, which has an activa- 
tion energy of 3400 cal per mole, was not observed 
in aluminum polycrystalline specimens. This acti- 
vation energy, however, appears to have been ap- 
proached asymptotically in polycrystalline alumi- 
num at temperatures somewhat below the lowest 
test temperature of 78°K. 

The insensitivity of the two lower activation en- 
ergies to stresses and strains agrees with observa- 
tions previously made on the activation energies for 
creep of polycrystalline aluminum.’ Although the 
single-crystal process having an activation energy 
of 35,500 cal per mole was not investigated over a 
broad range of stresses or strains, it is nevertheless 
reasonable to believe that its activation energy is 
also insensitive to these variables. This suggestion 
is in accord with the extensively documented ob- 
servation that the 35,500-cal-per-mole activation 
energy for creep of polycrystalline aluminum is in- 
dependent of the stress and strain.’ 

As shown in Fig. 5, over the temperature range 
from 450° to 590°K the observed activation energy 
increases from the previously constant value of 
3400 cal per mole to the new steady value of 28,000 
cal per mole. This trend can be rationalized com- 
pletely by assuming that over this transitional 
range of temperatures both the 3400 and the 28,000- 
cal-per-mole processes contribute effectively to the 
total observed creep rate. A similar transition was 
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observed between the 28,000 and the 35,500-cal- 
per-mole processes as shown in Fig. 5. 

If the creep processes in these temperature ranges 
were resulted from parallel mechanisms, the activa- 
tion energy would be representative of the slowest 
process. Since a sequence of distinct activation en- 
ergies was obtained in the present investigation, the 
actual processes must act in series and the observed 
creep rate must arise from contributions of all 
processes. In general, therefore 


[5] 


where 
AH, = activation for ith process 
®; = appropriate weight factor for ith process 


Usually the weight factors will be functions of the 
applied stress and the subgrain structure as well as 
the mechanism of deformation. Let AH, be the low- 
est unique activation energy, AH, the next, and so 
on. If ws<o.<a, the first process having the lowest 
activation energy will predominate over all ranges 
of temperature. But if o:>o.>o, the experimentally 
observed transitions to the higher activation-en- 
ergy process at the higher temperatures becomes 
possible. According to Equation [2], which was used 
to obtain the observed activation energies for creep 
in this investigation, the observed activation energy 
for a series of simultaneous processes is given by 


AH 
1 _ Ani 


Since only ratios of the weight factors », are sig- 
nificant in determining the observed activation en- 
ergies as given by Equation [6], o: can be selected 
arbitrarily as 1. The values of o, and os, and so on, 
can be established by introducing the appropriate 
values of the AH;, and the observed AH, and the 
corresponding T for each of the various transition 
regions. Having determined the weight factors o; 
in this way, it is then possible to calculate the value 
of AH that should be observed for any temperature. 

A preliminary calculation of this type using all 
three observed activation energies gave general 
trends which approximated the observed dependent 
of AH on T. At the higher temperatures, however, 
the calculated activation energies deviated some- 
what from the observed values. To ascertain the 
possible cause of this lack of agreement, a second 
calculation was made using only the two lower 
unique activation energies of AH, = 3400 and AH, = 
28,000 cal per mole. On this basis #, was found to be 
1.95x 10". The calculated activation energies ob- 
tained in this way, shown by the solid curve in Fig. 
5, agree exceptionally well with the actual obser- 
vations up to the temperature of about 750°K where 
the highest activation energy of 35,500 cal per mole 
first becomes operative. The theory proposed here 


~ for the simultaneous operation of several processes 


is sound, and agrees well with the experimental 
data for the two lower processes. However, it pre- 
dicts a much more gradual introduction of the 
35,500-cal-per-mole process than actually was ob- 
served. 

Since the relative values of the weight factors 
might depend on the applied stress and the in- 
stantaneous structure, the observed activation en- 
ergies could change with stress and creep strain as 
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35,500 
[6] 


well as with the test temperature. Inasmuch as the 
creep rate of each active process will increase with 
the stress, the stress is expected to have only a 
minor effect on the observed activation energy. In 
contrast, however, the substructures generated dur- 
ing creep might result in almost complete blocking 
of the originally more facile mechanism thereby 
causing a change from predominantly one to pre- 
dominantly another mechanism for creep. In order 
to test this concept, several creep tests were con- 
ducted over a range of strains as documented in 
Fig. 6. All of the datum points for strains less than 
about 0.12 also are recorded in this figure. 

As shown by the open triangles, a single creep test 
was conducted at 652°K under a single creep stress 
of 102 psi. At various strains the temperature was 
successively increased and decreased slightly in 
order to obtain the observed activation energies for 
creep. Up to strains of about 0.12 the activation 
energies remained at the constant value of 28,000 
cal per mole. But as the strain increased from 0.12 
to 0.20, the activation energy increased from 28,000 
cal per mole to 35,500 cal per mole where it re- 
mained up to strains of about 0.30. 

As shown by the solid squares representing the 
activation energies obtained from a single specimen 
tested at a mean temperature of 325°K, the activa- 
tion energies remained at the 3400-cal-per-mole 
level up to a strain of about 0.13 whereupon they 
increased to a value of 28,000 cal per mole at a 
strain of 0.28. From strains of 0.28 to at least about 
0.35, the activation energies remained at the 28,000- 
cal-per-mole level. During the course of this test it 
was necessary to increase the stress periodically in 
order to maintain a readily measurable creep rate. 
But inasmuch as the 3400 and the 28,000-cal-per- 
mole processes are obtained over wide ranges of 
stress, the observed trend in the change of the ac- 
tivation energy during this test must be ascribed to 
an effect of the strain. 

A yet more revealing test, as shown by the open 
squares in Fig. 6, was conducted at 202°K in a man- 
ner analogous to the aforementioned tests. Here the 
activation energies for creep remained at the 3400- 
cal-per-mole level up to a strain of about 0.10, fol- 
lowing which they increased to a value of about 
16,000 cal per mole at a strain of about 0.14 and 
thereafter remained at this level up to strains of at 
least 0.28. 

The data for tests which extended beyond a strain 
of about 0.12 are also indicated in Fig. 5 by vertical 
lines joining the activation energies for strains less 
than about 0.12 with the steady-state activation 
energies obtained at much higher strains, shown as 
solid symbols. For each case that was investigated 
the steady-state activation energies for single crys- 
tals subjected to large shear strains agreed well 
with the activation energies previously obtained at 
the same temperatures for high-purity polycrystal- 
line aluminum. 

An attempt was made to ascertain whether each 
unique process for creep could be associated with 
special types of slip markings on the surface of the 
crept specimen, resulting in the following note- 
worthy observations: 

(a) Under conditions where the 3400-cal-per- 
mole process occurred, only fine (111) slip bands 
were noted. 

(b) For the 28,000-cal-per-mole process slip 
took place on the (111) planes with extensive cross 
slip. The slip bands became broader at the higher 
test temperatures of this range. 
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(c) Specimens that were tested at about 202° and 
325°K, which exhibited transitions in activation en- 
ergies as the strain exceeded about 0.12, exhibited 
fine (111) slip bands and some cross slip. 

(d) The specimens that were tested at 800° and 
819°K, which gave activation energies of about 
35,500 cal per mole, exhibited coarse (111) slip 
bands with duplex slip lines appearing in the bands. 
These specimens, however, had recrystallized to a 
coarse-grain size some time during the test. 

(e) The single specimen tested at 652°K, with 
an activation-energy transition from 28,000 to 
35,500 cal per mole as the strain exceeded 0.12, ex- 
hibited coarse (111) slip, cross slip, and duplex slip. 
This specimen did not recrystallize, but nevertheless 
exhibited the 35,500-cal-per-mole process for creep 
over the range of strains from 0.20 to 0.30. 

The creep behavior of aluminum might now be 
rationalized in terms of the documented correlations 
between the metallographic observations and the 
three operative mechanisms for creep. Undoubtedly 
the low-temperature process having an activation 
energy of 3400 cal per mole must be associated with 
easy glide. The transitions that occur from the 
3400-cal-per-mole processes to those having higher 
activation energies as the strain exceeds 0.12 must 
be due to the introduction of turbulent slip. The fact 
that the limiting activation energies obtained at 
large strains coincide with those for polycrystalline 
aluminum strongly supports this contention. 

The foregoing argument demands that the onset 
of “turbulent” slip for the conditions of testing 
used in this investigation occurs at shear strains of 
about 0.12 independent of the test temperature. A 
brief consideration of the testing fixture used re- 
veals that the specimen is subjected to a bending 
moment as well as a simple shear stress. Thus, 
auxiliary slip mechanisms come into play as the 
strain increases. Undoubtedly this is the reason why 
the transitions from single to polycrystalline activa- 
tion energies were always initiated at the same 
shear strain of about 0.12 independent of the test 
temperature. 

It was suggested previously that the observed in- 
crease in the activation energies for creep of poly- 
crystalline aluminum with increase in temperature 
in the range from 78° to 250°K might be due to a 
spectrum of at least four different activation ener- 
gies arising from the simultaneous action of at least 
four different unit processes for creep.’ The obser- 
vation of only three unique activation energies for 
the creep of single aluminum crystals seriously ques- 
tions that explanation. Furthermore the coincidence 
of the steady-state single-crystal activation energies 
of about 16,000 cal per mole for large strains at 
200°K with those for polylcrystalline aluminum at 
the same temperature strongly suggests that turbu- 
lent slip at 200°K finally results in fixed ratios of 
the 3400 and 28,000-cal-per-mole processes. 

These observations suggest that turbulent slip can 
block the easier creep processes, forcing creep to 
continue by the more difficult higher activation- 
energy processes. Undoubtedly this is why the more 
difficult creep processes are found to occur over 
lower ranges of temperature in polycrystalline alu- 
minum than in single aluminum crystals. 


Correlations With Theories of Creep 
Over the period of the past 50 years many theo- 
ries for creep have been proposed, the majority of 
which have been discarded as unsatisfactory. At 
present only the following five possibilities remain 
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(a) Stress-directed diffusion of vacancies.” 
(6) Dislocation climb process.” 

(c) Nucleation of cross slip.“ 

(d) Intersection of dislocations.‘ 

(e) Peierls’ process.°” 


Since these have been reviewed in a recent article 
by Schoeck* they will not be elaborated upon here. 

The process of stress-directed diffusion of vacan- 
cies””’ can only occur at low stresses and at tempera- 
tures approaching the melting temperature. The ac- 
tivation energy for this process must be that for 
self-diffusion which is 35,500 cal per mole for Al, 
the highest activation-energy process for creep ob- 
served in this investigation. A recent investigation 
on creep of polycrystalline aluminum, however, 
contained rather conclusive evidence that the actual 
creep process at very high temperatures and low 
stresses could not be ascribed to this noncrystallo- 
graphic mechanism." 


The theoretical model for the dislocation climb 
mechanism for high-temperature creep” is in quite 
good agreement with the experimental observa- 
tions’ and the activation energy for this process is 
usually that for self-diffusion. The theoretical de- 
ductions demand that this activation energy be in- 
dependent of stress and strain in complete harmony 
‘with the experimental results quoted here. Conse- 
quently, the 35,500-cal-per-mole creep process dis- 
cussed in this paper for Al single cystals is prob- 
ably due to a dislocation climb process. 


The activation energy for the nucleation of cross 
slip in aluminum has been estimated by Schoeck and 
Seeger” to be about 23,000 cal per mole which is 
slightly below the 28,000-cal-per mole creep proc- 
ess identified here. The observation of extensive 
cross slip during creep by the 28,000-cal-per-mole 
process constitutes reasonable evidence for the ac- 
ceptance of this mechanism. 


The identification of the 3400-cal-per-mole proc- 
ess with existing dislocation models is more difficult. 
The dislocation intersection mechanism proposed by 
Cottrell“ and Seeger” to be the rate-controlling de- 
formation process at low temperatures has an es- 
timated activation energy in aluminum of about 
11,500 cal per mole.* Furthermore, the activation 
energy for an intersection process should decrease 
with increasing values of the applied stress. Ob- 
viously this deduction is seriously at variance with 
the observation that the 3400-cal-per-mole process 
is insensitive to the applied stress. 

Up to the present it has been argued that the ac- 
tivation energy for nucleating slip by overcoming 
the Peierls energy is negligibly small.* If, however, 
the 3400-cal-per-mole process for creep of Al can- 
not be described in terms of an intersection process, 
it may be necessary to estimate the Peierls activa- 
tion energy or to invoke some new activation proc- 
ess for low-temperature creep. 


Conclusions 

1) The creep of single aluminum crystals favor- 
ably oriented for slip on the (111) planes occurs by 
three isolatable processes, each of which is charac- 
terized by a unique activation energy. 

(a) The highest activation energy of 35,500 cal 
per mole which prevails at the highest test tem- 
peratures is believed to arise from a dislocation 
climb process. 


(b) The intermediate activation energy of 28,000 
cal per mole, which is obtained over the interme- 
diate range of temperatures, is believed to arise 
from cross slip. 

(c) The unit process having the lowest activa- 
tion energy of 3400 cal per mole, which predomi- 
nates over the lowest temperature range, has not 
yet been identified. 

2) The activation energies for all three processes 
were observed to be insensitive to the applied stress. 

3) Under conditions of testing, where bending as 
well as shearing took place, the activation ener- 
gies for the creep of single crystals agreed with the 
previously obtained activation energies for creep of 
polycrystalline aluminum. 
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Technical Note 


Reduction of Magnetic Susceptibility in Beryllium-Copper 
by Harold Bernstein 


HILE the beryllium-copper (2 pct Be) alloy is 
nominally nonmagnetic, the presence of iron 
impurity causes variations in the magnetic proper- 
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Naval Gun Factory, Washington, D. C. 
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ties which, at times, attain excessive proportions. 
This investigation was carried out to establish the 
effect of small amounts of iron on the susceptibility 
of the material and to determine if the effect could 
be minimized. 
Beryllium-copper is an age-hardening alloy which 


APRIL 1958—225 


Annealed 


8 orr scale 


Fig. 1—Variation 
of volume suscepti- 
bility of Be-Cu with 
iron content and 
solution tempera- 
ture. Specimens 
aged at 600°F for 
3 hr. 


Volume Susceptibility e.m.u.c.g.s. x107? 


O.1 0.2 . 
Iron 


attains its strength by means of a two-phase heat- 
treatment. The first part consists of a solution- 
treatment usually carried out at 1450°F. Like 
copper-beryllium, the copper-iron system’ demon- 
strates solution-aging possibilities. Since iron loses 
its ferromagnetic characteristics when it is dis- 
solved in copper solid solution, it appeared that the 
magnetic effects of iron in beryllium-copper might 
be handled in the same way. It was obvious that 
the temperature had to be raised above 1450°F in 
order to accomplish the solution of iron in beryllium- 
copper. The constitution diagram for Cu-Be’® indi- 
cated that the solution temperature could be raised 
about 100°F without exceeding the solidus. 

The instrument used for magnetic measurements 
was an astatic magnetometer* calibrated to a sensi- 
tivity of 1 x 10° e.m.u.c.g.s. per mm. The parameter 
measured was volume susceptibility. The specimens 
were 2-in.-long cylinders, 5/16 in. diam. They were 
individually cast in a permanent mold and contained 
graduated amounts of iron up to % pct (by weight). 
They were given a three-phase heat-treatment con- 
sisting of the following: 


1 hr at 1100°F 
Solution-treat 1 hr at 1450°F 


Off Scale 


Fig. 2—Cumulative 
effect of tempera- 
ture upon volume 
susceptibility of 
Be-Cu with grad- 
uated iron contents. 
Time at tempera- 
ture 1 hr. 
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The specimens were recycled, using a 1500°F solu- 
tion temperature, and a 1550°F solution tempera- 
ture. All operations were carried out in salt baths. 
After each phase, the susceptibilities were measured. 
There were no significant changes upon aging. The 
test results after aging are shown in Fig. 1. They 
demonstrate that the volume susceptibility of 
beryllium-copper can be reduced from over 100 x 
10° e.m.u.c.g.s. to less than 2 by raising the solution 
temperature 100°F. 

The next step was to determine how stable the 
minimal magnetic condition was. Apparently, the 
aging treatment for beryllium-copper (3 hr at 
600°F) did not effect the precipitation of ferromag- 
netic-iron phase. To determine at what temperature 
this phase became incoherent, a.series of specimens 
containing graduated amounts of iron was solution- 
treated and aged and then was exposed successively 
for 1 hr to temperatures ranging from 700 to 1100°F. 
The changes in susceptibility and temperature are 
shown in Fig. 2. The curves show that the alloy is 
magnetically stable after short-time exposures to 
temperatures up to 900°F. To precipitate the ferro- 
magnetic iron phase, temperatures on the order of 
1000°F were required. 
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The Behavior of Chromium in Slag-Metal Systems 
Under Reducing Conditions 


by C. W. McCoy and W. O. Philbrook 


The reduction of chromous oxide from lime-silica-alumina slags by carbon-saturated 
iron behaves as a first-order process having a rate of 0.001 grams Cr min* cm* 
(pct Cr)’, substantially independent of slag composition and temperature over an impor- 
tant range for iron smelting. The equilibrium ratio (pct Cr)/[pct Cr] is below 0.04 for slags 


having lime-silica ratios above 0.6. 
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M3” studies have been conducted on chromium 
in slag-metal systems under oxidized condi- 
tions. The purpose of these investigations has been 
twofold; namely, (1) to determine those conditions 
which lead to greater chromium recovery in elec- 
tric-furnace and open-hearth practice, and (2) to 
determine the nature of oxide inclusions and de- 
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oxidation products in high-chromium material. In 
contrast, there is no published information of quan- 
titative value on the reactions of chromium under 
the more strongly reducing conditions prevalent in 
smelting processes, and statements on the degree of 
reduction of chromium in the iron blast furnace are 
meager and conflicting. The present study gives a 
general picture of the rates and limiting factors in 
the distribution of chromium between carbon-satu- 
rated iron and blast-furnace-type slags. The results 
have theoretical value in extending the limited 
knowledge that exists of the chemistry of the com- 
mon elements under strongly reducing conditions, 
and they may be of practical interest in connection 
with the smelting of chromium-bearing ores such as 
the laterites of Cuba, India, and the Philippines, or 
the manufacture of ferro-alloys. 

For steel refining or relatively oxidizing condi- 
tions, the literature from both laboratory and oper- 
ating studies indicates that the recovery of chro- 
mium in the metal depends strongly on slag basicity 
and temperature. This review will touch only upon 
work which gives some clue to the behavior of chro- 
mium as deoxidizing or reducing conditions are ap- 
proached. 

Soler’ showed for electric-furnace heats at the 
time of slag-off that chromium recovery in the 
metal was favored by higher temperature and also 
by a higher CaO/SiO, ratio in oxidizing slags, but 
when the oxidation level of the slag dropped below 
8 pct FeO, recovery rose to about 90 pct and be- 
came independent of slag basicity. He also found 
that weaker deoxidation resulted in poorer chro- 
mium recovery, as did Waite’ for open-hearth prac- 
tice. 


A similar effect of slag-oxidation level was ob- 
tained for acid slags by Korber an Oelsen’® in labora- 
tory experiments. They melted virtually carbon- 
free iron under silica-saturated FeO-MnO-SiO, 
slags and varied the oxidation level by the addition 
of deoxidizers such as manganese and silicon. As 
the FeO content of the slag was decreased from 50 
down to 2 pct, the slag-metal distribution ratio for 
chromium, (pet Cr)/[pcet Cr], fell from about 30 
down to 0.5 and appeared to extrapolate to zero at 
zero FeO content. Their work also revealed that as 
the oxidation level of the slag decreased through 
the aforementioned range, the fraction of the total 
chromium content of the slag present in the divalent 
form (CrO or Cr**) increased to approximately 100 
pet. These trends have been confirmed by the work 
reported here, and in addition a rational explanation 
can now be given for the relationship between chro- 
mium distribution and the content of manganese or 
silicon in the metal that Korber and Oelsen observed 
as well as for similar distribution “index numbers” 
which have been reported for titanium, manganese, 
and sulfur. 


High-temperature free-energy functions of 
Coughlin‘ and Richardson and Jeffes’ indicate that 
pure Cr,O, should be reduced to the metal by gra- 
phite against 1 atm of CO at temperatures above 
about 1250°C. Measured data for CrO are lacking, 
and Maier’s® estimates are evidently unreliable as 
they lead to the conclusion that Cr,O, is more stable 
than CrO at high temperature, which is contrary to 
the normal relations of higher and lower oxides. 
Additional information on the chromium-oxygen 
system at low oxygen pressures and high tempera- 
tures is badly needed for predicting the behavior of 
chromium in smelting and refining processes. 
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Table |. Analysis of Starting Materials 


Carbon-Saturated Iron 


Designation Cr Pet Si Pet 
M-3 0.02 0.01 
M-5 0.00 0.01 
M-6 0.00 0.04 
M-8 0.00 0.02 
M-9 0.00 0.01 

Slags—Composition, Wt Pct 
nese (Pct Cr++) 
nation CaO SiO. Al,O3 Cr Cr++ (Pet Cr) 
1530 30.7 53.6 16.3 0.00 
1535 35.5 48.6 16.5 0.00 — _— 
1540 40.8 42.8 16.3 0.00 —_ = 
1545 45.3 38.8 16.1 0.00 — a 
1530C 29.6* 51.6* ilps 3.74 3.59 0.96 
1535C 34.3* 47.0* 16.0* 3.28 2.92 0.89 
1540C 39.6* 41.5* 15.8* 2.94 2.73 0.93 
1545C 44.2* 37.9* 15 2.30 0.99 


* Calculated from analysis of corresponding primary slags to ad- 
just for dilution by the Cr addition. . 


This study was an exploration of the reactions of 
chromium in liquid iron and lime-silica-alumina 
slags under strongly reducing conditions approach- 
ing saturation with carbon at 1 atm of CO, or oxy- 
gen pressures of the order of 10°” atm. The investi- 
gation covered both the rate of reduction of chro- 
mium from the slag and the eventual distribution 
ratio as influenced by temperature and slag com- 
position. 


Preparation of Raw Materials 

The analyses of the slags and metals used in the 
experiments are given in Table I. The basic metal 
charge was carbon-saturated iron prepared by melt- 
ing 10-kg heats of ingot iron in a graphite crucible. 
Analyses for chromium and silicon showed only 
residual traces. Since each run was to be carried 
out in a graphite crucible to insure saturation, no 
carbon analysis was necessary. When a definite 
chromium content was desired in the metal, the 
charge to the crucible consisted of the correct pro- 
portions of carbon-saturated iron and chromium 
metal of 99 + pct purity. The slags were of the 
blast-furnace type with approximately 16 pct Al.O; 
and varying proportions of CaO and SiO,. They were 
prefused from CP oxides in a graphite crucible. 
When the material was.completely molten, about 
half of the slag was poured off, and chromium was 
added to the remaining portion in the form of Cr,Os. 
The mixture was held in the crucible for a few min- 
utes to insure complete solution before it was 
poured. 

Some observations made during slag preparation 
are significant. When the chromic oxide was added, 
there was an immediate and almost violent reaction 
evolving large amounts of CO gas. This was ac- 
companied over a period of several minutes by a 
rapid color change from a bright green to a deep 
blue. Following this behavior, there persisted a 
much slower bubbling reaction. When the chromium 
slag was poured, it had to be protected by an inert 
nitrogen atmosphere, or the top surface exposed to 
the air would again revert to the green color. The col- 
or changes and CO evolution suggested the reduction 
of the chromic (Cr**) to the chromous (Cr**) ion. 
Actual chemical analyses, recorded in Table I, 
showed that 89 to 99 pct of the total chromium 
content was Cr**. Divalent chromium was deter- 
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mined by dissolving the slag in a sulfuric-hydro- 
fluoric acid mixture containing a known amount of 
sodium vanadate, titrating the excess vanadate, and 
calculating the chromium equivalent of the oxidant 
consumed. 


Apparatus and Procedure 


The final design of the apparatus and the experi- 
mental procedure were developed to solve problems 
which arose early in the investigation. Some pilot 
runs were made in stationary graphite crucibles us- 
ing approximately equal volumes of slag and metal 
under pure CO at 1 atm pressure. A material bal- 
ance failed to account for all of the chromium, and 
a close examination of the crucibles revealed a thin 
layer of a silvery, metallic-looking material be- 
tween the slag and the graphite crucible wall. This 
material was identified by X-ray diffraction as Cr;Cz; 
with faint traces of Cr,C,. The bulk slag was com- 
pletely glassy. This formation of a chromium car- 
bide by slag-graphite reaction explained the de- 
ficiency in the material balance for chromium based 
on slag and metal samples, but it presented the 
problem of a reaction competing with the one of 
interest at the slag-metal interface. The carbide re- 
action could not be followed independently because 
of sampling difficulties nor could it be eliminated 
by going to lower initial chromium content in the 
slag. 

It was thought that the carbide was not a true 
equilibrium phase for the system under study, as 
this would have indicated an improbably low solu- 
bility limit for chromium in the carbon-saturated 
iron, but rather that the carbide persisted because 
its solubility in the slag was low and hence the rate 
of transport to the metal was very slow compared 
with the rate of formation. It was believed that the 
carbide problem could be solved by avoiding a slag- 
graphite interface through the use of a rotating 
crucible,’ while at the same time retaining the 
graphite crucible to assure carbon-saturation of the 
metal at all times. The rotating crucible proved to 
be entirely successful in avoiding carbide formation 
and verified that the carbide was not an equilibrium 
phase for the composition ranges investigated. 

Fig. 1 is a schematic drawing of the entire furnace 
assembly. A fireclay cylinder 24 in. long x 5 in. OD 
was cemented to the top chuck of the drive shaft to 
support the crucible and thermocouple assembly. 
The cylinder rotated within a stationary high-fre- 
quency induction coil. Closely fitted to the top of 
the rotating cylinder was a stationary refractory lid 
having a %4-in. hole in the center for sampling and 
a refractor tube through which pure CO was de- 
livered at a rate sufficient to insure a continuous 
positive flow of gas from the furnace to the atmos- 
phere. Thus, neglecting the minor day-to-day vari- 
ations in atmospheric pressure, the inside of the 
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furnace was constantly flushed by CO at a pressure 
of 1 atm. 

Fig. 2 shows the detailed crucible and thermo- 
couple assembly. A zircon thermocouple protection 
tube with a W-Mo thermocouple was centered so 
that the tip extended 1% in. above the top of the 
alundum crucible support. At the bottom the tung- 
sten and molybdenum leads were extended laterally 
through the fireclay cylinder and connected to %-in. 
brass slip rings secured with sillimanite cement. 
These leads were shielded and the shielding was 
grounded to the furnace base to eliminate interfer- 
ence from the induction field of the heating coil. The 
thermocouple circuit was then completed through a 
set of carbon brushes, again to W-Mo leads, and 
finally to a cold junction and measuring potentio- 
meter. The entire pedestal and thermocouple as- 
sembly was permanently mounted in the cylinder 
with granular alumina insulation. 

The crucible itself was composed of two parts. 
The inside crucible dimensions were 2% in. or 234 
in. ID x 35 in. deep, with %-in. wall and bottom. 
The inverted thermocouple well in the bottom was 
a separate unit for ease of alignment and to assure 
that the contact between the well and the tip of the 
thermocouple tube would be reproducible when 
crucibles were replaced. For each experiment the 
thermocouple well was placed on the end of the 
protection tube, the crucible was aligned on the 
pedestal by means of a jig with the thermocouple 
well extending up through a countersunk hole in the 
crucible bottom, and the joint between the bottom 
and the thermocouple well was sealed with alundum 
cement. Subsequent runs involved only the removal 
and replacement of the crucible and thermocouple 
well. 

Each such integral thermocouple assembly was 
calibrated against a top immersion thermocouple in 
a metal bath. Several crucibles were checked in- 
dependently over the temperature range of 1500- 
1650°C to test the reproducibility of the geometry 
as well. It was found that the integral couple read 
consistently about 3°C lower than the immersed 
couple at 1500°C and 7°C lower at 1650°C, while 
the spread among different integral thermocouples 
calibrated against the same immersion thermocou- 
ple was never more than 3°C. An investigation of 
the slip ring and brush take-off of the thermocouple 
circuit showed identical emf readings for the system 
while rotating, at rest, and with the slip rings and 
brushes eliminated by direct wolfram and molyb- 
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oe eee to the cold junction. Apparently junc- 
po entials or temperature gradients at the 
Junctions were negligible. Temperature could be 
controlled within +5°C. 

In addition to solving the carbide problem, the 
rotating-crucible furnace had another advantage as 
well as some disadvantages. Only a small amount of 
slag could be contained in the metal cup at reason- 
able speeds without slag-crucible contact. On the 
other hand, a large mass of metal was necessary to 
form the paraboloid. Because of the great differ- 
ence in the quantities of metal and slag used, the 
metal concentrations remained essentially constant 
for an appreciable change in slag composition, 
which greatly simplified the mathematical treat- 
ment of results. Opposed to this were the disad- 
vantages that the small slag quantity seriously 
limited the number of samples that could be taken 
without a major decrease in slag weight and that 
the slag-metal interfacial area could not be con- 
trolled rigidly. 

The experimental procedure was as follows: The 
furnace speed was adjusted according to the size of 
the crucible used, 275 rpm for 234 in. ID and 345 
rpm for 2% in. ID. A charge of 1000-1200 g of metal 
(carbon-saturated iron or carbon-saturated iron 
_plus chromium) was melted in the capped crucible 
under the CO atmosphere. The desired experimental 
temperature was approached slowly to prevent 
overshooting, as kish graphite would be rejected if 
subsequent cooling were necessary. The metal was 
held at temperature for 10 min to minimize tem- 
perature gradients, and then 12 g of crushed pre- 
fused slag (20 mesh) was added through the sam- 
pling hole into the center of the metal cup by means 
of a silica funnel. The slag was observed to be 
molten in less than 30 sec, and zero time was taken 
as that instant at which the cold slag charge was 
added. 

Slag samples of about 0.5 g were obtained at pre- 
determined time intervals by means of an aspirator 
bulb and silica-tube unit having a graphite tip with 
a capillary section to regulate the amount taken. 
The samples were cooled in the relatively cold CO 
atmosphere above the crucible before being ex- 
posed to the air. Metal samples were taken immedi- 
ately after the last slag sample if needed. A meas- 
urement also was made in the kinetic runs of the 
apparent diameter of the slag button by means of a 
pair of calipers maintained at a fixed sighting dis- 
tance. In order to be as representative as possible, 
these measurements were made immediately after 
the release of a CO bubble and just prior to taking a 
slag sample. 


Kinetics of Chromium Reduction 

The kinetic study consisted of 15 short-time runs 
of from 20 to 22 min duration with slag samples 
taken at approximately 4-min intervals. The metal 
charges were carbon-saturated iron containing vir- 
tually no chromium, and the initial slag composi- 
tions were those listed with the C designations in 
Table I. Detailed results are recorded elsewhere.* 
Fig. 3 shows typical curves of change in chromium 
in the slag with time for those runs using the 1530-C 
slag at four temperatures. It is evident that there is 
considerable scatter, patricularly in the early part 
of the run, and no logical temperature trend. 

The mathematical treatment of the rate data con- 
sisted of the evaluation of the apparent order of 
reaction and the rate constant. If all of the chro- 
mium in the slag is considered to be present as the 
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Fig. 3—Rate of chromium reduction—1530 slag. 


divalent species in accordance with the analysis in 
Table I, the reaction under consideration may be 
written as follows 


Following the mathematical procedure used for 
chemical-rate constants, chromium reduction will 
be written as proportional to the concentration of 
the reactants for both directions and to the slag- 
metal interfacial area, and inversely proportional 
to the slag-weight. These relations are stated math- 
ematically as follows 


=a(Cr*) 100Af 


.(Cr**)? (O-)*C*—k, [Cr] pCO” 
[2] 


Where A = slag-metal interfacial area, M = slag 
weight (assumed constant), k, and k, are the spe- 
cific rate constants for the reaction going to the right 
and left, respectively, x, y, z, u, and v are the ex- 
ponents which give the order of reaction with re- 
spect to the individual reactants, and the paren- 
theses indicate concentrations in the slag and square 
brackets those in the metal. 

Since the reaction of primary interest was the 
reduction of chromium from the slag, [Cr] was held 
at a very low (and essentially constant) value so 
the second term of the equation would be negligible. 
The oxide ion concentration (O°) available for the 
reaction is presumably dependent on the total slag 
composition rather than the CrO content alone, so 
it does not change much during a given experiment. 
Thus, the variation of the oxide-ion concentration 
with slag basicity can be incorporated into the com- 
position dependence of the rate constant. Also, the 
carbon concentration was constant at the saturation 
value for a given temperature. The final equation, 
therefore, reduces to 


100A 


= k’, (Cr**)” [3] 
(Cr**) 


For convenience and simplicity in handling the cal- 
culations, this has been changed to the general form 


d (Cr) 


=—Ak” (Cr)’ [4] 
dt 
where 
100_, 
(Cr) = (Cr). anid’ k 
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Table Il. Summary of First-Order Kinetic Calculations 


Final Diam ke” (min-1 em-2) 


Run No Temp, °C Slag Ak”x102 (min-1) of Slag (cm) A (cm?) 
10-2 
-2 1499 1530C 4.6 2.75 9.5 0.5x 5 
1656 1530C 5.6 2.41 6.8 
S-27 1552 1530C 1.4 2.48 7.3 0.2x ae 
$-28 1605 1530C 3.9 2.22 5.5 
S-29 1500 1545C 1.8 1.96 4.1 oie 
S-30 1652 1545C 3.5 2.22 5.5 ee 
S-31 1550 1545C 4.8 2.07 4.6 
$-34 1506 1535C 4.3 1.96 4.1 ix OF, 
$-35 1650 1535C 3.2 2.45 
S-36 1555 1535C 5.0 oat 4.9 1.0x is 
S-37 1607 1535C 6.9 2.22 5.5 12x10" 
S-38 1505 1540C 8.6 2.18 5.3 1.6x10 - 
$-39 1653 1540C 11.6 2,31 4.9 
S-40 1551 1540C 6.9 2.14 5.0 Le 
S-41 1603 1540C 10.3 2.18 5.3 2.0x 
Mean Ak” = 5.5x10-2 A =5.7 k” = 1.0x10-2 


Diam = 2.23 


The apparent order of reaction x was evaluated 
by the “method of integration”; that is, the data 
were inserted into the integrated forms of the equa- 
tions for various orders of reaction to find which one 
gave a value of a k” which did not drift with time. 
It was found that, despite the scatter, the reaction 
was first order (x = 1) as differentiated from 1/2, 
3/2 and 2nd order. The integrated form of the first- 
order equation is 


In 


[5] 

The values of Ak” were determined from the 
slopes of least-squares plots of InCr,/Cr; versus t 
as shown in Fig. 4-7, and are summarized in Table 
II. 

There was a great deal of uncertainty about the 
area of the slag-metal interface, A. The metal in the 
rotating crucible forms a paraboloid of revolution 
under the action of gravitational and centrifugal 
forces, for which the mathematical equation is read- 
ily derived. The portion of the mathematical surface 
that is of particular interest can be specified by the 
diameter of the circle of intersection of the para- 
boloid with a horizontal plane (e.g., the top of an 
idealized slag layer) as might be seen by looking 
into the crucible. The surface of revolution lying 
below such a plane is given by the following func- 
tion of the projected diameter, D, the angular ve- 
locity, #, and the acceleration of gravity, g 


mg? [ wo! D? 
1 
30 [L 4g? 


Equation [6] is derived for the free surface of 
any liquid, neglecting surface tension. In these ex- 


[6] 
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Fig. 4—First-order plot of chromium reduction—1530 slag. 
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Fig. 5—First-order plot of chromium reduction—1535 slag. 


periments the slag did not wet the metal but formed 
a button riding in the cup. The equation does not 
describe the convex-concave surface of the slag 
button, nor does it predict accurately the metal 
surface because of the load of the superimposed 
slag and the angles of contact for metal-slag and 
metal-graphite. The shape of the metal cup depends 
in detail upon the mass of the slag and the inter- 
facial tensions involved. Furthermore, the projected 
area varied erratically during a run, and from run 
to run, because of entrapment, growth, and escape 
of CO bubbles as well as from apparent changes in 
surface energies. 

There was no way to measure precisely the actual 
slag-metal interfacial area for these experiments. 
Efforts to determine it by freezing a heat under ro- 
tation were unsuccessful because of distortion of the 
interface during solidification. The interface area 
has therefore been approximated by the calculated 
free surface, neglecting the effects of superimposed 
slag and chemical reactions. For this purpose, it 
seemed wisest to use only the areas based on the 
slag diameter observed just before the final sample, 
since this measurement was taken when the rate 
of gas evolution had slowed down, thus minimizing 
the effect of enclosed bubbles. Admittedly, these 
values are somewhat low and uncertain in that they 
do not account for the erratic behavior in the early 
part of the run, but they are the best approximation 
available. Table II summarizes the final slag diam- 
eters, the areas calculated from them by Equation 
[6] (w= 36.1 sec* for 345 rpm), and the corre- 
sponding estimates of the rate constants. 

The Ak” values vary randomly by an order of 
magnitude with an average value of 5.5 x 10° min”. 
The calculated areas vary by a factor of 2, with an 
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Fig. 6—First-order plot of chromium reduction—1540 slag. 


5 


10 
TIME, MINUTES 


Fig. 7—First-order plot of chromium reduction—1545 slag. 


average of 5.7 cm’. The values of k” also vary ran- 
domly by an order of magnitude with an average of 
1.0 x 10° min” cm”. If the slag weight is considered 
to be constant at 12.0 g, k’, in Equation [3] has an 
average value of 1.2 x 10° g Cr min™ cm” (pct Cr)” 
for the transfer of chromium from slag to carbon- 
saturated iron. (This estimate is high to the extent 
that the area estimate is low.) This k’,; value may be 
considered as a mass-transfer coefficient or a chem- 
ical-rate constant depending on the rate-controlling 
mechanism of the process. 

Much of the scatter in the Ak” values can prob- 
ably be attributed to the inability to control or allow 
for the variation in the effective interface area as 
noted previously. Since no systematic trend for k” 
to vary with either temperature or slag composition 
emerged above the scatter, it can be concluded that 
the rate is relatively insensitive to changes in both 
temperature and slag composition within the range 
studied. The results of the kinetic study can be sum- 
marized briefly by stating that the reduction of 
chromous oxide from slag to carbon-saturated iron 
is a first-order process having a reaction rate of 
Cr min (pet. inde- 
pendent of temperature and slag composition. 

For the first-order process of sulfur transfer in an 
almost identical system, Chang and Goldman” 
showed that the rate of sulfur transfer from slag 
to metal also was essentially independent of slag 
composition and only slightly temperature depend- 
ent, with an average value of 0.8x10° gS min~ 
cm” ( pct S)*. The rate of FeO reduction from the 
slag, while of different order, is also nearly inde- 
pendent of temperature.” The results on the rate of 
chromium transfer from slag to metal are therefore 
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consistent with related experiments even though 
their precision is lower than desired. 


Slag-Metal Distribution of Chromium 

Preliminary work showed that as equilibrium was 
approached, practically all of the chromium was re- 
duced from the slag. The initial chromium content 
of the metal was therefore increased to about 14 pet 
in an effort to obtain chromium concentrations in 
the slag that were significant compared with the 
analytical accuracy of +0.05 pct chromium. 

It proved to be impossible to reach a constant 
slag-metal distribution ratio for chromium for rea- 
sons that will become clear. Fig. 8 shows the be- 
havior when an attempt was made to approach 


equilibrium from both sides; i.e., starting with high 


and low-chromium concentrations in a slag for a 
given metal composition. When the chromium 
started high it failed to level out at a finite concen- 
tration in the slag, and when it started at zero it 
rose to a pronounced maximum and then fell in the 
same way as the high initial chromium. Essentially 
zero chromium was reached for all slags in about 

The explanation of the failure to reach a constant 
chromium distribution ratio in these experiments 
was to be found in the concurrent reduction of silica 
from the slags. This reaction had been negligible 
during the brief kinetic runs with relatively high 
initial CrO in the slag, but it became appreciable 
during the 5 to 6-hr distribution runs, amounting 
to as much as 35 pct of the original slag weight. 
The reaction was accentuated under the experi- 
mental conditions used in this work, because the 
large mass of metal acted as a sink that remained 
at a low silicon content. Under these conditions, 
equilibrium with respect to silicon could not have 
been reached until the silica activity in the slag had 
also been reduced to a very low value. 

Table III summarizes the results of the calcula- 
tions that were made for the distribution study. The 
primary data were the slag-metal distribution ratio 
for chromium and the corresponding silica content 
of the slag for several samples from each run, as 
recorded elsewhere.*® Experiments were started with 
high-silica slags to obtain as wide a range of silica 
contents as possible. The need for some of the de- 
rived values will be explained later. Silicon con- 
centrations in the metal were calculated by material 
balance from the silica lost by the slag because of 
the difficulty in taking metal samples from rotating 
crucibles without interrupting the runs. (It was not 
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Fig. 8—Chromium distribution ratios—1600°C. 
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Table Ill. Summary of Calculations for Distribution Studies 


(Pct Cr) (Pct Cr)2 ASi0, 
Run [Pct Cr] Pct SiO» [Pet Cr]? dsj 0, [Pct Sil [Pct Si] 
0.06 1.5 
E-20 0.039 48.6 1521 0.09 
0.016 45.3 256 0.05 0.09 0.6 
E-21 0.017 44.7 289 0.05 0.08 os 
0.002 38.3 4 0.02 0.12 ne 
0.000 31.6 0 0.01 0.15 of 
0.000 27.8 0 0.00 0.17 
E-22 0.000 39.5 0 0.03 014 a 
0.009 33.1 81 0.01 
0.006 22.0 36 0.00 0.22 : 
E-23 0.028 48.2 784 0.08 0.06 
0.003 43.6 9 0.04 0.10 af 
0.000 40.4 0 0.03 0.12 Oe 
0.000 33.0 0 0.01 0.15 oe 
0.000 30.0 0 0.01 0.17 s 
1.9 
E-24 0.033 51.9 1090 0.13 0.07 
0.008 48.1 64 0.08 0.10 Ge 
0.008 39.6 64 0.03 0.15 24 
0.000 34.2 0 0.01 0.17 = 
0.000 28.6 0 0.00 0.20 ; 
0.4 
E-26 0.030 42.5 900 0.04 0.09 
0.027 41.7 729 0.04 0.10 wes 
0.026 42.6 676 0.04 0.09 a 
0.020 44.7 400 0.05 0.08 ; 
E-28 0.018 47.4 324 0.06 = es 
0.013 44.6 169 0.05 — = 
0.014 42.5 196 0.04 
0.012 45.0 144 0.05 = 
E-30 0.006 34.4 36 0.01 
0.006 35.0 36 0.01 
0.004 33.0 16 0.01 _ 


necessary to obtain periodic metal samples for chro- 
mium as the experimental conditions were such that 
the chromium content of the metal did not change 
significantly during a run.) 

The results could be correlated by plotting the 
chromium distribution ratio as a function of the 
simultaneous silica content of the slag in the con- 
tinuously changing system, using data taken from 
the late stages of the runs where the curves such as 
in Fig. 8 coincided, irrespective of the initial CrO 
content of the slag. Fig. 9 is a combined plot of a 
number of points from each of the eight runs. The 
lime-silica ratios corresponding to the silica con- 
tents (at constant alumina-lime ratio of 0.53) are 
shown on the upper abscissa scale. It is evident that 
the chromium distribution ratio is essentially zero 
for lime-silica ratios above 1.2, and it rises to a 
value of only about 0.04 for a basicity down to 0.6. 
This relation is not very temperature-sensitive, as 
points for both 1500 and 1600°C fall in the same 
band. Much of the scatter can be attributed to the 
fact that the chromium contents of the slag were not 
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Fig. 9—Slag-metal distribution ratio of chromium as a 


function of silica content of slag. 
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high compared with the limit of accuracy of the 
chemical analysis. 

This general behavior is best explained in terms 
of relative departure from equilibrium or what 
may be called effective oxygen pressures for the 
various reactions. Molecular rather than ionic rep- 
resentation will be used to avoid later complica- 
tion by silicate structure. The process of chromium 
distribution may be written as 


Ke SP [8] 
Po, = Kor ——— [9] 
a Cr 


The oxygen pressure defined by Equation [9] is 
that which would exist for the system as a whole to 
maintain a given chromium distribution ratio as the 
equilibrium value. 

An identical situation exists with respect to silica, 
for which the following equations apply. 


Slonetan Oz [10] 
a 2 

Po, = Ka [11] 
asi 


If the instantaneous distribution ratios for each 
oxide in the slag and the corresponding element in 
the metal do not conform to an oxygen pressure that 
is the true equilibrium value for the entire system, 
then reactions will, of course, tend to move in the 
direction to shift this transient condition toward 
equilibrium. If a slag-metal system of the type in- 
volved in this study is originally made up with a 
relatively high CrO content in the slag and low Cr 
in the metal, this constitutes a comparatively high 
state of oxidation, and Equation [7] will in effect 
move to the right. The actual mechanism may be 
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through reaction with carbon to give the over-all 
process described by Equation [1], or with silicon 
(reverse of Equation [10]), or with some other ele- 
ment. The ultimate result is to decrease the ratio 
Qcro/@cr until the oxygen pressure reaches the 
equilibrium value for the system. Similarly, if the 
prevailing activity ratio dsio,/as: is higher than cor- 
responds to equilibrium with the oxygen pressure 
established by other reactions, then silica will tend 
to be reduced. 

Under the experimental conditions of this study, 
the crucible was not a closed system with respect to 
carbon and oxygen; but owing to the continuous 
flushing with CO at 1 atm of a system contained in 
graphite, the equilibrium oxygen pressure was set 
by the reaction 


2CO=0O, + 2C (graph) 
co [12] 


It is thought that the oxygen pressure of the gas 
phase, and probably of the carbon-saturated metal 
as well, was very nearly in equilibrium with Equa- 
tion [12] at all times. The slag, on the contrary, was 
deliberately made up with non-equilibrium oxide 
ratios so that the slag-metal reactions under study 
would take place. The experiments consisted of 
following the changing effective oxygen pressures 
with respect to several oxides in the slag as they 
tended toward equilibrium. 

In those runs in Fig. 8 where the initial CrO in 
the slag was low, SiO. was at first reduced by Cr in 
the metal with consequent increase in the (CrO)/ 
[Cr] ratio. This continued until the oxygen pres- 
sures defined by Equations [9] and [11] were equal. 
Thereafter, both CrO and SiO, were reduced simul- 
taneously by carbon, resulting in the lower curves 
of Fig. 8 and the relation between the chromium 
distribution ratio and the silica content of the slags 
as shown in Fig. 9. 

An essential part of the picture is the slowness of 
the reduction of silica from slags by carbon.” A 
rough evaluation of this rate is possible by making 
use only of data from those distribution runs which 
had high initial chromium levels in the slag (to ex- 
clude the possibility of reduction of silica by chro- 
mium instead of carbon). The data, unfortunately, 
were not sufficient to establish an order of reaction, 
so first order was assumed arbitrarily to calculate 
a rate constant comparable with that for chromium. 

Fig. 10 shows the least-squares plots for the as- 
sumed first-order reaction. The slopes of these plots 
yielded Ak values of 3.0x 10° min~ and 0.9 x 10° 
min for 1600 and 1500°C, respectively. The rate 
of reduction of silica was therefore nearly 20 times 
slower than that of chromous oxide, (Ak” = 5.5 x 
10° min“) at 1600°C and 60 times slower at 1500°C. 

The upper curves of Fig. 8, with high initial CrO, 
represent conditions where the original oxygen 
pressure set by chromium oxide was higher than 
that corresponding to the silica-silicon ratio. The 
CrO was reduced at its comparatively rapid rate by 
carbon until the oxygen pressure reached that cor- 
responding to the silica activity. From this time on, 
CrO could not be reduced any more rapidly than 
silica, and the reduction of CrO could only keep 
pace with the slower rate of silica reduction as al- 
ready noted. 

The condition where the reduction of CrO and 
SiO, by carbon is proceeding simultaneously can be 
represented by setting Equations [9] and [11] equal 
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Fig. 10—First-order silica reduction. 
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Po. == Kor = Ksi 
asi 


This may be arranged to give 


2 
cro 
= 


asi 


[13] 


If it is assumed that the activity coefficients for 
CrO girs; Cr and Si do not change greatly over the 
limited composition ranges, then a simplification can 
be made 


(pet CrO)’ 
= R’sicr [14] 

[pet Cr ]* [pet Si] 

The work of Fulton and Chipman” makes it pos- 
sible to evaluate approximately the silica activity in 
the slag by ignoring the small amounts of chromium 
present. These values and the calculated dsio,/ 
[pet Si] and (pct CrO)*/[pet Cr]? ratios shown in 
Table III permitted a check of the behavior pre- 
dicted in Equation [14]. Fig. 11 shows the results. 
Again, the scatter in the low end of the range of 
distribution ratio is inherent in the fact that the 
chromium contents of the slag are well within the 
analytical error. Although the result is not conclu- 
sive, there is a suggestion of the straight line ex- 
pected from the K’s;., relationship. It is interesting 
to note, also, that essentially the same relation was 
observed by Korber and Oelsen,* who worked with 
unit silica activity in the slag in contrast with the 
low and variable silica activity of this study. The 
conclusion is that much, and perhaps all, of the 
variation of the chromium distribution ratio with 
slag basicity under transient conditions, as shown 
in Fig. 9, is caused by the higher state of oxidation 
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Fig. 11—K’sicr relationship. 
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of the slag corresponding to higher silica activities. 
The data are not adequate to show whether or not 
a change in the activity coefficient of CrO is also in- 
volved in the apparent effect of slag basicity. 

A similar application of the concept of effective 
oxygen pressures can be used to derive the “index 
numbers” found empirically by Faust” for titanium 


(SiO,) (TiO.) 
by Wentrup, Maetz and Heller” for manganese 
(SiO,) (MnO)? 


and by Oelsen and Maetz™ for sulfur distribution 
between iron and acid slags of essentially constant 
silica activity 
(S) 
Kgis = 

[S] [Si]” 

The latter relation follows from the fact that the 
transfer of sulfur from iron to slag (as sulfide ion, 
S=) is an oxidizing process and requires a concur- 
rent deoxidation reaction for extensive sulfur trans- 
fer to be accomplished. These same principles give 
a unified explanation of some of the kinetic effects 
that have been observed in the desulfurization of 
carbon-saturated iron by slags. In the early stages 
of desulfurization when the high initial sulfur con- 
tent of the metal corresponds to a relatively high 
oxygen pressure, small additions of reducing ele- 
ments such as aluminum, silicon, and manganese 
are capable of deoxidizing the slag more rapidly 
than carbon and hence increase the rate of sulfur 
transfer.” On the other hand, late in the process 
after extensive sulfur transfer and deoxidation by 
earbon to a low effective oxygen pressure have 
been accomplished, then the mildly oxidizing effect 
of MnO or SiO, additions may slow the process or 
even cause temporary reversion of sulfur to the 
metal.” Thus, the effects of slowly changing oxygen 
pressures in systems involving iron and silicate slags 
under reducing conditions have been observed for 
a variety of reactions. 

Thermodynamics dictates that a system cannot be 
at equilibrium for one component alone but must 
come to equilibrium for all components simultane- 
ously. When reactions proceed at characteristically 
different rates, the slowest one becomes control- 
ling for the entire system. The slowness of silica 
reduction in carbon-saturated systems gives this 
reaction an unique role that has long been recog- 
nized empirically, without rational explanation. 

This study of chromium distribution could have 
been made an equilibrium one by working to the 
equilibrium silicon content in the iron for desired 
slag basicities. However, the determination of the 
equilibrium silicon would have been very tedious, 
and the chromium distribution ratios would have 
been even lower than those observed. The results 
might not have been as interesting as those ob- 
tained. 

From the practical viewpoint, the results of this 
study suggest that substantially complete recovery 
of chromium in the metal is to be expected in the 
iron blast furnace or other process making high- 
carbon iron as long as there is a significant reduc- 
tion of silicon, at least for metal contents up to 14 
pet Cr and slags having lime-silica ratios above 0.6. 
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Summary 


The reduction of chromium from lime-silica-alu- 
mina slags by carbon-saturated iron is first order 
with respect to chromium. The reaction rate is 
about 1 x 10° g Cr min“ cm” (pct Cr)~ and is sub- 
stantially independent of temperature in the range 
from 1500 to 1650°C and of slag basicity in the 
range from 0.6 to 2.5 lime-silica ratio. The chro- 
mium in the slag is divalent under the conditions 
studied. 

The carbide Cr,C, is formed by slag-graphite re- 
action by a different mechanism at a slower rate. 
This carbide is nearly insoluble in the slag but is 
soluble in carbon-saturated iron up to at least a 14 
pct chromium content. 

A constant slag-metal distribution ratio for chro- 
mium was not obtained because of simultaneous 
reduction of silica from the slag. In the changing 
system at times when silica reduction was control- 
ling, the ratio (pet Cr)/[pcet Cr] ranged from zero 
at lime-silica ratios above 1.2 to only 0.04 at a 
basicity ratio of 0.6. This and related observations 
have been explained in terms of effective oxygen 
pressures and the slowness of reduction of silica by 
carbon, which was about 20 to 60 times slower than 
chromium reduction under the conditions studied. 

For practical purposes the recovery of chromium 
in the metal should be nearly complete under 
strongly reducing conditions similar to those in the 
hearth of a blast furnace. 
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Technical Note 


Notes on the R-Phase 


by J. B. Darby, Jr., B. N. Das, Y. Shimomura, and P. A. Beck 


A POWDER pattern for the (Cr, Mo, Co) R-phase 
annealed at 1200°C was reported in 1951.7 
Through the courtesy of Prof. D. P. Shoemaker of 
Massachusetts Institute of Technology the authors 
became aware of inconsistencies of this pattern 
with that to be expected from the structure of the 
R-phase, as determined by Komura, Shoemaker, and 
Shoemaker.” In addition, Professor Shoemaker also 
noted that the powder pattern reported® for the (Cr, 
Mo, Co) D-phase, annealed at 1300°C, agreed fairly 
well with that to be expected from the newly deter- 
mined structure of the R-phase. 

In view of these findings, the previously reported 
powder patterns of the R-phase and of the D-phase 
were compared carefully. It was found that most 
lines in the two patterns (22 lines) were to a fair 
degree of accuracy related to each other by a single 
conversion ratio for the corresponding d spacings. 
The value of the conversion ratio was found to be 
1.0058, so that the d spacings of the D-phase pattern 
previously reported were larger than the correspond- 
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ing d spacings for the reported R-phase pattern by 
approximately that factor. The intensity relation- 
ships between corresponding lines in the two pat- 
terns were similar, as judged visually. The following 
exceptions were noted: Lines Nos. 2, 3, 19, 20, 21, 22, 
23, 24 and 25 of the D-phase pattern,’ all designated 
weak or very weak, were missing in the apparently 
somewhat fainter R-phase pattern used. Lines 1, 2, 
3, 5, 15 and 34 (all weak or very weak), reported for 
the R-phase, were missing in the D-phase pattern, 
Table I. In view of these observations it seemed 
probable that the two patterns differed from each 
other mainly by a slight change in lattice parameters 
(with c/a remaining approximately constant), and 
that the pattern previously reported for the R-phase 
contained some weak extraneous lines, most likely 
to be attributed to impurities. 

In order to check the foregoing assumption, two 
specimens of an alloy containing 43 pct by weight 
of cobalt, 41 pct molybdenum, and 16 pct chromium, 
which was within the composition range of stability 
of both the D-phase at 1300°C and of the R-phase at 
1200°C, were homogenized at 1200 and 1300°C, re- 
spectively, and quenched. X-ray diffraction patterns 
of the powders of these two specimens, obtained 
with CrK radiation, were compared carefully with 
each other and with the D-phase pattern previously 


Table |. Interplanar Spacings of the R-phase in A Units“ 


-Co- (Cr-Co-Mo)D (Cr-Co-Mo)R (Cr-Co-Mo)D 
Per eamicns Data from (3) Data from (1) Data from (3) 
i i Line drx Line 
Peel Int dr este sae Int dp No. Int dr 1.0058 No. Int dp 
it w 2.659 2.674 
2 vw 2.612 2.627 20 vw 1.740 
3 vw 2.592 2.607 21 vw 1.701 
5 vvw 2.529 2.544 22 1.504 
3 w 2.367 tee 25 vw 1.351 
4 m 2.346 28 vw 1.292 2 m : 
5 2.304 29 vw 1.292 299 27 m 1.292 
31 w 1.280 1.287 29 m 1.279 
ie a 2.171 2.184 7 vs 2.185 32 mw 1.268 1 275 30 m 1.274 
2.159 2.172 8 vs 2.170 w 4 i 
18 2.106 2.118 9 vs 2.117 34 vw 1.263 1.270 
19 ms 2.052 2.064 10 m 2.066 35 vw 1.246 1.253 32 1.256 
20 2.005 2.017 11 m 2.018 36 mw 1.246 1.253 33 m 1.256 
33 ne Le 1 oan 14 m 1.968 37 w 1 231 1.238 36 vw 1.242 
24 vw 1.890 1.901 15 vw 1.903 38 mw 1.23 : 37 ys 1.242 
25 w 1.881 1.892 16 m 1.895 39 Ww 1.219 1.226 38 1.230 
26 vw 1.849 1.860 17 m 1.859 40 mw 1 219 1.226 w : 
w 
27 mw 1.770 1.780 18 m 1.781 41 w 1.207 1.214 


@ The observations for Kg reflections are omitted. 
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identified. It was found that the X-ray powder pat- 
terns for the specimens annealed at 1200 and 1300°C 
were identical and corresponded to the pattern ob- 
tained previously for D-phase alloys. 

Consequently, it has now been confirmed that 
diffraction lines 1, 2, 3, 5, 15 and 34 of the previously 
reported R-phase X-ray pattern’ were extraneous, 
and not due to the R-phase itself. The phase located 
in the Cr-Mo-Co system at 1300°C, and formerly 
designated as the D-phase,* must now be considered 
the same as the R-phase, previously found in the 
same system at 1200°C.* The same phase was found 
recently to occur also over rather extensive composi- 


tion ranges in the Mo-Mn-Co and Mo-Mn-Fe ter- 
nary systems at 1175 and 1250°C." 

This work was supported by the U. S. Army, Office 
of Ordnance Research, Contract No. DA-11-022- 
ORD-1175. 
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The Effect of Surface Films on the Creep of 
Cadmium Crystals 


by M. Metzger and T. A. Read 


The strengthening effects of hydroxide and synthetic plastic films in the creep of 
cadmium crystals were studied. The results were broadly consistent with the naive me- 
chanical model. The dislocation-film reactions and the significance of the macroscopic 
stresses associated with certain films are discussed in the paper. 


LTHOUGH a number of studies have been made 
of the strengthening of metal single crystals 
produced by surface films usually less than lp in 
thickness, the mechanisms underlying this phe- 
nomenon are still not well established. Roscoe’ first 
noted the critical shear stress and the stress-strain 
curve of cadmium-crystal wires to be raised mark- 
edly by the presence of oxide films. Subsequent 
investigators’* have confirmed the effect for several 
metals and films including a number of plated poly- 
crystalline metal films. Harper and Cottrell’ (with 
a thin film on zine presumed to have formed as a 
result of etching and washing treatments) did not 
detect a strengthening at a rate of extension of 10° 
sec” although at 10° sec™ the film raised the flow 
stress by 7 pct at 0.0005 extension and by 22 pct 
at 0.01. The marked strengthening at moderate 
strains thus appeared to be the result of a dynamical 
effect dependent on the rate and amount of plastic 
flow. Other observations* ° are consistent with this 
view. 

The large effects of films on the tensile creep 
rate of single crystals were demonstrated when the 
observation of Andrade and Randall,’ that the creep 
rate of cadmium crystals increased on immersion 
in aqueous solutions of certain cadmium salts, was 
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shown” * to hold only-when a film was present in- 
itially and was explained by the attack of the solu- 
tion on the film and the removal of its strengthening 
effect. Changes in the creep rate interpretable in 
terms of the removal or formation of various films 
have been observed by other investigators.® ** 

Certain other experiments have been reported in 
which surface films or liquid environments have 
affected the plastic behavior of metals, but these 
are not within the scope of the present work which 
deals with the effect of solid films on single-crystal 
slip. 

Possible Mechanisms—The film does not signi- 
ficantly reduce the load on the crystal in the elastic 
range (the elastic moduli of film and crystal are 
not too greatly different and the area of the film 
is so small that its share of the load is negligible) 
so that the initial operation of internal Frank-Read 
sources is not affected. However, as Fisher” has 
pointed out, a source terminating on the crystal 
surface requires only half the critical stress for 
activation as an internal source of the same length 
and a relatively strong film (even a very thin one) 
would pin the free ends of the surface sources so 
that, if surface sources are responsible for plastic 
flow in a clean crystal, such a film would increase 
by roughly a factor of 2 the stress necessary for 
generation of dislocation loops at a given rate. 

The other general possibility is that the film re- 
sists the passage to the crystal surface of internally 
generated dislocations. If the film is adherent and 
if the specimen is to exhibit slip of the same general 
character as a film-free specimen, the film must 
deform or fail in shear at the active slip planes. The 
naive mechanical model, where shear-stress relaxa- 
tion across the active slip plane in the metal trans- 
fers load to the film until it deforms and slip can 
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proceed, predicts that the filmed crystal requires 
ne flow an increment of applied shear stress equal 


Ar = 4hS,/d [1] 


where S; is the unit shear resistance of the film, h 
its thickness, and d the specimen diameter. Equa- 
tion [1] requires the effect to be linear with thick- 
ness and independent of strain rate and to be a 
negligible fraction of the flow stress unless the film 
1s very much stronger than the crystal. Dynamical 
effects would be expected when some of the disloca- 
tions pile up underneath the film. Films having 
elastic moduli higher than those of the metal favor 
this situation since such films exert repulsive 
“image” forces at a distance on the dislocations. 
That dislocations can pile up underneath a film has 
been demonstrated convincingly by the presence of 
low angle boundaries observed near the surface of 
copper-plated zinc crystals after large creep strains 
at elevated temperatures,” by X-ray evidence of 
distortion in the surface layers of a copper-plated 
zinc crystal extended at room temperature,’ and by 
studies on several metals of after effects following 
large torsional strains.*"* When pile-ups occur, the 
film functions as.a barrier analogous to the internal 
barriers thought to be responsible for strain hard- 
ening of clean crystals, as pointed out by Mott,” and 
could thus produce a large strain and strain-rate- 
dependent strengthening. These effects, when pres- 
ent, would be expected to increase with film thick- 
ness up to the point where all of the dislocations 
approaching the surface become piled up and where 
the normal slip-band pattern on the surface of the 
specimen disappears. 

Outline of Present Investigation—The present 
work attempted to discriminate between the pos- 
sible mechanisms of the strengthening effect by 
some quantitative studies of the creep behavior 
(chosen for its sensitivity) of cadmium with special 
attention to film thickness, dynamical effects, and 
comparison of films of different properties. For 
hydroxide and synthetic plastic films under condi- 
tions of low strain rate and small strain, it was con- 
cluded that the naive mechanical model gave an 
approximate phenomenological description of the 
observed effects. An equivalent dislocation model 
was postulated. It also was concluded that macro- 
scopic stresses associated with hydroxide films would 
not have had a major influence. 


Experimental Procedure 
Specimen Preparation—The ‘“Super-Purity” cad- 
mium* used was estimated (by spectrographic com- 


* New Jersey Zinc Company. 


parison) to have a purity in the range 99.99 to 
99.999 pct. Extruded 1-mm wires were sealed in 
evacuated pyrex capillary tubing of 1% mm ID and 
single crystals up to 35 cm in length were produced 
by the method of Andrade and Roscoe.” The sticking 
tendency of the cadmium was avoided by coating 
the inside of the tube with graphite (applied from 
a colloidal suspension with a gentle stream of air). 
The tendency of the molten wire to separate into 
globules was suppressed effectively by heating the 
wires in a current of oxygen to produce a film which 
aided the wire in maintaining its shape (and also 
strengthened the crystal, thus facilitating its hand- 
ling without strain). The crystals were cut to 6 to 
10 cm lengths with a soldering gun fitted with an 
iron tip, and loops of polycrystalline cadmium were 
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welded to the ends. It was necessary to prepare the 
test specimen entirely of cadmium in order to avoid 
staining or etching the crystal surface during sub- 
sequent chemical treatments. The crystal orienta- 
tions were determined to within 144° from back- 
reflection Laue photographs. The crystals used gave 
sharp single Laue spots except for a few which 
showed faint evidence of distortion in handling. 

Surface Preparation—The specimen was chemi- 
cally polished by a brief dip in an aqueous solution 
containing, by weight, 22 pct chromium trioxide, 
2.6 pct sulfuric acid, and 0.6 pct acetic acid, as sug- 
gested by Rodda.” This removed several thousandths 
of a millimeter per dip and left a viscous brown 
film which was removed by rinsing with methanol, 
5 pet by volume sulfuric acid in methanol, 5 pct 
by volume nitric acid in methanol, and methanol in 
the order named. The surface produced was smooth 
and bright with no film detectable by electron dif- 
fraction; this surface will be referred to as “clean.” 
This surface had more than adequate stability (of 
the order of hours) for the present work—only a 
single very weak diffraction ring indicative of a 
film could be observed after several weeks. 

The synthetic plastic films studied were applied 
by withdrawing the specimen at 1 cm per min from 
a solution of appropriate concentration in an organic 
solvent. Film thickness was measured by weighing 
with a microanalytical balance. Hydroxide films 
were applied by anodic treatment for appropriate 
times at 0.2 ma per cm* in a 1 M sodium-hydroxide 
cell with a cadmium cathode. By using a constant 
voltage and an external series resistance which was 
large relative to the ultimate film resistance, the 
current density was maintained independent of film 
thickness. It was confirmed by weighing that the 
anodic film thickness could be calculated assuming 
100 pet anode efficiency; the estimated thickness of 
the film formed by simple immersion was added. 
The films were relatively coarse grained. 

Creep-Testing Apparatus—lIsolation from vibra- 
tion was found necessary and was accomplished by 
mounting the loading apparatus on a suspension 
which had natural periods of a second or more and 
which was lightly damped with absorbent cotton. 
A schematic diagram of the apparatus is given in 
Fig. 1. The constant resolved shear stress lever, A, 
has been described previously.” The loading weights, 
B, were hung along the adjustable profile at the 


Fig. 1—Schematic 
diagram of creep 
apparatus. Com- 
ponents are 
described in text. 
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right; at the left end of the lever, a silk thread lying 
along a circular profile and terminating in a small 
hook transmitted the load to the specimen, C. The 
lower loop of the specimen was held by a glass hook 
fixed to the end of a projecting stainless-steel mem- 
ber, D, around which a glass jar, E, fitted with a 
window was brought up. The liquid for removing 
the film during the creep test was placed in the flask, 
F, directly above the jar and, at the appropriate 
time, siphoning into the jar through the glass tube, 
G, was initiated with the aid of a rubber bulb 
clamped externally and joined to a nipple in the 
siphon by a length of flexible rubber tubing, H. 
This arrangement, together with the dashpot, J, 
used to release the lever and with a device, K, in- 
volving the use of a small reversible gear motor to 
lower or raise a platform for adding and subtract- 
ing small additional weights, permitted all opera- 
tions after mounting the specimen to be performed 
without jarring the system. The extension of the 
specimen was measured (with a reproducibility 
within 0.003 mm at low strain rates) by the com- 
parator, L. The range of test temperatures was 25- 


Experimental Results 


General Remarks—lIn this work the effects of sur- 
face films on the steady-state creep rate were ex- 
pressed in terms of the equivalent increment of 
shear stress. This was determined by observing the 
increase in the creep rate when the film was re- 
moved by a liquid applied during the test and then 
converting the rate ratio to a stress increment from 
stress-dependence data measured on the clean crys- 
tal. The variation in the creep rate-stress relation 
from one crystal to another made it mandatory that 
the stress dependence be determined for each crystal 
used. To obtain as many tests as possible from each 
specimen, the extension per test was limited by 
choosing a low initial reference rate of extension 
(0.01 hr“) and by making readings every minute or 
half minute so that the rate could be measured with 
sufficient precision and its constancy checked in a 
6 or 3-min period at low and high creep rates, 
respectively. When a film was removed or the ap- 
plied stress increased, the transient creep was of 
short duration so that the steady-state rate could be 
determined in the period from 4 to 10 min after 
the change except at high creep rates when it was 
determined in the period from 7 to 10 min after the 
change. Although in a few specimens the creep rate 
tended to decrease slowly at longer times, this was 
not of concern since the procedure satisfied the 
essential requirement of this work, that the effects 
of removing a film and of applying an increment of 
stress be determined in precisely the same way. 

The crystal orientations are given here in terms 
of x, the angle between the specimen cylinder axis 
and its projection on the basal slip plane, and i, the 
angle between the specimen axis and the nearest 
of the Type I digonal axes which are the possible 
slip directions. The resolved shear stress 7 is then 
given by 

t = (P/A,) sin xo cos d [2] 


where P is the load, A, the initial sectional area, 
and x. the initial value of xy. Table I gives the orien- 
tations of the four crystal wires from which the data 
reported here were obtained, conditions suitable for 
quantitative testing having previously been estab- 
lished. The useful orientation range was limited at 
low x and » by hardening of the specimen after 
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Table |. Orientations of the Single Crystal Wires 


No. of 


Specimens 
Wire No. Tested xo, Deg do, Deg 
Fl 2 7 24 
F6 2 14 19 
E9 1 22 23 
D4 3 29 ok 


extensions insufficient for at least four tests (about 
5 pct) and at high y, by the occurrence (above about 
29°) of inhomogeneous deformation involving local 
contractions.” The useful life of the 14, 22 and 29° 
specimens ended when the specimen cross section 
began to develop nonuniformities produced or ag- 
gravated by the chemical polishing operation which 
preceded each test. 

Principally because of the possible errors in the 
orientation determinations the shear-stress and 
stress-increment values calculated from Equation 
[2] may have been in error by about 10 pct for the 
29° crystal and by perhaps as much as 25 pct for 
the 7° crystal. 

Stress-Increment Tests — Clean Crystals — Even 
for a single specimen, the creep rate was a suffi- 
ciently reproducible function of applied stress only 
when the effect of a stress increment was expressed 
in terms of the ratio of creep rates. The original 
steady-state rate was usually satisfactorily regained 
on removal of a stress increment except for the 
largest increments where the rate at the original 
stress level was in some cases only 50 pct of its 
former value. The average of the rates at the orig- 
inal stress was used, and the creep-rate ratio was 
found to vary exponentially with stress increment, 
Fig. 2, similar to the behavior of zinc.” The repro- 
ducibility after several intervening tests is indicated 
in Fig. 2 by the data for specimen F6-3 and the 
insensitivity of the slope to small changes in the 
reference creep rate by the data for specimen D4-2. 
The variation from one crystal to another in the 
slope of the*line and in the magnitude of the refer- 
ence stress (the stress required for a creep rate of 
0.01 hr“*)could not be accounted for in terms of 
experimental error, differences in the rate of shear, 
or distortion detectable by back-reflection Laue 
photographs. 
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Fig. 2—Effect of stress increments on creep rate. Specimens 
were clean and reference rate was about 0.01 hr unless 
noted otherwise. 
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Table Il. Data Showing That Reference Stress and Dependence of 
Creep Rate on Stress Tend to Vary in a Parallel Fashion from One 
Specimen to Another 


Stress Increment 


Avge Required for a Fivefold 
: Ref Stress, Increase in the Creep Rate 
Specimen G per Mm2 G per Mm2 Percent 
F1-1 10.4 0.84 
F6-3 12 0.92 17 
D4-3 13 1.2 9 
D4-2 16.3 1.82 11.2 
EQ 17 1.7 10 


“Values for reference creep rate of 0.01 hr-1, 


The variations in the slopes shown in Fig. 2 were 
accompanied by almost parallel variations in the 
average reference stress so that there was substan- 
tially less variation in the fractional increment of 
stress required to produce a given increase in the 
creep rate, as indicated by the data in Table II. 


Stress-Increment Tests — Thick Films — Stress- 
dependence data were determined for a few thick 
films; these were expected to provide the most easily 
measured effects since the effect of a film in this 
imvestigation increased in a general way with in- 
creasing thickness. The stress dependence remained 
exponential within the range of creep rates studied 
(less than a factor of 10). Data for a 600 A hy- 
droxide film are plotted in Fig. 2. With this film, 
the flow stress was raised approximately 1.2 g per 
mm’ at a creep rate of 0.01 hr“; since the film also 
increased the slope of the line for specimen F1-1 
in Fig. 2, there was a significant dynamical effect 
(i.e., a dependence on strain rate) such that the 
increment of flow stress due to the film increased 
at the rate of 0.25 g per mm’ for a fivefold increase 
in creep rate. It seems unlikely that these data can 
be extrapolated very far since they would predict 
the effect merely to be doubled at a creep rate of 
30 hr~ and, if data for other systems are considered, 
this would still be an order of magnitude smaller 
than the effect on the critical shear stress noted by 
Roscoe at this strain rate. Furthermore, Harper and 
Cottrell observed differences in the effect much 
larger than a factor of 2 for a thousandfold change 
in strain rate. That the dynamical effect was small 
in the present test also was indicated by the ab- 
sence of detectable hardening in the filmed crystal 
over a strain of 0.03. 

Similar behavior was noted when a 21,000-A 
Formvar film was applied to specimen D4-2—the 
flow stress was raised roughly 20 g per mm’ at a 
creep rate of 0.025 hr* and the effect increased by 
4 g per mm’ for a fivefold increase in rate. This was 
the only test made for such a thick film. 

It is noteworthy that the reference stress and the 
rate of dependence on stress of the creep rate were 
affected by these films in a parallel fashion similar 
to the variation shown in Table II from one clean 
specimen to another. 

Film-Removal Method—The validity of the 
method by which the film effect was determined was 
supported by some experiments on hydroxide films 
described as follows: 

(a) Action of the solution: 0.1 M sulfuric acid 
was used to remove hydroxide films. No special ef- 
fects were associated with this particular solution 
since checks on a 420-A film with 1 M sulfuric acid 
and 1M sodium cyanide gave results which were 
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not significantly different, and no change in the 
creep rate was observed when a clean specimen was 
exposed to any of these solutions. There was thus no 
reason to believe that the solution had any signif- 
icant action in so far as the plasticity of the speci- 
men was concerned except the removal of the film. 
These solutions continued to remove surface layers 
of metal at a slow rate; since the solution contained 
an effective oxidizing agent in the form of dissolved 
oxygen, this action was necessary if the specimen 
was to remain free of a solid film. 

(b) Similarity Between Effects of Stress Incre- 
ment and Film Removal: If there is extensive dis- 
location pile-up under the film, its removal should 
lead to an abnormal transient creep*® which is a 
substantial fraction of the prior strain. Although 
precise determination of this question was not gen- 
erally made since the transfer of the liquid to the 
jar usually tilted the suspension enough to pro- 
duce a small movement of the specimen relative to 
the measuring microscope, no considerable sudden 
extension was observed. In one test, the apparatus 
was adjusted with special care so that the uncer- 
tainty of the extension was only about 0.0001; creep 
data from this test (350-A film) are compared in 
Fig. 3 with data from a stress-increment test on the 
clean crystal. Although the transients here were too 
brief to be shown in detail, the film-removal tran- 
sient was normal relative to the transient of the 
stress increment giving the same creep-rate ratio 
and was therefore not considered indicative of pile- 
up. These data, together with the general observa- 
tion that the transients in both film-removal and 
stress-increment tests were similar for the same 
specimen and final steady-state rate, indicate the 
two, effects to be phenomenologically equivalent 
under the present conditions (strain of 0.002 to 
0.006 prior to film removal). 

An unusual transient indicative of the release of 
pile-ups beneath the film was observed in a special 
test (600-A film) where the specimen had been per- 
mitted an extension of 0.035 (in a stress-increment 
test at steady-state rates from 0.007 to 0.04 hr“) 
before the film was removed. This test (No. 3) is 
compared in Fig. 4 with a normal test (No. 2) in 
which the prior strain was 0.005 at 0.008 hr”. Al- 
though the final steady-state rate appeared to be 
about the same, the increase in prior strain and/or 
strain rate increased the initial rate of transient 
flow, extended the transient period, and produced 
an extra transient flow which was one third of the 
prior strain. The removal of this film in test No. 3 
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Fig. 3—Comparison of creep curves for Specimen FI-1 
showing that effect of removing a surface film is similar 
to effect of increasing stress. 
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Table III. Reproducibility of Creep Data on Specimen E9 
(600 A hydroxide film removed during test by 0.1 M sulfuric acid) 


Ratio of final to initial creep rate, R 5.5 Del 5.4 
Equivalent shear stress increment, Arys, 


was thus no longer simply equivalent to the appli- 
cation of a stress increment, although these obser- 
vations suggest that the additional effect in this 
test was not an alteration of the original phenome- 
non but merely the superimposition of an additional 
transient effect. 

(c) Reproducibility and Precision—Checks of 
the reproducibility of the ratio, R, of final to initial 
steady-state rate measured on removing a 600-A 
film are presented in Table III; a somewhat larger 
scatter than the 8 pct in R and 5 pct in Az, would 
be considered more representative. 

The maximum possible error in R was estimated 
to be 15 pet for R<2 and somewhat smaller for 
larger R. The fractional error in the equivalent 
shear stress, Az;, is approximately 1/lnR times the 
fractional error in R and thus becomes too large 
for quantitative studies with films where R is much 
less than 2. 

Results for Plastic Films—It was of interest to 
ascertain whether the creep rate was affected at 
all by films of synthetic plastics because the num- 
ber of mechanisms conceivably contributing to the 
effect in other systems could in this case be reduced 
to one. A plastic film would be able to exert very 
little restraint on the motion of the free end of a 
surface Frank-Read source since its bond with the 
metal is a weak one in contrast to the strong chemi- 
cal bonds of oxide, hydroxide, or plated metal films. 
Further, questions arising from the possibility of 
subsurface penetration or of high stresses associated 
with the film do not arise. Also, while the elastic 
moduli of the plastic films used in this work are not 
known precisely, they are at least an order of mag- 
nitude smaller than the elastic moduli of cadmium 
so that these films do not exert elastic repulsive 
forces on the dislocations approaching them. It was 
therefore concluded that any effect of these films 
on the creep rate must be attributed to their me- 
chanical resistance to the formation of slip steps on 
the surface of the crystal. 

It was found that films of certain plastics did af- 
fect the creep rate. The materials studied were 
Formvar, polystyrene and two rubber-type mate- 
rials: namely, Goodrich No. 4 rubber cement and 
Goodrich Vulcalock (a modified isomerized rubber 
which cures at room temperature). The rubbers, 
which have shear strengths an order of magnitude 
lower than those of Formvar and polystyrene, were 
included to evaluate the importance of the shear 
properties of the film. The solvent used was ben- 
zene except for Formvar where ethylene dichloride 
was used. It was verified that there was no effect on 
the creep rate when a clean specimen was exposed 
to ethylene dichloride. 

Adherency tests on a chemically polished cad- 
mium ribbon showed that No. 4 rubber cement films 
could be stripped off with ease (this cement is not 
intended for use with metal), polystyrene was 
somewhat more adherent but could still be stripped, 
and Formvar and Vulcalock films were adherent 
(relative to their strengths) and could not be 
stripped. 
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A survey was made using specimen D4-1 to deter- 
mine the minimum thickness of each film for which 
a small increase in creep rate (about a factor of 2) 
would occur when the film was removed. This in- 
crease was noted with the thinnest Formvar film 
tested (700A, applied from 2 pct solution). With the 
poorly adherent polystyrene, however, a small effect 
was observed only at 3500A (10 pct solution) while 
a thinner film (5 pct solution) produced no observ- 
able effect. Similarly, with rubber-type films, an 
adherent 3700-A Vulcalock film had a small effect 
while the practically nonadherent film applied from 
the stock No. 4 rubber-cement solution had a thick- 
ness of 7100A but produced no effect. It was to have 
been expected that a weakly adherent plastic film 
would be ineffective since slip should be able to 
proceed almost unimpeded beneath such a film. 

Since it has been concluded that the effects of 
these films could have been only mechanical, it was 
of interest to calculate from Equation [1] the effec- 
tive shear resistances (S, values) which the ad- 
herent films would have had to possess to account 
for the observed effects in terms of the (static) 
mechanical model and to compare these values with 
the bulk shear strengths of the film materials. The 
few results for Formvar and Vulcalock films given 
in Table IV show the effect per unit thickness to 
be higher for Formvar, which has the greater bulk 
strength, and show the calculated S, values to be 
comparable in magnitude with the bulk shear 
strengths of these materials; i.e., reasonable values 
for the film strengths account for the observed ef- 
fects. These results support the conclusion that the 
effects of these films could be regarded as due to 
their mechanical resistance to slip. That the effect 
of the Formvar film was smaller at x = 7°, than at 
28°, is not in accord with Equation [1]. 

Hydroxide-Film Results—The films studied were 
adherent and showed no signs of flaking off even at 
large (200 pct) extensions. A 600-A film gave about 
the maximum effect suitable for quantitative deter- 
mination. Very thin films could not be studied be- 
cause it was found, after most of the tests had been 
made, that an appreciable film formed during the 
immersion of the specimen in the sodium-hydroxide 
solution for the approximately 5 sec required to ad- 
just the depth of immersion prior to anodizing. The 
immersion film, which was detectable by close vis- 
ual examination and by electron diffraction, was es- 
timated by weighings to have had a thickness in the 
range 50-150A. The film thicknesses reported in this 
paper were obtained by adding 100A to the thick- 


Table IV. Effect of Adherent Plastic Films on the Creep of 
Cadmium Crystals 


Equiv- 
Shear- Shear- alent Bulk 
Stress Stress Shear Shear 


Equiv- Equiv- Resist- Strength 
Orien- alent, alent, anceof of Film 
tation Ary, per Film, S;, Material, 
x, Deg G/Mm2 100A Kg/Mm2 Kg/Mm2 


Speci- 
men Film 


D4-1 700A Formvar 284 0.54 0.077 2.0 3-4¢ 
28% 0.86 0.123 3.0 3-4¢ 
3700A Vulcalock 26 0.61 0.016 0.38 0.4-0.74 
F1-2 700A Formvar 7 0.21 0.030 0.9 3-4¢ 
1000A Formvar i 0.28 0.028 0.9 3-4¢ 
«Test No. 2. 
>» Test No. 4. 


¢ As measured with a punch-type jig on a 0.6-mm film laid down 
from solution. 
4 As reported by the manufacturer. 
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Fig. 4—Effect of 
increasing prior 
strain on transient 
creep after re- 
moving a 600-A 
hydroxide film from 
Specimen E9. Test 
No. 3 also involved 
higher strain rates 
prior to period 
shown. 0.1 M sul- 
: furic acid added 
during A and B. 
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ness resulting from the 
through the cell. 

The effect of an hydroxide film as a function of its 
thickness is shown for two crystals in Fig. 5 where 
the abscissas represent only the thickness due to the 
cell charge so that the immersion film falls at zero 
on the thickness scale and no film at all is repre- 
sented by a band from 50 to 150A to the left of the 
origin. Within the limited range of the data, the 
effect-of the film increased in a roughly linear fash- 
ion with thickness except for the thickest (600A) 
film on specimen F6-3. The largest effect observed 
here was less than 15 pct of the flow stress. These 
data are inconsistent with the surface-source theory 
of the effect since it seems fair to regard the poly- 
crystalline hydroxide film as strong relative to the 
erystal and this theory would then require the flow 
stress to be doubled by the thinnest of these films 
with no substantial change with increasing thick- 
ness. The data are broadly consistent with a sur- 
face-barrier (mechanical resistance and/or elastic- 
repulsion) theory. 

With regard to specimen orientation, the present 
data, given in Table V, indicate within their limited 
range a significant orientation influence only in that 
the thinner films have smaller effects at x = 7 deg 
than at 13 deg. 

In view of the results shown in Fig. 3, most of the 

dislocations producing the strain of a filmed crystal 
in these tests are considered to have moved out of 
the metal rather than piled up; this is consistent 
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Fig. 5—Effect of hydroxide films as a function of thickness. 
Upper curve—Specimen F6-03; lower curve—Specimens FI-1 
and FI-2. 
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Table V. Effect of Hydroxide Films on Creep of Cadmium Crystals 


as a Function of Specimen Orientation 


Equivalent 
Shear 
Film Basal Plane Shear Stress Resistance, 
Thick- Orientation, Equivalent of Film, S;, 
ness, A Specimen x, Deg Arr, G/Mm2 Kg/Mm2 
230 F1-1 7 0.45 5.6 
225 F6-3 13 0.87 10.6 
250 F6-3 13 0.99 11.4 
350 F1-1 rai 0.67 5.6 
350 F6-3 13 1.26 9.5 
475 Fl1-1 6 0.80 4.7 
4204 D4-3 24 0.8 5@ 
600 F1-2 7 1.40 1.2 
600 6-3 abs} 1.58 6.9 
600 E9(tests 1, 2, 4) 20-22 1.71-1.79 7.4-7.8 


« Approximate values. 


with the observation that the slip-band patterns 
were of the same general character as those of 
clean crystals, even at higher strain rates, as illus- 
trated in Fig. 6. Because of the poor slip-band con- 
trast on the low reflectivity filmed surface (also 
noted when a thin film was applied to a clean crys- 
tal after extension), a detailed comparison could 
not be made. 

If the hydroxide-film effects were due to the me- 
chanical resistance of the film to this macroscopic 
slip, the effects given in Table V would require of 
the film according to Equation [1] effective shear 
resistances of 5 to 11 kg per mm’ (7000 to 16,000 
psi). A strength of this magnitude appears reason- 
able. It is concluded that the naive mechanical 
model provides, to a first approximation, a descrip- 
tion of all the present observations notwithstanding 
that, the effect is not strictly linear with thickness 
and independent of orientation and of strain rate. 
Nothing discussed up to this point strictly excludes 
the elastic repulsion of dislocations by the film as 
the primary factor involved; however, theoretical 
considerations discussed later indicate that this is 
unlikely. 


Fig. 6—Slip-band patterns in Specimen F6-2 after exten- 
sions of 0.05 at 0.5 hr’. X300; reduced approximately 19 
pet for reproduction. (a) Clean; (b) 250-A hydroxide film. 
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Additional Observation—An observation on an- 
other type of film was made on specimen D4-1 
which had an approximately 700-A brown film be- 
lieved to have been cadmium oxide which had 
formed as a result of the warm extrusion, heating in 
a current of oxygen, and exposure to the atmosphere 
for a year before testing. The stress equivalent was 
estimated from flow-stress and film-removal tests as 
roughly 3 g per mm’. On the simple mechanical 
model, this corresponds to a film shear resistance of 
roughly 11 kg per mm’. This may be compared with 
Roscoe’s high strain-rate results’ which could not 
have been explained by this model unless his oxide 
films had unreasonably high shear strengths, in the 
range 30 to 300 kg per mm’. It may be remarked 
that it seems unlikely subsurface oxidation was a 
contributing factor with these films since Rhines and 
Grobe* were unable to find evidence of internal 
oxidation in a variety of dilute cadmium alloys. 


Discussion 

Macroscopic Stresses Associated with Hydroxide 
Films—tThe effects of the stresses resulting from the 
conversion of the surface layers of metal to a hy- 
droxide of larger specific volume were estimated 
from Poritsky’s analysis” of the stresses produced 
by a change in temperature in long concentric cylin- 
ders of different expansion coefficients. The strain 
compatibility conditions are not the same for the 
film which is formed layer by layer, so that Porit- 
sky’s treatment should give an upper limit for the 
stresses. 

Since in this geometry plane sections remain 
plane, the possibility that the strengthening effect 
is due to distortion of the slip plane is excluded. It 
is sufficient for the present purpose to assume the 
metal and the film to be elastically isotropic and to 
have the same Young’s modulus E and Poisson’s 
ratio v. When correct expressions for Poritsky’s 
stress coefficients are used (the originals are not 
correct), and when simplifications arising from the 
small ratio of film thickness, h, to specimen diam- 
eter, d, are made, the principal stresses referred to 
cylindrical co-ordinates are then (the primed quan- 
tities refer to the film) 


P, = P, = = 26 Eh/ (1 =v) d 
= = v) [3] 


Here 6 is the linear equivalent of the fractional 
specific volume difference between meta! and hy- 
droxide. Since there are strains in the film of the 
same order as 6, the theoretical 6 of 0.3 could hardly 
be realized and it will be supposed that the maxi- 
mum elastic strain tolerated by the film corresponds 
to about 6 = 0.005. 

The axial tension in the metal is larger than the 
other principal stresses and there is a shear stress on 
the slip plane in the slip direction of 14P. sin y cos X. 
Under the present assumptions, a 600-A hydroxide 
film on specimen E9 would produce a resolved shear 
stress tending to elongate the crystal of about 3 g 
per mm’. While this stress is small, it is a significant 
fraction of the flow stress. Now there is also a shear 
stress of opposite sign on the extension of the slip 
plane in the film; this stress represents an equal 
and opposite shearing force and offers extra resist- 
ance to the deformation of the film necessary to 
. accommodate slip steps. Therefore the application 
of the film has produced a system of internal stresses 
which, in the present elementary point of view, has 
no net effect. It is conceivable that the stresses in- 
fluence somewhat the manner in which the film 
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deforms since the opposing shear stress in the film 
varies with position around the periphery of the 
slip ellipse and vanishes at the end of the minor axis. 


Dislocation-Film Interactions—In the following 
paragraphs, two points basic to the present work 
are examined in a broad way: 1) whether an elastic 
repulsion of dislocations by the film can explain the 
hydroxide observations, and 2) by what agency the 
film deforms to permit the formation of visible slip 
bands. 

Perhaps the most important feature of the present 
experimental conditions was the low flow stress, in 
the range 10 to 20 g per mm’. Then, since the num- 
ber n of dislocations which can be piled up in a 
length L is 7 L ta» (1 — v)/Gb,” where G is the 
shear modulus (2x10° g per mm’) and b the Burgers 
vector (3x10 cm), n could not have been as large 
as 100 even for L ~ d and was probably always 
much smaller. Thus the stress acting at a disloca- 
tion or at the lead dislocation of a pile-up would 
have been, say, 100 g per mm’ or less. Also, the 
distance between the first and second dislocations 
(given by L/n*) would always have been much 
more than 1000A so that essentially the film was 
aware of the field of only one dislocation per active 
slip plane whether there was pile-up or not. 


Something of the elastic interaction can be de- 
duced from the calculation by Head” of the equi- 
librium distance below the film of a screw disloca- 
tion in the absence of external stress. With a film 
having a shear modulus about twice that of the 
metal, the dislocation lies half the film thickness 
from the interface. The induced stress field at the 
position of the dislocation becomes repulsive for 
positions nearer to the film. Now Head’s analysis 
cannot be extended quantitatively to the case where 
an external stress is imposed without taking into 
account the change in boundary conditions. How- 
ever, it is sufficient here to note that, with a 
modulus ratio of 2 and a film 100A or more thick, 
Head’s analysis shows that the induced repulsion 
(with no external stress) for dislocation positions 
several interatomic distances from the film is two 
orders of magnitude larger than 100 g per mm’, the 
maximum stress which acts at the dislocation as a 
result of the applied stress and pile-up in the present 
experiments. The limited conclusion is then drawn 
that the dislocations in the present case could not 
have been driven closer to a hydroxide film than 
several interatomic distances if this film developed 
an effective elastic repulsion. Therefore, such a re- 
pulsion could not have been the major factor pro- 
ducing the hydroxide film effects since it would have 
led to extensive dislocation pile-up, the evidences 
of which were not observed. 

When the shear moduli of film and crystal are the 
same, the dislocation is not aware of the film until 
the non-Hookean part of the dislocation begins to 
enter the film.* The film’s resistance to movement 
of the dislocation by the external stress and the 
image force resulting from the proximity of the 
free surface produces an average shear stress in the 
film of approximately 


where x ~ h. This is only 200 g per mm? even for 
a thin (100-A) film and is considered insufficient 
to deform the film. However, the high shear-stress 
field of the dislocation (which is about Gb/27x a 
distance x ahead of the dislocation) is imposed on 
the film, and the dislocation now comes so close 
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that this stress would 
interface and 10‘ the 
interface. If th Ail 
: € film possesses sufficient plasticity 
these stresses can relax (this does not occur in the 
metal where the crystal lattice surrounding the dis- 
ae core possesses the high theoretical shear 
rength of the perfect lattice) and the dislocation 
will be drawn toward the interface. It is necessary 
to suppose that this process is capable of moving 
the dislocation out of the metal. The formation of 
the step at the interface must be accommodated by 
a plastic shear strain of order unity across the ex- 
tension of the slip plane in the film ; then the residual 
shear Stress in the film, approximately its yield 
stress in shear, produces a back stress in the metal 
and additional dislocations cannot be generated 
and/ or moved unless the applied stress is increased. 
This leads to behavior equivalent to the naive 
mechanical model. 

The considerations of the preceding paragraph 
may still apply when the film produces an elastic 
repulsion which is not too strong; if the dislocation 
can come sufficiently close to the film, this repulsion 
may no longer be effective because the high shear 
stresses imposed on the film exceed its elastic range. 
The elastic repulsion will be effective when either 
the modulus ratio or film thickness becomes large 
enough to stop the dislocation a sufficient distance 
from the film so that the stresses in the film are low 
enough to be supported by it. 

It does not appear that the mechanism postulated 
would give a satisfactory interpretation of the 
strengthening effect unless the film continued to 
deform (rather than fracture) for a substantial 
number of unit slip displacements. The required 
properties, elastic moduli which are not too high 
and the ability to deform plastically, are known to 
be possessed by the synthetic plastic films studied, 
but independent information on the properties of 
cadmium hydroxide is not available. 

Dynamical Effects—The stress relaxation in the 
film allowing the dislocation to pass out of the metal 
is expected to require a significant time to occur, 
so that dislocations may be generated faster than 
they can move out and some will then pile up. The 
behavior shown in Fig. 4 can then be interpreted on 
the basis that with the 600-A film there was gen- 
erally some tendency toward pile-up on those 
operating slip planes having the most active Frank- 
Read sources so that, on increasing the strain and/or 
strain rate (test No. 3), there were sufficient pile- 
ups to give a substantial transient effect when they 
were released. Similarly, the effect of the film to 
increase the rate of dependence of the creep rate on 
stress, Fig. 2, can be interpreted in terms of the 
higher percentage of planes at higher strain rates 
having pile-ups producing back stresses at the 
source; thus larger increments of applied stress 
would have been needed in the filmed crystal to 
increase the over-all rate of generation of disloca- 
tion loops to the same extent as in the clean one 
where surface pile-ups did not occur. The absence 
of detectable hardening in the filmed crystal indi- 
cated that a substantial part of the higher strain- 
rate pile-up was dissipated when the strain rate 
was returned to its original low value. 

The high strain-rate case, where the major part 
of the strengthening results from dynamical inter- 
actions, was recently discussed by Gilman.’ 

The analogy between the film and internal dis- 
location barriers appears to be a useful one. At high 
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strain rates, the film increases the initial rate of 
strain hardening,** and this same effect in the 
simple shear of zine crystals is produced by the 
presence of a pronounced substructure.” In the 
present work, it is attractive to interpret the parallel 
effects on the stress dependence of the creep rate 
of the application of a film and of variations be- 
tween clean specimens, Table II, in the same way, 
Le., to postulate that the clean specimens differed 
in the number or severity of internal barriers such 
as dislocation boundaries. 


Summary 

Some quantitative studies were made of the 
strengthening effects of thin films on the tensile 
creep of cadmium crystals at creep rates of the 
order of 0.01 hr~ and strains of the order of 0.01. 
From the observations on hydroxide films and on 
two adherent synthetic plastic films together with 
theoretical considerations, it was concluded that 
neither the pinning of surface dislocation sources 
nor the elastic repulsion of dislocations by the (hy- 
droxide) film nor the macroscopic stresses associated 
with the (hydroxide) film was the primary factor 
involved; on the other hand, the naive mechanical 
model accounted for all the major features of the 
data, notwithstanding that the effects were not 
strictly linear with thickness and independent of 
orientation and of strain rate. A dislocation-film in- 
teraction mechanism phenomenologically equivalent 
to the naive mechanical model at low strain rates 
and consistent with the relatively small dynamical 
effects observed in a few tests on the thickest (600 
A) hydroxide films was postulated. 
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The Reduction of Cupric Salts in Aqueous 
Perchlorate and Sulfate Solutions by 


Molecular Hydrogen 


by E. R. Macgregor and J. Halpern 


The kinetics of the reduction of cupric salts in aqueous solution by molecular hy- 
drogen to metallic copper are described. The rate of reduction appears to be homoge- 
neously determined and shows a marked inverse dependence on the hydrogen-ion con- 
centration. Precipitation of copper is more rapid and complete in sulfate than in per- 
chlorate solution. A mechanism is proposed which accounts for this behavior. 


1 recent years a number of important hydro- 
metallurgical processes have been developed in 
which metallic salts in aqueous solution are re- 
duced by gaseous hydrogen, usually at elevated 
temperatures and pressures, and thereby precipi- 
tated either in metallic form (e.g. Ni, Co, Cu) or as 
an oxide or salt of lower valence (e.g. VO, and 
In connection with applications such as these, 
most of which involve heterogeneously catalyzed 
reactions, recent demonstrations*™ that salts of cer- 
metals, Cu, As’, and Hs. can 
activate molecular hydrogen homogeneously and 
thus catalyze hydrogenation reactions in aqueous 
solution, are of considerable interest. For example, 
cupric salts catalyze the otherwise slow homogeneous 
reduction of dichromate and ceric salts by hydrogen, 
i.e. 
Cr.0; + 3H, + 8H* > 2Cr*** + 7H,O [1] 


In perchloric-acid solution, where Cu is not ap- 
preciably complexed, the kinetics have been found” ” 
to-be of the form 


=O) k, [H.] [Cu**]* 


+ (k./k) [H"] 


where, 


k, = 1x10" exp [—26,600/RT] 1, mole” min”... [4] 


This kinetic behavior suggests that the reaction 
proceeds by a mechanism involving the following 
sequence of steps 

k 


Cu + H,= CuH* + H* [5] 
k, 
CuH* + Cu**=> 2Cut + Ht [6] 
k, 
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fast 


The catalytic activities of the undissociated cupric- 
sulphate and cupric-acetate complexes are some- 
what greater (by factors of 6.5 and 120, respec- 
tively) than that of the simple hydrated Cu*™ ion.” 

These considerations suggest that, in contrast to 
the other hydrometallurgical hydrogenation re- 
actions, referred to previously, reduction of cupric 
salts in aqueous solutions by molecular hydrogen, 
should proceed homogeneously, and in the absence 
of an extraneous catalyst. This has already been 
demonstrated“ for acetate-buffered solutions where 
the product of the reaction is a precipitate of cuprous 
oxide (Cu,O). In the present paper, an investiga- 
tion of the reduction of cupric salts in perchloric- 
acid and sulphuric-acid solutions, leading to the 
precipitation of metallic copper, is described. Some 
results for the sulphate system, which is of consid- 
erable hydrometallurgical interest, have been re- 
ported previously by Ipatieff” * and by Schaufel- 
berger* but these do not give a quantitative account 
of the kinetics and mechanism of the reaction. 


Experimental 

The reduction experiments were conducted in the 
l-gal, titanium-lined autoclave described in con- 
nection with earlier related investigations,” ” and 
using a similar procedure. The solutions were made 
up by dissolving known amounts of CP grade 
Cu(C1O,)., and HClO, (or CuSO, and H.SO,) in dis- 
tilled water. While in the autoclave, the solution 
was stirred and maintained at a constant tempera- 
ture (+1°C) and under a constant partial pressure 
of hydrogen gas. It was ascertained that the agita- 
tion (provided by two 3-in., four-bladed stirrers, 
rotating at 900 rpm) was adequate so that at no 
time was the rate of reaction limited by solution of 
hydrogen. During each experiment, samples of the 
solution were withdrawn periodically, allowed to 
cool, and the concentration of copper remaining in 
solution was then determined electrolytically. Some 
Cu* is formed during the reaction, but undergoes 
disproportionation when the solution is cooled to 
room temperature. For purposes of kinetic calcula- 


Transactions of The Metal- 
lurgical Society of AIME 


tions the ‘A, solubility data of Pray, Schweickert, 
and Minnich” were assumed, without correcting for 


the effect of the acid and salt present in the aqueous 
solutions used. 


Results and Discussion 
The kinetics of the reaction were examined over 
the following range of conditions: Initial Cu(ClO,), 
or CuSO, concentration, 0.05 — 0.3M; initial HClO, 
or H,SO, concentration, 0.01 — 0.3M; temperature: 
150-175°C;* H, partial pressures, 10-25 atm. The 


* The reaction in perchlorate solutions could not be investigated 


above 160°C because of the instability of perchlorate under these 
conditions. 


effects of adding Na.SO, and metallic Cu powder 
also were determined. No products, other than 
metallic copper (i.e., no copper oxides or basic 
copper salts) were formed under these conditions 
and the over-all reaction (neglecting complexing, 
and allowing for disproportionation of all the Cu‘) 
can be represented, simply as 


=: Cu + 2H. [8] 


Results illustrating the most important effects 
which were observed are reproduced in Figs. 1-4, 
in the form of rate plots depicting the variation of 
the cupric-salt concentration (after disproportiona- 
tion of all the Cu*) with time for a number of ex- 
periments under different conditions. 

A feature common to nearly all the experiments 
is the marked slowing down of the rate which 
occurs as the reaction proceeds until an apparent 
equilibrium or steady state is approached, usually 
long before complete precipitation has been achieved. 
The available thermodynamic data** suggest that 
Reaction [8] should go to completion even at low 
H, pressures and high H* concentration and it is 
very unlikely that the final condition observed in 
these experiments represents a true equilibrium. 
Instead it seems more probable that the marked 
slowing down of the reaction is due to kinetic 
factors. Some of these are discussed in the follow- 
ing. 

Perchlorate Solutions—Both Cu(ClO,). and HClO, 
can be assumed to be completely dissociated in 
aqueous solution. 

With increasing Cu‘* concentration, the initial 
rate of reduction was higher but the reaction leveled 
off at a somewhat higher final Cu‘* concentration, 
Fig. 1. Increasing the temperature, Fig. 2, or the 
H, partial pressure, Fig. 3, and decreasing the HClO, 
concentration, Fig. 4, each had the effect of increas- 
ing the initial rate and of reducing the final (Cor 


0.3) 


Fig. 1—Reduction 
of cupric per- 
chlorate at 160°C, 
20 atm Hz. Solu- 
tions contain initi- 
ally 0.1M HCLO, 
and various con- 
centrations of 


Cu(Cl0,)>. 


° 


CUPRIC PERCHLORATE ~—M/L 


1 1 
200 300 400 500 


TIME — MINUTES 


Transactions of The Metal- 
lurgical Society of AIME 


SOLUTION COMPOSITION 


TEMP 0.1 M 0.1 M CuSO, 
*C. O.1M_HCIO4 0.05MH2S04 


3 
160 
175 is) 


0.08} 


2 
a 


Fig. 2—Reduction- 
rate plots at 20 
atm He showing 
effect of tem- 
perature. 


CUPRIC SALT CONC. — 
> 


0.02} 


100 200 300 400 500 


TIME — MINUTES 


concentration. The dependence of the initial rate 
of reaction on these variables was found to be ap- 
proximately of the same form as that represented 
by Equation [3]; i.e. 


Using initial reduction rates (these rates, estimated 
from the initial slopes of the rate plots, are only 
accurate to about + 10 pct) obtained at 160°C, k, 
was found to be approximately 0.45 1. mole* min” 
and k_,/k, (only the ratio of these two constants can 
be evaluated from the kinetic data) approximately 
1.3.’ The former value is in reasonable agreement 
with that (0.4 1.mole* min”) calculated from Equa- 
tion [4] which is based on measurements of the rate 
of Cu** — catalyzed hydrogenation of Cr.O; at lower 
temperatures (80 to 140°C). 

The foregoing rate law also accounts, qualitatively 
at least, for the marked slowing down of the rate 
which occurs as the reaction proceeds, causing it to 
approach an apparent steady state before precipita- 
tion is complete. A detailed quantitative kinetic 
analysis of the progress of the reaction during each 
experiment is not feasible because of the complexity 
of the rate law and, especially, because of uncer- 
tainties relating to the actual concentrations of Cu™ 


[9] 


Ho SOLUTION COMPOSITION 
PRESS. 0.1 M CuSO4 
M. 0.05M H2SO, 
a 


HCI 
20 ° 


0.06: 


Fig. 3—Reduction- 
rate plots at 160°C 
showing effect of 

He partial pressure. 


CUPRIC SALT CONC. — M/L. 
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INITIAL COMPOSITION 
HCIO, CuSO, Hp SO, N 
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0.1 005 — 
0.1 


03 

0,05 
0.1 0.05 
0.1 0.05 


2° 


@ AND @ CONTAIN 0.1 M/L Cu POWDER 


Fig. 4—Reduction- 
rate plots at 
160°C, 20 atm 
showing effect of 
varying the initial 
solution composi- 
tion. 


CUPRIC SALT CONC. — M/L. 


200 300 400 500 
TIME — MINUTES 


and Cu‘ under the conditions (i.e., at the high tem- 
perature) of the reaction. However, it is clear Equa- 
tion [9] predicts that, as the reaction proceeds, it 
ultimately will become very slow as a result of the 
decreasing concentration of Cu** and increasing con- 
centration of 

These results suggest that the mechanism of the 
reduction of Cu to Cu, is that which would be 
anticipated from the catalytic behavior of Cu* in 
the hydrogenation of dichromate; i.e., that it in- 
volves the following sequence of steps 


k 


Cu*=> 2Cut+ H* [6] 

= + Cu. [10] 

Over-all reaction 
+ > Cu + 2H" [8] 
Steps [5], [—5]* and [6] which determine the rate 
* The designation [—5] refers to the back-reaction of Step [5]; 


Cunt Ht = (Cutt) +” He: 


of the over-all reduction, are homogeneous reactions, 
whose rate constants are k,, k_,, and k., respectively. 
The last, Step (10), in the sequence in which me- 
tallic copper is formed, represents a rapid hetero- 
geneous equilibrium. The conclusion that the rate 
of reduction is homogeneously determined is sup- 
ported by the observation that it is not affected 
markedly by the initial addition of appreciable 
amounts of copper powder, Fig. 4. The slowing 
down of the reduction at low Cu* and high H* con- 
centrations, is due to the fact that the Back-Reaction 
[—5] becomes predominant over Reaction [6] which 
leads to reduction. (A comparison of the value of 
k_,/k, estimated at 160°C (1.3) with that reported 
earlier” for 110°C (0.25) suggests that the back 
reaction becomes increasingly important as the 
temperature is raised. This may account for the 
small apparent effect of temperature on the over-all 
rate). From Equation [9] it can be seen that under 
these conditions the rate of reduction becomes sec- 
ond order in Cu** and inversely proportional to the 
concentration of 

There is no indication that Cu*, which is formed 
in appreciable concentrations during the reaction, 
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has any catalytic effect. This is of interest in view 
of earlier demonstrations that cuprous salts activate 
molecular hydrogen and catalyze the reduction of 
cupric salts in certain organic solvents.” 

Sulfate Solutions—The results for sulfate solu- 
tions were found to be qualitatively similar to those 
described in the foregoing and to the results re- 
ported by Schaufelberger.. Two important quan- 
titative differences relative to perchlorate solutions 
were noted; i.e, (1) the rate of reduction under 
comparable conditions was appreciably faster, and 
(2) the final slowing down of the reduction occurred 
at a considerably lower copper concentration, Figs. 
2-4. As with perchlorate solutions the rate was un- 
affected by the addition of metallic-copper powder, 
suggesting that in this system also the rate is homo- 
geneously determined. No quantitative analysis of 
the kinetics in sulfate solutions was attempted since, 
in addition to the complications mentioned earlier 
for perchlorate solutions, two further obstacles are 
encountered here; i.e., (1) the reaction is so rapid 
initially, that even the initial rate could not be esti- 
mated with meaningful precision, and (2) the extent 
of complexing of SO, with Cu**, Cut and H* under 
reaction conditions, is not known. 

Qualitatively, the higher rates obtained in sulfate 
solutions are in accord with the earlier observa- 
tion” that the undissociated CuSO, complex acti- 
vates H, about 6.5 times as rapidly as the uncom- 
plexed Cu** ion. The fact that the reaction does not 
slow down as markedly as in perchlorate solutions 
is attributable to the buffering effect of sulfate; 1.e., 
to the reaction 

[11] 


This equilibrium lies considerably to the right (ie., 
HSO, is weak acid) and hence the increase in the 
concentration of H* as reduction proceeds is not as 
great as in perchlorate solutions. Since two H* ions 
are released for each Cu** reduced, an excess of SO, 
(at least as great as the initial CuSO, concentration) 
is required if all the H* is to be neutralized. In ac- 
cord with this expectation it was observed that the 
efficiency of reduction was increased on the addition 
of an inert sulphate salt (i.e., Na.SO,) to the solu- 
tion. Thus it can be seen from Fig. 4 that whereas 
only about 85 pct of the copper could be precipitated 
from a solution containing initially 0.1M CuSO, and 
0.05M H.SO,, complete precipitation was readily 
achieved in the presence of 0.2M Na.SO,. A similar 
effect of sulfate salt was reported by Schaufel- 
berger. The addition of Na,SO, also was found to 
increase the initial reduction rate, probably through 
increasing the concentration of the more reactive 
CuSO, complex. Increasing the H.SO, concentration 
has an adverse effect, Fig. 4, presumably because 
both complexing and buffering are reduced. 

These results are obviously of considerable prac- 
tical significance. It appears that copper can be pre- 
cipitated efficiently by reduction from sulfate solu- 
tions but not from perchlorate solutions. It has been 
shown previously“ that reduction of cupric acetate 
in acetate-buffered solutions is rapid but leads to 
the formation of Cu,O instead of metallic copper; 
this is presumably because, at the higher pH, hy- 
drolysis of Cu’, i.e. 


H* + SO- = HSO, 


2Cu* + 20H = Cu.0 + H,O [12] 


competes effectively with the disproportionation 
reaction (Equation [10]). Thus there appears to be 
an optimum pH range, in the region provided by 
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Fig. 5—Photomicro- 
graphs of typical 
copper product (a) 
from sulfate solu- 
tion, X 300, and (b) 
from perchlorate 
solution, X 80. Both 
reduced approxi- 
mately 45 pct for 
reproduction. 


sulfate-buffered solutions, for the precipitation of 
metallic copper from aqueous solutions. 

Nature of the Copper Product—Photomicrographs 
of typical products of reduction from perchlorate 
and from sulfate solutions are shown in Fig. 5. In 
sulfate solutions, the product, which tended to ad- 
here as a loose conglomorate to the inside surface 
of the autoclave, was found to consist of a loose 
network of fine needles or filaments of copper 
(probably single crystals), approximately 3-10 yu 
in thickness and 30-100 uw in length. The product 
from perchlorate solutions was a porous powder 
made up of globular particles of indefinite shape 
and varying size. The differences in the physical 
characteristics of the two products probably reflect 
differences in the rate of reduction and, possibly, in 
the mechanism of disproportionation of Cu* in the 
two solutions. Little is known about the kinetics and 
mechanism of the disproportionation reaction, 
Equation [10], which presumably leads to the for- 
mation of metallic copper, or about the mechanism 
of nucleation or of growth of metallic nuclei in 
these systems. Courtney” has recently described the 
nucleation of copper metal, resulting from the dis- 
proportionation of Cu* at room temperature follow- 
ing acidification of ammoniacal cuprous-sulfate solu- 


tions, but an adequate account of all the factors in- 
volved is still lacking. 

In addition to copper, mercury and silver appear 
to be the only other common metals which can be 
precipitated from aqueous solutions by the un- 
catalyzed homogeneous reduction of their salts with 
hydrogen. The reduction of mercuric salts has been 
extensively examined and appears to proceed 
through a relatively simple, direct bimolecular re- 
action.” The homogeneous activation of hydrogen in 
aqueous solution by silver salt and the reduction of 
silver salt to metallic silver are presently being 
studied, and the mechanism in this system appears 
to have certain features in common with that de- 
scribed here for copper.“™ 
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Technical Note 


A Method for Observing the Progress of Deformation in Tensile Samples 


by A. P. Young and L. L. Marsh 


HE relationship between microstructure and 
fracture is of interest in many metals and alloys. 
This relationship is sometimes established by exam- 
ining the fracture surfaces and the flat surfaces near 
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the fracture path in tensile samples. However, it is 
often difficult to tell from examining the fractured 
sample whether the fracture is intergranular, intra- 
granular, or a mixture of both. Also, it is often of 
interest to follow the progress of slip, twinning, or 
crack formation along the fracture path before frac- 
ture occurs. 

The ambiguity concerning the type of fracture 
generally can be resolved if the area along the path 
of ultimate fracture can be photographed at inter- 
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vals of strain prior to fracture. This generally in- 
volves the use of samples with highly localized 
stresses where fracture will occur in a predeter- 
mined area. A device for following deformation in 
a sample of this type has been described by Flinn 
and Trojan.’ One objection to devices of this type is 
that the deformation in the specially prepared sam- 
ple may not be characteristic of the deformation in 
a normal tensile sample. Also, it is not always pos- 
sible to predict the location of the fracture path 
accurately enough to insure photographing the 
proper area before fracture. 

These difficulties can be obviated by the use of 
plastic replicas taken from a tensile sample during 
the test. The record of deformation can be made as 
nearly continuous as is desirable by taking replicas 
at small strain intervals. A convenient procedure to 
use for this purpose is as follows: Cellulose acetate 
sheet is dipped in acetone to soften the surface, and 
pressed on the sample surface without removing the 
sample from the test stand. Any test except pos- 
sibly a creep test should be interrupted before taking 
a replica, otherwise the replica image of the surface 
may be blurred. After drying, the replica is stripped 
from the specimen and taped at the edges to a mi- 
croscope slide. Gold or aluminum can be evaporated 
on the replicas for increased reflectivity. This is not 
necessary, but does enhance the contrast. 

This techinque was used to follow the progress of 
deformation in uranium tensile samples deformed at 


Fig. 1—Microstructure of uranium deformed to a strain of 
0.4 pct at 25°C. X150. Reduced approximately 25 pct for 
reproduction. 


Fig. 2—Same area as Fig. 1—strained 1.2 pct. X150. Re- 
duced approximately 25 pct for reproduction. 
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room temperature. Flat samples, 0.35 in. by 0.075 
in. in the reduced section with a 1.5-in. gage length 
were used. The samples were scored with a network 
of scratches to aid in the location of the same areas 
after successive steps during straining. Figs. 1-3 
show successive steps in the deformation of a uranl- 
um tensile sample. Careful examination of Figs. 2 
and 3 shows that the fracture is mixed intergranular 
and intragranular. Grain-boundary cracking in the 
metal adjacent to the fracture is evident in Fig. SF 
The greatly increased prominence of grain bound- 
aries with increasing deformation, as seen from Figs. 
1 and 2, indicates a difference in the amount of 
strain from grain to grain, which in some instances 
can be pronounced enough to cause grain-boundary 
cracking. Grain-boundary cracks were more evident 
at earlier stages of deformation in larger grain 
samples. 

Cellulose-acetate strippings taken from samples 


Fig. 3—Same area as Fig. | after straining to fracture at 
25°C (3.8 pct strain). X150. Reduced approximately 25 pct 
for reproduction. 


Fig. 4—Uranium tensile specimen with 5 pct deformation at 
75F. Note that slip continues through twins although a par- 
ticular type of twin may terminate at twin boundary. X12,000. 
Reduced approximately 43 pct for reproduction. 
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during testing also can be used to make two-step 
carbon or silica replicas for electron microscopy. It 
is possible, but rather difficult, to follow the progress 
of deformation in the same area by electron micro- 
scopy. 

The electron microscope was used in the examina- 
tion of uranium tensile samples to determine, after 
various amounts of strain, the relative incidence of 
twinning and slip, which is generally too fine to see 
in the light microscope. Fig. 4 shows an area in a 
preshadowed silica replica made from a cellulose- 


acetate stripping of a uranium tensile specimen after 
5. per cent strain. Fine slip may be observed to pass 
through a large twin, whereas several smaller sec- 
ondary twins may be observed to terminate at the 
twin interface. Fine slip of this type without a tend- 
ency to form bands is characteristic of uranium. 

The work performed under AEC Contract No. W- 
7405-eng-92. 
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Ductility of Silicon at Elevated Temperatures 


by D. W. Lillie 


It has been demonstrated that considerable bend ductility exists in bulk specimens 
of polycrystalline high-purity silicon. The possibility of hot-forming at 1200°C is suggested. 


eo ENT corrosion resistance in many media 
and low cross section for absorption of thermal 
neutrons (0.13 barn) would make silicon of interest 
to nuclear engineers were it not for extreme brittle- 
ness and the difficulty of fabrication by any reason- 
able means. The use of silicon for structural pur- 
poses also has been considered in view of its light 
weight and oxidation resistance. Johnson and Han- 
sen’ have investigated the properties of silicon-base 
alloys and concluded that there was no way of mak- 
ing pure silicon or silicon-rich alloys ductile at room 
temperature. 

In view of reports of appreciable ductility in ger- 
manium single crystals above 550°C** and some 
plastic deformation in single-crystal silicon above 
900°C,* the present investigation was undertaken to 
define more precisely the limits of high-temperature 
ductility in pure silicon. After this investigation was 
begun torsion ductility in both germanium and sili- 
con was reported by Greiner.* 

Through the courtesy of F. H. Horn, a small bar 
of cast extra high-purity silicon was obtained and 
small bend specimens were made from it by careful 
machining and grinding. All of the reported tests 
results were obtained from samples from this bar 
(bar No. 1) and one other of similar source (bar No. 
2). No complete analysis was obtained but, based 
on analysis of similar semi-conductor grade mate- 
rial, metallic impurities were under 0.01 pct total. 
Vacuum-fusion analysis for oxygen showed a value 
of 0.0018 + 0.0003 pct for the first bar tested and 
metallographic analysis showed no evidence of a 
second phase. 

Bend tests were carried out on an Instron tensile 
machine using a bend fixture with a l-in. span 
loaded at the center. Supporting and loading bars 
were 0.250 in. round and the load was applied by 
downward motion of the pulling crosshead of the 
machine. Specimen thickness and width were ap- 
proximately 0.10 in. and % in. respectively. Loading 
rate was controlled by holding crosshead motion 
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constant at 0.02 ipm. In some cases a smaller speci- 
men was uSed on a %-in. span with a 0.129-in.-diam 
loading bar. The entire bend fixture was surrounded 
by a hinged furnace and all heating was done in air 
atmosphere. Temperature measurement was made 
with thermocouples fastened directly to the bend 
fixture within less than 1 in. from the specimen. 

Autographic stress-strain curves were recorded 
during each test, and breaking load, total deflection, 
and plastic strain could be obtained from these 
curves. Stress was calculated from the beam formula 
S = 3PL/2bh’*, where P is the load in pounds, L the 
span in inches, b the specimen width in inches, and 
h the specimen thickness in inches. This formula is 
strictly correct only in the elastic range but has been 
used to calculate a nominal stress for convenience in 
the plastic range. The stress given is the maximum 
stress in the specimen. 


Results 


The results of the complete series of tests are 
shown in Table I. The first group of tests (speci- 
mens Nos. 1-6) showed the beginning of plastic flow 
at a test temperature of 900°C, so two additional 
tests (Nos. 8 and 9) were made at 950°C on small- 
size specimens from bar No. 2. Specimen No. 8 was 
tested in the as-machined condition, and No. 9 was 
heat-treated in hydrogen at 1300°C for 2 hr, cooled 
to 1200°C and held 1 hr, cooled to 1000°C and held 
1 hr, cooled to 900°C and held 1 hr, and finally 
cooled to a low temperature before removal from 
the hydrogen. 

It is apparent that the heat-treatment had a sig- 
nificant effect on yield strength and ductility. In 
addition, the magnitude of the yield point was con- 
siderably reduced in the heat-treated specimen as is 
shown in Fig. 1 by tracings of the stress-strain 
curves. 

After obtaining a furnace capable of reaching 
higher temperatures specimens Nos. 10 to 13 were 
tested at 1100 and 1200°C. Strain rate was increased 
by up to a factor of 10 to see whether the ductility 
observed was excessively strain sensitive. Specimen 
No. 10, strained at 0.02 ipm and 1100°C, was still 
bending at a deflection of 0.322 in. when the load 
rate was increased to 0.2 ipm, resulting in immediate 


APRIL 1958—249 


Table |. Mechanical Properties of High-Purity Silicon in Bending 


Specimen Size, In. Yield Breaking Total Plastic 
Spec No. Pane ec Height Width Span,In. Rate, Ipm Point, Psi Stress, Psi Defiect, In. Defiect, In. 
m 0.1034 0.356 0.02 18300 0.0038 
3 408 0.1036 0.356 1 0.02 30150 0.0051 
2 594 0.1034 0.356 ut 0.02 = 42800 0.0077 = 
4 796 0.1036 0.356 1 0.02 — 33400 0.0113 pbaIs 
5 900 0.1038 0.356 1 0.02 —- 16100 0.0094 Ae 
8 950 0.080 0.300 5% 0.02 11500 11600 0.0113 Gheesa 
ga 950 0.080 0.300 % 0.02 8590 33200 0.0674 ioe 
6 1005 0.1035 0.356 1 0.02 7250 31000 0.133 ee 
10 1100 0.080 0.300 % 0.02 6740 37600 0.322 ee 
11 1100 0.080 0.301 5 0.1 6000” 36600 0.124 pes 
12 1200 0.080 0.301 % 0.1 —= 32700 ~0.65° meee 
13 1200 0.080 0.300 5 0.2 4390 34900 ~0.57¢ ~0. 


« Heat-treated 1300 C, 2 hr very slow cool. 
Proportional limit. 
¢ Did not break. 


fracture. This evidence, and the lower total bending 
of specimen No. 11 tested at a rate of 0.1 ipm indi- 
cate a distinct rate sensitivity. 

Specimens Nos. 12 and 13 tested at 1200°C did not 
break at either 0.1 ipm or 0.2 ipm, and made a com- 
plete 180° bend with a radius of about 0.1 in. (load- 
ing bar had a circular profile of 0.129 in. diam). A 
photograph of one of the 1200°C samples is shown 
in Fig. 2. 

Discussion 

The results of the present work clearly show that 
it is possible to obtain appreciable ductility in silicon 
above 950°C, and that at 1200°C considerable bend 
deformation can be obtained at reasonable rates of 
loading. Although it should be cautioned that bend- 
test results are deceptive, in that large bend angles 
do not mean large elongations or compressions, it 
at least appears possible that slow deformation at 
high temperatures might be used to fabricate silicon 
products into simple forms. 

Metallographic examination of a section near the 
fracture on the tension side of the specimen bent 
at 1000°C revealed no increase in the number of 
twins. Thus, it seems reasonable to assume that slip 
must play a major role in the deformation. No fur- 
ther attempt was made to determine deformation 
mechanisms, however. 

The presence of a pronounced yield point was 
observed in all specimens tested at 950°C and above. 
Bell Laboratories’ data’ published shortly after com- 
pletion of this investigation showed similar yield 
points on bend tests of very fine silicon “whiskers” 


STRESS-STRAIN 
CURVE AT 950°C 
AS MACHINED 


STRESS-STRAIN CURVE 
AT 950°C AS ANNEALED 
1300°C -2 HRS.— SLOW 
COOL 


STRESS 


STRAIN 


Fig. 1—Stress-strain curves of high-purity silicon in bending. 
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and rods at temperatures as low as 650°C. The Bell 
data are plotted together with the data from the 
present study in Fig. 3. In this figure the term “yield 
point” means the maximum stress reached before 
the drop in load in the stress-strain curve, and the 
term ‘flow stress” is defined as the minimum stress 
required for continued deformation after the drop in 
load. It is interesting that the flow-stress curves to 
800°C for the Bell Laboratories’ whiskers give rea- 
sonably good extrapolation to the flow-stress values 
of the larger bend specimens of the experiments 
reported here for 950°C and above. 


Fig. 2—Photograph 
of silicon specimen 
after bending at 
1200°C. 
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Yield-point data agree very closely (except at 
800°C) with the Bell data on single-crystal bars, 
but yield stresses of whiskers show higher values 
than would be expected from extrapolation of the 
present bend-test data or the Bell single-crystal bar 
data. Since upper yield points are known to be 
highly sensitive to surface condition, this disagree- 
ment can be attributed to the greater perfection of 
the fine whiskers. The fact that ductility is observed 
in the whiskers as low as 600°C appears to be be- 
cause in these more perfect specimens brittle frac- 
ture has been delayed to stress levels of nearly 300,- 
000 psi, whereas in the large bend specimens tested 
here fracture occurs at stresses of 10,000 to 40,000 
psi. 

Conclusions 

The extreme brittleness of bulk silicon at tem- 
peratures below about 900°C is associated with rap- 
idly rising yield stress and flow stress as tempera- 
ture is decreased. Above 950°C, ductility increases 
with temperature and at 1200°C sufficient bend duc- 


tility exists for considerable deformation. The pos- 
sibility of hot-forming silicon by use of slow defor- 
mation at 1200°C is suggested. 
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Technical Note 


Observations on Homogeneously Bent Silicon Crystals 
by U. F. Kocks 


aa slip and a single parallel array of edge 
dislocations have been obtained in silicon single 
crystals by homogeneously bending them in a four- 
point dead-loading device at 1000°C around the 


[211] axis with [251] as the tensile axis which en- 
closes an angle of 40° with the glide plane. Other 
orientations or lower temperatures proved unsuit- 
able. The homogeneity of the bending was checked 
by the method shown in Fig. 1. The chemically pol- 
ished specimen was exposed to parallel light from a 
microscope-stage lamp. The sharpness of-the focus 
of the reflected light is an approximate measure of 
the circularity of the sample. This method permitted 
the determination of the actual radius of bent speci- 
mens within 10 pct accuracy. 

The etching solution developed to show up dislo- 
cations consisted of the following volume parts: 
2 HF, 1 HNO,, 2 CH;,COOH, 1 a solution of 5 wt pct 
of CuNO, in water (Rosi'). The acetic-acid con- 
tent was adjusted to produce fine well-defined etch- 
pits in about 2 min at room temperature. The effec- 
tiveness of the etch did not depend on the crystal- 
lographic orientation of the face etched. The num- 
ber of etch pits produced after a given deformation 
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Fig. 1—Optical 
measurement of 
radius. 
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was checked in the usual way against the Cahn 
formula’ and showed good agreement. 

As it is to be expected from the orientation of the 
primary system there are slip steps on the top and 
bottom faces but not on the side faces (perpendicu- 
lar to the bending axis), whereas etch pits appear 
on the side faces but not on the top and bottom 
faces. This is different only for occasional disloca- 
tions of a secondary glide system. All the micro- 
graphs included have been taken in places where 
the most of secondary glide could be seen. From 
this it is evident that in the homegeneously deformed 
region the number of secondary dislocations was less 
than 1 in 1000 of the primary type. 

Dislocation Distribution—A series of tests with 
varying amounts of deformation is shown in Figs. 
2(a-c). An observation that can readily be made 
from these pictures is that the linear density of dis- 
locations within slip lines is relatively constant and 
independent of the amount of deformation. “Slip 
line” in this context is understood to mean a line 
that is a straight connection of individual etch pits. 
The heavily pitted bands which can be seen in each 
of these three pictures may be resolved fairly defi- 
nitely, at higher magnifications, into many “slip 
lines” the distance between them being of the order 
of 0.5u. The distance between dislocations in slip lines 
is of the order of 2u and it is also fairly constant in 
going from the neutral zone outward. The higher 
over-all dislocation density in the outer regions of 
any sample and the higher total number in a more 
heavily deformed sample, are effected by a larger 
number of “‘slip lines.” 

The relative constancy of the dislocation distance 
within an individual slip line is surprising. The ab- 
sence of pile-ups* may imply, if there is no rear- 


* However, pile-ups have been observed at intersections with a 
different glide system after deformation at a lower temperature.? 


rangement on unloading,’ that there are no substan- 
tial obstacles to slip in this case. It seems that the 
equilibrium distribution of the dislocations in each 
active slip plane under the higher external stress on 
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(a) 
Fig. 2—Etch-pit pattern after bending to radius (a) 40, (b) 13, (c) 6 cm. The linear dislocation density in slip lines is constant. 


the outside and the lack of even the stress to move 
dislocations in the ‘neutral zone” is roughly con- 
stant. Where the stress ceases to be able to move 
dislocations is obviously not determined by macro- 
scopic arguments alone*” since there is a shear-stress 
concentration ahead of the group. This may be re- 
sponsible for the fact that some slip lines continue 
individually across the ‘‘neutral” plane, an observa- 
tion which has also been made by other workers.° 

Annealing after deformation for 2 hr at 1000°C 
yielded Figs. 3(a) and (b). They are taken on the 
same specimen; (a) in the homogeneously deformed 
region (4 cm radius), (6b) close to a loading wedge. 
In the former, the distribution of dislocations is al- 
most random, with some preliminary stages of po- 
lygonization detectable, whereas polygonization has 
proceeded much further in the inhomogeneously de- 
formed region.—Attention might be given to the fact 
that in Fig. 5 the dislocations of the primary system 
have climbed out of their planes to form the essen- 
tially random distribution. The dislocations of the 
secondary system, however, have not climbed. This 
can be interpreted by the fact that the normal 
stresses due to the other dislocations are lower on 
the observed secondary glide plane than on the 
primary plane. 

Yield Stress—In a dead-loading device the yield 
stress may be defined as the stress which produces 
speedy creep after an incubation time of the order 


of 2 min. Within the accuracy of about +50 pct to 
be expected from such a measurement, the yield 
stresses of 16 specimens fell into two well-separated 
regions of 2 and 6 x 10° dyn per cm’, respectively.* 
*The value of 7 x 108 dyn per cm2 reported? was probably the 
upper yield stress in a dynamic test. 
In all the harder crystals the growth axis and the 
“tensile axis” in bending had been identical whereas 
all the softer specimens had been cut at an angle of 
15° out of a crystal grown in a different direction. 
This effect could be due either to the different struc- 
ture of the grown-in dislocations or to a previous 
plastic deformation due to temperature gradients 
during growth. 
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Fig. 3—Etch-pit pattern after 
bending to radius 4 cm and an- 
neal 2 hr at 1000°C. (a) Homo- 
geneously deformed region: dis- 
locations in secondary systems 
do not climb. (b) Inhomogene- 
ously deformed region: polyg- 
onization has proceeded much 
further. 
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Mo work has been reported in the literature 
on the separation of individual phases in steels, 
particularly carbides, for the purpose of structural 
and chemical analysis. The methods usually involve 
separation of the particles from the matrix by chem- 
ical or electrochemical methods. Another group of 
alloys ideally suited for selective removal of one 
phase is the commercial aluminum bronzes. Al- 
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though some work has been done on the ternary 
copper-aluminum-iron system,'*" the structure and 
chemical composition of the iron-rich phase which 
commonly occurs in these alloys remains contro- 
versial. 

Experiment showed that when a commercial alu- 
minum bronze in the form of drillings was treated 
with concentrated nitric acid, the iron-rich phase 
became passive and was unattacked while the matrix 
dissolved. The iron-rich particles were collected 
with a magnet placed inside a glass tube, rinsed in 
fresh nitric acid, washed, treated with concentrated 
NaOH to remove any adhering Al.O,, washed again 
and dried in a hot-air blast. These particles could 
then be subjected to chemical or X-ray analysis, 
having a size ideal for the Debye-Scherrer technique. 


Table II. Compositions and Lattice Parameters of the Extracted 
Iron-Rich Phase After Various Treatments 


Alloy A B Cc D E 
As-Cast 
Dee 4.0 — 5.4 
10.7 11.4 — 10.3 — 
84.1 84.6 84.3 
Held at 980°C for 24 hr, cooled 125° per day 

ue) 4.5 5.3 4.5 4.4 

13.4 13.4 13.6 13.9 13.8 

81.3 82.1 81.1 81 81.8 


6 
2.904 2.904 2.904 2.904 2.905 


Held at 980°C for 24 hr, furnace-cooled to 650°C and held for 24 hr, 
furnace-cooled 


Table |. Composition of the Alloys by Weight 


A B Cc D E 
86.30 85.46 84.20 83.89 82.28 
10.84 10.57 10.74 10.37 10.50 

2.77 3.86 4.85 5.63 7.11 

0.09 0.11 0.21 0.07 0.11 

7.95 8.08 7.84 8.10 7.83 


Table I gives the composition of the alloys studied, 
~ while Table II gives the chemical composition and 


lattice parameters of the extracted iron-rich phase 


following various treatments. 

The constant composition of the iron-rich phase in 
all alloys after soaking and slow cooling indicates 
that the ternary phase field 


a (FCC Cu-Al-Fe) + 8 (BCC Cu-Al-Fe) 
+ 6 (BCC Fe-Al-Cu) 
comes to a point near the iron-aluminum side of the 


ternary Cu-Al-Fe diagram. This is in agreement 
with the results of Bradley and Goldschmidt.’ 


In all cases, the structure of the iron-rich phase 
was disordered BCC, no superlattice lines as report- 
ed by Bradley and Goldschmidt’ being observed. 
The lattice parameter of the iron-rich phase studied 
here, 2.904 A, was also considerably larger than that 
reported by Bradley and Goldschmidt, 2.8921 A for 
a comparable alloy. 
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The Temperature Dependence of Flow and 


Fracture in Coated Zinc Single Crystals 


by L. C. Weiner 


For zinc single crystals, yo = 3°, a surface coating raises both the cleavage and yield strengths 
over a large temperature range. The “brittle temperature,” associated with slip after completion 
of twinning, does not coincide with the point of intersection of the flow and cleavage curves, which 
is associated with twinning. A surface film has no effect on the brittle temperature, while it lowers 
the intersection temperature some 20°. For crystals, y) = 83°, a coating decreases the cleavage 
strength, making it temperature independent, as well as increases the brittle temperature or its 
equivalent, the intersection temperature, 20°. These observations are described on the basis of a 
dislocation-pile-up-at-a-barrier model for brittle fracture; in crystals % = 3° the number and dis- 


tribution of twins play a vital role. 


| a recent investigation on the effects of solid 
environments on the brittle fracture of zinc single 
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crystals,’ it was demonstrated that the presence of a 
surface film changes the cleavage strength of these 
crystals, either increasing or decreasing it, depend- 
ing on the crystal orientation. An increase in cleav- 
age strength of some 43 per cent was found for 
coated crystals oriented x = 3°, = 28°,* while a 


* The angles xo and )o are the original angles that the basal plane 
and the slip direction make with the specimen axis. 


decrease of 48 per cent was observed with crystals 
= Moreover, these effects were found 
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aseing 
W/O; — 14.0 — 12.4 
2.900 2.899 2.900 2.900 2.901 

Alloy 


to be independent of the type of surface-coating ma- 
terial as well as of thickness of film above a certain 
small critical value. These observations were de- 
scribed adequately by a dislocation-pile-up-at-a- 
barrier model of brittle fracture’ used successfully 
before.**” For crystals oriented x, = 3°, twins mod- 
ifying the dislocation path act as barriers, their in- 
crease in number and homogeneity of distribution 
brought about by the presence of the surface film; 
for crystals of the other orientation, no twinning oc- 
curs and the film itself is the barrier. Since our pre- 
vious work was carried out only at room tempera- 
ture, the aim of the present study was to investigate 
the effects of solid environments on the flow and 
fracture behavior of zinc crystals of the same orien- 
tations over a wide temperature range. 


Experimental Procedures 

Seeded zinc single crystals of each orientation 
were grown by a modified Bridgman technique, from 
which 214-in. specimens were cut and cleaned care- 
fully.. Uniform adherent copper surface films, be- 
tween 2000 and 4000 A, were electrodeposited onto 
the clean crystals and their thicknesses determined 
by the observed weight of the coatings. 

Tensile tests were carried out in an Instron testing 
machine at a strain rate of 5 X 10° sec”. The grip- 
ping device used in testing has been described else- 
where. Loads at fracture and total extensions were 
read directly from the automatically recorded load- 
extension curves. Stresses at fracture were calcu- 
lated from cross-sectional areas of the crystals while 
per cent elongation was determined from the total 
extension, assuming end effects in specimens of this 
length to be negligible. Since the crystallographic 
cleavage surfaces were found to be approximately 
perpendicular to the tensile axis,’ the stress at frac- 
ture parallel to the tensile axis and thus approxi- 
mately normal to the cleavage surface was termed 
the normal fracture stress, oy. Similarly, the yield 
or flow stress has been termed oy and is that normal 
stress at which deformation starts. 

Appropriate containers enclosing the grips and 
specimen were used in testing over the temperature 
range —196 to 100°C. Temperatures were obtained 
using suitable baths or either precooled or pre- 
heated gaseous nitrogen. Temperature measure- 
ments were made with a copper-constantan thermo- 
couple placed tangent to the specimen, which was 
held at temperature for at least 7 min prior to 
testing. 


Experimental Results 

Crystals y = 3°, \. = 28°—Elongation versus 
temperature curves of clean and copper-coated crys- 
tals are shown in Fig. 1; each point represents an 
average value of elongation. Below 60 to 70°C both 
clean and coated crystals act in a brittle manner, 
exhibiting only small amounts of deformation, pre- 
dominantly twinning, prior to cleavage. Above this 
temperature, they are ductile, and both twinning 


20 


© clean 


* Cu coated 
Fig. 1—Tempera- 
ture dependence of 
ductility of zinc 


Hl 
single crystals, 
° 
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and large amounts of slip are observed before frac- 
ture, which consists of a mixture of cleavage and 
shear. For clean crystals, at 90°C and above, neck- 
ing occurs prior to pure shear with about LOmDeE 
cent maximum uniform elongation. Thus, 60 to 70°C 
is the temperature below which brittle behavior 
was observed and a surface film had no effect on 
this brittle temperature. Sometimes called the duc- 
tile-to-brittle transition temperature, it agrees quite 
well with a value of about 65°C given by Morton, 
Treon and Baldwin.’ 

Since a ductile-to-brittle transition temperature 
many times is interpreted as the point of intersec- 
tion of the flow and fracture curves, oy and oy were 
determined in order to ascertain whether or not the 
“brittle temperature” observed in Fig. 1 corre- 
sponded to the intersection temperature. The graph 
in Fig. 2 presents the resultant flow and fracture 
data as a function of temperature; each point on the 
curves represents an average value. Although it 
has been shown that with crystals of this orientation 
minute amounts of parent basal slip take place prior 
to any twinning,’ in many cases this is not observ- 
able as a point of deviation from linearity on the 
load-extension diagram. Therefore, yield stress was 
calculated either from this point of deviation, if 
present, or from the first drop in load which resulted 
from the formation of the first twin. The fracture 
curves are drawn as two segments; cleavage, drawn 
as a solid line, and ductile fracture (either pure 
shear or mixtures of cleavage and shear), drawn as 
a broken line. 

Fig. 2 clearly shows that a surface film raises both 
the flow and cleavage curves. Since the increase in 
oy is greater than the increase in oy, the intersection 
of the two curves for coated crystals takes place at 
about —100°C, approximately 20° lower than for 
clean ones. Thus, the intersection temperature does 
not correspond to the brittle temperature for crystals 
of this orientation. However, at the brittle tem- 
perature, discontinuities in the fracture curves are 
observed and these act as boundaries between the 
cleavage and ductile fracture segments of the curves. 

Focusing attention on the actual shape of the 
cleavage curves for both types of crystals, it is seen 
that below the intersection temperature o, is essen- 
tially temperature independent, while above it, op 
is markedly dependent on temperature, and in such 
a manner that an increase in temperature increases 
the cleavage strength. 
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Table |. Temperature Dependence of Elongation 
of Zinc Single Crystals xo = 83° 


Clean Crystals Copper-Coated Crystals 


Elongation, Temp, Elongation, Temp, 
Pet Deg C Pet Deg C 
0.0 Room 0.0 Room 
Temperature Temperature 
0.0 35 0.0 35 
0.0 42 0.0 50 
0.0 45 0.0 58 
0.0 50 0.3 65 
47.0 52 >17.0 70 
>30.0 55 >20.0 75 


Crystals x, = \ = 83°—Table I shows the brit- 
tle temperature in tension of clean and coated 
crystals to be about 50 and 70°C, respectively. This 
increase in brittle temperature due to a surface film 
is also shown in Fig. 3 in which the yield and cleav- 
age data are plotted as a function of temperature 
and each point represents an average value. For 
these crystals, the brittle temperature as observed 
from elongation data is also defined as the point of 
intersection of the flow and cleavage curves. Also, 
the presence of a surface coating causes o; to be- 
come independent of temperature below the inter- 
section temperature. 


Discussion 
Twinning had been found to play a vital role in 
the cleavage of both clean and coated crystals ori- 
ented x = 3°.’ It was determined that the less 
deformation by twinning, the greater the resolved 
mean maximum distance between twins, 0,* and the 


* In clean crystals, twins occur in clusters and the maximum dis- 
tance between twins is the distance between the clusters. In coated 
specimens, a homogeneous twin distribution is present and the 
maximum distance between twins is the distance between the twins 
themselves. The mean value of these maximum distances resolved 
in the slip direction has been termed (). 


lower op; = const. 

Fig. 4 is a plot of © as a function of temperature 
for both clean and coated crystals x, = 3°. It is seen 
that below the intersection temperatures ] was con- 
stant and therefore, ao, also should be and was. In 
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the remaining temperature ranges where cleavage 
occurred, © exhibited a marked dependence on tem- 
perature, increasing temperature causing © to de- 
crease; correspondingly, o, should and did increase 
with increasing temperature. At temperatures 
where ductile fracture resulted, 9 was again con- 
stant and had the same value, 0.30 mm, for both 
types of crystals. The higher cleavage curve of coat- 
ed crystals is seen to be directly related to the 
decrease in © due to the presence of a surface film 
which has been discussed elsewhere.* 

In addition, © is inversely related to the number 
of twins present. Since 2 was large and constant 
below the intersection temperatures while it de- 
creased with increasing temperature above them, the 
intersection temperature itself seems to be associated 
with the onset of the temperature dependence of 
twinning. Above the brittle temperature, the 0 
value of 0.30 mm for both types of crystals indicates 
that a constant large number of twins is present and 
that it is the maximum amount of twinning avail- 
able. Thus, the brittle temperature for crystals ori- 
ented xy = 3° seems associated with the onset of 
comparatively large amounts of slip subsequent to 
the completion of a constant maximum amount of 
twinning. Further, since the internal structures 
(twin distribution) of clean and coated crystals be- 
come identical above 60°C, no difference in brittle 
temperature would be expected. 

In crystals oriented x, = 83°, only basal slip takes 
place and the surface film acts as a barrier, decreas- 
ing oy. Since the effectiveness of the surface film 
should be independent of temperature at these tem- 
peratures, oy also should be and was temperature 
independent. 


Summary 


For zine single crystals oriented y, = 3°: 

1) A surface film raised both the cleavage and 
yield strengths, the increase in the former being 
greater than that in the latter. 

2) The brittle temperature for both clean and 
coated crystals occurred at between 60 and 70°C and 
is associated with the onset of large amounts of slip 
subsequent to the completion of a constant maxi- 
mum amount of twinning. 

3) The intersection of the flow and cleavage 
curves did not coincide with the brittle temperature. 
These intersection temperatures were found to be 
—80 and —100°C for clean and coated crystals, re- 
spectively, and are associated with the onset of the 
temperature dependence of twinning. 

4) o» was temperature independent below the in- 
tersection temperatures, while above, it became 
markedly dependent, increasing with increasing 
temperature. o, correlated with the resolved mean 
maximum distance between twins. 

For crystals oriented x = 83°: 

1) A surface film acts as a barrier to dislocations 
and decreased o, making it independent of tempera- 
ture. 

2) The brittle temperature coincided with the in- 
tersection temperature. A surface film raised this 
temperature 20°, from 50 to 70°C. 
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Technical Note 


Electroshaping of Copper Single Crystals 
by D. H. Avery, M. L. Ebner, W. A. Backofen 


PROCEDURE of accelerated electropolishing 
has been used to prepare a gage section in 
cylindrical single-crystal copper specimens for fa- 
tigue studies. The surface produced is both polished 
and dimensionally accurate to +0.001 in. with no 
distortion being evidenced in back-reflection photo- 
grams of the Laue type. The time for shaping is sub- 
stantially less than that required for acid-cutting. 
Fig. 1 shows schematically the apparatus for elec- 
troshaping. A stainless-steel wheel with a polished 
face dips into an aqueous solution of 30 pct ortho- 
phosphoric acid by weight. An insulating paint ap- 
plied to the sides of the wheel insures that the only 
current path is through the wheel face. The wheel 
rotates slowly in a lathe at approximately 90 sfm 
with the direction being reversed every 2 min. The 
crystal is mounted in a counterweighted jig and is 
made the anode in a d-c circuit with a current den- 
sity of about 9 amp per sq in. at the shaping inter- 
face. The use of such high current density is pos- 
sible, without danger of sparking, because of the 
continuous film of electrolyte maintained between 
the specimen and wheel. Owing to the shunting re- 
sistor, more current passes from the wheel into the 
bath than from the crystal into the wheel. Thus, 
metal accumulated on the wheel face, which might 
short through the fluid film or scratch the specimen, 
is removed at a greater rate at the wheel-bath inter- 
face than it is deposited at the shaping interface. 
The total operating time for completing one sur- 
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face of the specimen pictured in Fig. 1 (approxi- 
mately 19 g of copper removed) is about 2% hr. 
During operation the specimen is locked so that 
the surface being shaped is 1-2 mm above the wheel. 
If the metallographic examination is to be carried 
out, a final conventional electropolish may be 
desirable. 

In the initial design, the shaping wheel was cov- 
ered by a clean nylon typewriter ribbon secured to 
the wheel in a butt joint with Duco cement. An ad- 
dition of 10 pct ammonium persulfate to the electro- 
lyte promoted longer ribbon life by increasing the 
dissolution of loose and entrapped copper. Ribbon 
deterioration occurred in time, however, so that the 
method of shaping with only a fluid film between 
wheel and specimen has been preferred because of 
greater simplicity and the much longer time of con- 
tinuous operation. 

Electroshaping would seem to be sufficiently ver- 
satile to find other metallurgical application. In ad- 
dition to the production of test specimens, it could 
permit reductions in the time for preparing various 
metallographic samples. 
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Pyramidal Slip in Magnesium 
_ byR.E. Reed-Hill and W. D. Robertson 


__ Slip_on {1122} planes, which do not contain a close-packed direction, has been 
identified on crystals strained at —190°C. Evidence is also presented to show that 


{1011} pyramidal slip is a mode of deformation at 25°C in a limited orientation range. 
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slip {1011} <1120> in magnesium at 
elevated temperatures has been established for 
some time.” More recently, Burke and Hibbard? re- 
ported this mode of deformation at 25°C, but their 
results were questioned by Craig.‘ Also, as far as the 
present authors know, slip in magnesium on pyrami- 
dal planes of the second order, Type II ({1122}) has 
not previously been reported, although Gilman** 


identified ea. slip in another hexagonal metal 
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(zinc). In the course of a study of plastic deforma- 
tion and fracture of magnesium crystals strained 
with the tensile axis nearly parallel to the basal 


plane,” experimental evidence showed that {1011} 
<1120> is an active system at 25°C in a particular 


orientation, and that slip on {1122} planes can occur 
in magnesium. 


Results and Discussion 


(a) {1122} Pyramidal Slip—{1122} pyramidal 
slip was observed on rectangular specimens oriented 
with the tensile axis 2° from a <1010> direction 
and strained to fracture at —190°C, but not on sim- 
ilar specimens tested at 25°C, 150°C, and 286°C. 
Details of the testing and preparation of these speci- 
mens have been presented elsewhere.” Pyramidal- 
slip traces were visible on notch surfaces or on areas 
adjacent to the notch; shown schematically in Fig. 
1(a). The photographs in Figs. 1(b) and 1(c) show 
the appearance of the {1122} lines on a basal plane 
surface and notch surface, respectively. Stereo- 
graphic analysis of the slip bands visible on these 
two surfaces, at right angles, confirms within 2° 
the {1122} habit plane. 

Fig. 2 shows another view of the notch surface of 
the same specimen. In this case, the traces appear 
as slip bands and not lines, and it is probable that 
the traces visible in Fig. 1 are also bands. It is ap- 
parent that {1122} slip bands can cross each other. 
The fact that the bands are wavy is indicative of in- 
timate cross slip, but no definite evidence of promi- 
nent cross slip has been observed, even though both 
sets of {1122} traces belong to the same zone. 

There is evidently a strong tendency for prism 
{1010} and pyramidal {1122} slip bands to avoid 
crossing each other, although both forms frequently 
cross basal slip lines. The tendency of prism slip to 
avoid crossing the {1122} slip bands develops bands 
of secondary slip similar to those found by Honey- 
combe” in aluminum. One of these clusters of {1010} 
bands, paralleling {1122} slip bands, may be seen in 
Fig. 3. 

Recently, Gilman reported the <1123> direction 
as the slip direction for <1122> slip in zinc. The ex- 
perimental evidence indicates that this is an im- 
probable slip direction for pyramidal slip in mag- 
nesium. The plane of the photographs in Figs. 1(c), 
2 and 3 is very close to a {1010} plane. The intersec- 
tions of the operating slip planes with the surface 
are, therefore, <1123> directions, which signifies 
that the slip direction is parallel to the observed 
traces. However, {1122} slip bands are most clear- 
ly resolved on the {1010} surface and fade away as 
they approach the basal plane, Fig. 1(b). Further- 
more, if the shear direction were parallel to the sur- 
face in these photographs, large displacements 
might be expected where {1122} traces cross prism, 
basal, or other {1122} slip bands. This has not been 
observed on the surfaces in question. _On the other 
hand, if the slip direction was the <1010> direction, 
which is the zone axis for both {1122} planes, the 
slip direction would be perpendicular to the speci- 
men surface and negligible displacements could be 


expected. 
Additional confirmation for the assumption that 


the slip direction for {1122} slip is the <1010> direc- 
tion may be seen in the back-reflection Laue photo- 
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graph of Fig. 4(a) of an area on the basal plane 
surface adjacent to the notch. The asterism of the 
spots is complicated by several rotations, but the 
dominant pattern is almost identical to that predict- 
ed for a rotation about an axis lying in a {1122} 


plane and perpendicular to a <1010> slip direction.’ 


Cig, \ 
AXIS AXIS \\ 
\ 
NOTCH 
| SURFACE 
Is 


la—Schematic representation showing that {1122} slip bands 
were observed on notch surfaces and basal-plane surfaces 
adjacent to the notch. 


1b—Basal plane surface. {1122} slip bands appear as faint 
lines approximately 30° from the vertical. Note that they 


are perpendicular to traces of {1012} twins and make a 30° 


angle with {1010} prism slip-band traces (upper right of 
photograph) X400. 


Ic—Notch surface, approximately {1010}. Two sets of fine 


£1122} slip traces are visible making angles of 58° with 
the horizontal basal-plane traces. Vertical slip traces 


{1010}. X350. 


Fig. 1—{1122} pyramidal slip on a magnesium single crystal 
strained to fracture in tension at —190°C. 
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Fig. 2—Coarse wavy intersecting {1122} slip bands. Notch 


surface, approximately {1010}. Horizontal traces basal slip. 
X225. 


The indicated axis is shown in Fig. 4(b) and the 
predicted asterism in Fig. 4(c). Assuming that the 
asterism is the result of a Taylor rotation, then the 
observed pattern corresponds to slip along a <1010> 
direction. 

(b) {1011} Pyramidal Slip at 25°C—Fig. 5 shows 
£1011} slip bands on a cylindrical specimen (8 mm 
diam by 10 mm long gage section) as two sets of 
parallel white lines equally inclined to the horizontal 
(about 45°). (Note that the extreme right member 
of the 8 lines with the negative slope is not one of 
the slip bands in question.) That there is no doubt 
these traces lie on {1011} planes may be seen in the 
stereographic projection of Fig. 6 where goniometric 
measurements of the traces fall well within the ex- 
perimental error on {1011} planes. 

Similar slip bands have been found on a second 
cylindrical specimen with the same orientation as 
the crystal shown in Fig. 6, and on a rectangular 
specimen with a similar orientation (stress axis to 
<0002> and <1010>, 85° and 18° respectively). 
It is interesting to note that pyramidal slip bands 
were not observed on specimens oriented with the 


stress axis nearly parallel to a <1010> direction 


(a) Laue photograph. 


(b) Orientation of pole of rotation, [1213]. 


Fig. 3—Bands of secondary slip {1010} running between 
{1122} slip bands. Notch surface approximately {1010}. 
Horizontal traces basal slip, vertical {1010} and traces at 
58° to basal slip {1122}. X350. 


(<5°). The present results are, therefore, in agree- 
ment with those of Burke and Hibbard® relative to 
the orientation dependence of pyramidal slip at 25°C 
on a crystal specimen with an orientation 84 and 18°. 


On all three specimens, {1011} pyramidal slip 
appeared in the form of large discrete slip bands 
clearly visible at low magnifications (X8). Exami- 
nation at moderate magnifications shows that the 


{1011} slip bands are connected by cross-slip on the 
basal plane. In this respect, the present observa- 
tions differ from those of Burke and Hibbard who 
found fine, straight, and continuous slip lines similar 
to those associated with basal slip. Another point 
of difference between the two observations of py- 
ramidal slip at 25°C is in the magnitude of the ori- 
entation factor (cos ¢ cos d) for the active slip sys- 


tems. Burke and Hibbard observed {1011} slip on 
the plane least favorably inclined with respect to the 
tensile stress-axis, and explained their observation 
in terms of grip constraints to plastic flow. However, 
in the present case, in spite of the fact that the slip 
bands have been found in regions of nonuniform 
stress (i.e., near fillets, grips, and fractures) the 
bands have formed on planes of high orientation fac- 
tor computed in terms of the external applied tensile 
stress. Thus, the bands in Fig. 5 lie on the two most 
favorably aligned pyramidal planes. Therefore, 
there is nothing in the present data which conflicts 


/ 
= 
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(c) Predicted asterism for a [1213] rotation. 


Fig. 4—Laue back-reflection photograph of basal plane surface adjacent to notch. Asterism corresponds to a rotation about an 


axis in a {1122} plane and perpendicular to a <1010> direction. 
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Fig. 5—{1011} <1120> slip bands on a cylindrical single- 
crystal tensile specimen strained at 25°C. Horizontal rows 
of etch pits correspond to trace basal plane would make on 
specimen surface. X8. 


Fig. 6—Stereo- 
graphic projection 
of the {1011} 
<1120> slip 
bands shown in 
Fig. 5. 


DIG. Al 


with the empirical rule which states that slip will 
occur on that slip system of a set of crystallographi- 


cally equivalent systems which has the highest re- 
solved shear stress. 


All specimens which exhibited {1011} slip bands 
fractured at high stress levels (16,000 to 23,000 psi) 
and with negligible ductility (see Fig. 5). The high 
loads to fracture, the limited ductility at 25°C, and 


the apparent rarity of {1011} slip bands all point to 
the fact that pyramidal slip is not important in pro- 
ducing plastic deformation at room temperature. 


Conclusions 


1) {1122} slip bands have been identified on speci- 
mens strained to fracture at —190°C. The asterism 
found in a Laue back-reflection photograph and mi- 
croscopic observation of slip lines indicate that the 


slip direction is probably <1010>. 


2) Large discrete {1011} pyramidal slip bands 
have been observed on specimens strained in tension 
at 25°C with the tensile axis in the basal plane and 


approximately 17° from a <1010> direction. 
3) The high loads to fracture, the limited ductility 


at 25°C, and the apparent rarity of {1011} slip bands 
all point to the fact that pyramidal slip is not an 
important mode of plastic deformation at room tem- 
perature. 
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Technical Note 


The Effect of Dissolved Tin on the Lattice Parameter of Copper 


by A. F. Andresen 


N the course of another investigation the lattice 

parameters were determined for a series of com- 
positions of tin in copper. Ten-gram samples of the 
alloys were made from spectroscopically pure tin 
and copper. The metals were weighed and placed 
in graphite capsules (previously fired at 5500°F) 
which were then sealed individually in evacuated 
vycor tubes. The tubes were mounted on a spit, 
transverse to its axis, which continually rotated the 
melts in a furnace. 

After homogenizing, filings were made of one 
third of each slug by filing off a complete cross sec- 
tion. A 325-mesh sieve was used to obtain the pow- 
der for the X-ray determination. The sieved pow- 
ders were annealed in vacuo at 600°C for 24 hr to 
remove the cold work, and then quenched. 

The lattice parameters were determined with a 
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flat-plate back-reflection camera using CuKa radia- 
tion (Aa = 1.5405A, da = 1.5443A). With this radia- 
tion the (331) and (420) reflections appeared close 
to the focusing region. As reference lines were used 
the same reflections from pure copper powder, be- 
tween which the (420) lines of all these alloys are 
situated. The variation of the systematic error over 
this angular range was found to be less than the es- 
timated experimental error +0.0005A which is in- 
dicated in Fig. 1 for all but the sample with 8 pct 
Sn. As a check some of the powders also were ex- 
amined in a regular Debye-Scherrer camera with 
the Straumanis film mounting. The parameters were 
here evaluated by extrapolation against cos’# to 

The results are shown in Fig. 1 where the lattice 
parameters in Angstrom units are plotted as a func- 
tion of weight percent of tin. The reflection lines 
for the 8 pct alloy were not clear at first, perhaps 
due to coring. Several measurements were made 
after different annealing programs on two separate 
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8 pct compositions which had been made. The data 
point at 8 pct is an average of these determinations. 
It can be seen that the solid curve connecting the 
data points is concave upward. Several other de- 
terminations of the lattice parameter versus com- 
position of this alloy system have been made in the 
past,’ and the data points always have been con- 


nected by straight lines. The upper dashed curve in 
Fig. 1 is the line determined by Westgren and 
Phragmén and the lower one is that of Owen and 
Iball (converted to Angstrom units). Most of the 
other investigators give lines between these two. 
The deviations between the lines from earlier de- 
terminations are greater than could be assigned to 
experimental error. Although some of these devia- 
tions might be explained by differences in sampling 
techniques, part of the disagreement may arise from 
the curvature of the line demonstrated here. 

The author would like to express his gratitude to 
the Royal Norwegian Council for Scientific and In- 
dustrial Research for a scholarship under which this 
work was carried out. 
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Effect of Deformation and Low Temperatures on 


the Structures of AgCd and AuZn 


by D. B. Masson and C. S. Barrett 


Martensitic transformations have been found in AgCd both upon cold-working at 
room temperature and cooling to lower temperatures. The crystal structures of the trans- 
formation products were found to be close-packed hexagonal in the first case and or- 
thorhombic in the latter. The transformation characteristics also were studied. Similar 
treatment of AuZn alloys failed to yield any transformation. 


HE literature on martensitic transformations of 

body-centered cubic metals and alloys indicates 
widespread instability of this structure at low tem- 
peratures, a tendency which merits further study. 
The body-centered cubic 6-phase of CuZn, for ex- 
ample, when it contained less than 42 wt pct Zn, 
was found by Greninger and Mooradian’ and others’ 
to transform on cooling to subzero temperatures 
to a phase that was tentatively considered to be 
tetragonal. Further work by Massalski and Barrett*® 
demonstrated that cold work at low temperatures 
causes a partial transformation of 8 CuZn of higher 
Zn content. The structures of the strain-induced 
transformation products were found to be different 
from those induced by simple cooling. Another 
well-known martensitic transformation among body- 
centered cubic phases is that of 8 AuCd, first stud- 
ied with X-rays by Olander,‘ then very thoroughly 
by Chang and Read.”® Here again transformation 
was found to occur both as a result of cooling and of 
strain. The alkali metals Li and Na, as well as cer- 
tain Li-Mg alloys,”* also undergo transformation 
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from their normal body-centered cubic structure, 
both on cooling and on cold-working. 

The phase AgCd, the subject of the present re- 
port, should be expected to behave quite similarly 
to CuZn for a number of reasons. It is the chemical 
analogue of CuZn, silver being directly below cop- 
per and cadmium directly below zinc in the periodic 
table. The size factors (percent difference in size) 
of the atoms, possibly a consideration in the stability 
of the B-phases, are +3.1 in AgCd and 44.2 in 
CuZn. Likewise the relative electronegativities of 
the two pairs of metals are about the same, CuZn 
possessing an electronegativity difference of 1.0 and 
AgCd one of 0.8. These values are from a table of 
electronegativities given by Darken and Gurry.’ The 
phase diagrams of the two systems around 50 atomic 
percent are similar, both possessing a disordered 
body-centered cubic phase, 8, at high temperatures 
and an ordered bcc phase, f’, at room temperature; 
however, the 8 and f’ phases of AgCd are separated 
by a hexagonal phase, ¢, stable in the range 220- 
440°C, which has no analogue in CuZn. 

There has been confusion in the literature as to 
the structures of the ~’ and ¢-phases. The phase 
diagram in the ASM handbook” has the structures 
of the two phases interchanged; however, Hansen" 
reports the correct relative positions and Muldawer” 
verified that @’, the low-temperature phase, is body- 
centered cubic. Work by the present authors also 
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shows that AgCd samples of about 50 atomic per- 
cent, annealed below the {> f’ transformation tem- 
perature for 3 weeks, possess the body-centered 
cubic structure. 

The evidence that #’ is ordered at room tempera- 
ture is indirect, because the nearly equal scattering 
factors of silver and cadmium do not allow super- 
lattice lines in X-ray diffraction patterns of AgCd 
alloys. Olander" is commonly cited as proving that B’ 
is ordered, but his assumption is not proved by his 
data since none of his emf measurements were made 
at temperatures within the stability range of the p’- 
phase. Attempts made to detect order with X-rays 
from an Sn target,“ making use of anomalous scat- 
tering near an absorption edge, were unsuccessful. 
However, measurements made by Késter™” on the 
temperature dependence of the elastic modulus of 
8’ AgCd indicated definitely that it was ordered at 
room temperature, even when quenched from the 
high-temperature disordered phase. It is therefore 
apparent that, as in CuZn, the disorder of the high 
temperature 6-phase cannot be retained by quench- 
ing. 

In contrast to the similarity of CuZn and AgCd, 
the difference between the $-phases in CuZn and 
AuZn would allow variation of some of the factors 
which might influence the stability of the beta 
phases. Hume-Rothery”™ has noted that a large size- 
difference between two atoms seems to favor a 
body-centered cubic structure. AuZn has a size 
factor of —7.9, much larger than either CuZn or 
AgCd. The difference in electronegativities between 
gold and zinc is also larger than was the case with 
CuZn and AgCd, this value being 1.9 in AuZn and 
1.0 and 0.8, respectively, with the other two alloy 
systems. This increased difference in electronega- 
tivities is reflected in the equilibrium diagram in 
that AuZn is ordered from room temperature to 
its solidus temperature, whereas the f-phases in 
both AgCd and CuZn are disordered at high tem- 
peratures. The presence of order can be detected 


readily by X-ray methods in the case of AuZn be- 
cause of the intense superlattice lines observed. 


Experimental Procedure 

The AgCd samples were made of silver of 99.99 
pet and cadmium of 99.9 pct purity. Predetermined 
weights were cast in sealed transparent Vycor tubes 
under 1 atm of helium. While fused, the metal in the 
tube was shaken vigorously to ensure thorough mix- 
ing, after which it was quenched in cold water to 
minimize segregation on solidification. After the 
pellet was removed from the casting tube, the upper 
surface, which might have been poor in cadmium 
because of volatilization, was cropped off. The cast 
pellet was homogenized in a sealed Pyrex tube 
under helium at 550°C for 1 week, then quenched in 
iced brine. One-half gram samples were cut from 
each end and titrated for silver with standardized 
KSCN solution, using ferric ion as an indicator. Both 
analyses showed the composition to be 51.96 + 0.04 
pet silver by weight. Cadmium was determined by 
difference. 

Since powder techniques were to be used, filings 
were then prepared from the quenched pellets. Half 
of these were screened through 300 mesh, sealed in 
Pyrex tubing under helium, stress-relief annealed 
at 600°C for 20 min and quenched in iced brine. 
An X-ray diffraction pattern of the quenched filings 
at room temperature was then made to see if the 
quench had successfully suppressed the precipitation 
of a; this was found to be the case, for only the 
body-centered cubic reflections were found, Fig. 
1(a). These filings were then cooled to —196°C and 
X-ray diffraction patterns were taken at that tem- 
perature with a low-temperature spectrometer de- 
scribed elsewhere.’ Filtered CuKa radiation was 
used. The powder pattern of the structure present 
at —196°C is shown in Fig. 1(b). 

A second batch of filings was made from the pellet 
at room temperature, screened through 300 mesh, 
and mounted on a powder spectrometer immedi- 


2il 


ite) 


(a) 


Fig. 1—X-ray diffraction pat- 
terns from AgCd filings. (a) 
(top): body-centered cubic pat- 
(b) tern from filings annealed at 
550°C and quenched in iced 
brine. (b) (center): pattern at 
—196°C from __ orthorhombic 
phase induced by simple cooling. 
(c) (bottom): pattern from hexa- 
gonal structure induced by de- 
formation at room temperature. 


(c) 
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Table |. X-Ray Diffraction Data from AgCd at —196°C 


Obs Cale 
Obs Obs d Obs d Inten- Inten- 
hkl sin 9 (Uncorr) (Corr) Cale d sity sity 
110 0.29187 2.614 2.629 2.628 21 22 
020 0.31432 2.431 2.442 2.445 53 48 
002 0.32111 2.381 2.392 2.389 87 74 
111 0.33315 2.296 2.306 2.303 200+ 240 
021 0.35299 2.169 2.177 2.176 45 45 
112 0.43445 1.767 Terie 1.768 17 14 
022 0.44994 1.707 1.710 1.709 34 34 
200 0.49364 1.557 1.559 1558 20 19 
130 0.53317 1.442 1.444 1.444 29 21 
131 0.55717 1.380 1.382 1.382 20 12 
113 0.56482 1.362 1.363 1.362 50 41 
023 0.57657 1.334 1.335 1.335 6 9 
220 0.58637 1312 1.313 1.314 : 12 
3 

202 0.58962 1.305 1.306 1.305 20 
221 0.60738 1.267 1.268 1.267 10 21 
132 0.62306 1.235 1.236 1.236 24 25 
004 0.64452 1.194 1.195 1.195 10 8 
041 0.65038 1.184 1.184 1.184 18 14 
222 0.66900 2.151 1.151 iibayil 23 16 

133 1.070 
0.71873 1.071 1.072 16 13 

024 1.073 
223 0.76052 1.013 1.013 1.014 13 9 
311 0.77561 0.9932 0.9934 0.9938 18 19 
043 0.79463 0.9695 0.9696 0.9698 10 10 
204 0.81249 0.9482 0.9484 0.9481 10 10 
241 0.81765 0.9424 0.9425 0.9429 22 20 
150 0.82610 0.9327 0.9328 0.9331 alah 10 
134 0.83715 0.9204 0.9205 0.9206 13 16 
115 0.85798 0.8981 0.8982 0.8982 9 19 
224 0.87198 0.8837 0.8838 0.8840 13: 13 
330 0.88006 0.8756 0.8757 0.8760 5 9 
152 0.88749 0.8683 0.8684 0.8692 20 23 
313 0.89979 0.8564 0.8565 0.8566 nln 22 
332 0.93704 0.8225 0.8226 0.8224 84 23 


ately after filing with no stress-relief anneal. The 
diffraction pattern obtained at room temperature 
from filings subjected to this treatment is shown in 
Fig. 1(c). 


Results 

It is obvious from Figs. 1(a), 1(b), and 1(c) that 
body-centered cubic AgCd containing 52.0 pct Ag 
can be made to transform quite readily to another 
structure. The low temperatures at which this occurs 
precludes a diffusion mechanism for the transition. 
The three patterns observed were obviously ob- 
tained from three different structures. The trans- 
formation was later proved to be 100 pct complete 
in the case of Fig. 1(b), and almost complete in the 
case of Fig. 1(c)—a trace of the body-centered 
cubic 110 peak can still be detected in the latter. 
The diffraction maxima in Fig. 1(c) are consider- 
ably broader than those in Fig. 1(a) or i(b) be- 
cause they are from cold-worked filings. 


The AgCd Phase Formed on Cooling 

The observed sin @ values from Fig. 1(b), the 
low-temperature diffraction pattern, are given in 
Table I. From the number and spacing of lines, any 
cubic structure was immediately excluded. The pos- 
sibility of either a hexagonal or tetragonal unit 
cell was excluded after an unsuccessful attempt was 
made to fit the lines to the corresponding Bunn 
charts. However, an analytical method for the solu- 
tion of orthorhombic structures suggested by Jacob 
and Warren” was found to explain the observed 
diffraction maxima satisfactorily. The solution 
makes use of the expression relating the lattice 
spacings to the reciprocal lattice points in an or- 
thorhombic system; namely 


1 


When a weighted average of unresolved CuKa, 
and Ka, of \ = 1.54178A was used to calculate d’ 
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from the observed sin 6, it was found that when the 
coefficients a**, b*? and c** in Equation [1] are given 
the values 


_ 6.1030 h? + 0.04182 k? + 0.04379 [2] 


every diffraction maximum could be accounted for. 

The final values of these coefficients were calcu- 
lated from a Cohen’s least-squares analysis,” utiliz- 
ing eight of the sharpest peaks toward the high- 
angle end of the spectrogram. The drift coefficient, 
D, from Cohen’s equations was used to correct the 
observed sin? @ values for systematic errors. The 
corrected lattice spacings appear in Table I com- 
pared with the uncorrected observed spacings and 
the spacings calculated from the lattice parameters 
for —196°C. The latter were found to be 


3:116 + 0.002A; 
b = 4.890 + 0.005A 
c = 4.779 + 0.005A 


The fiduciary limits were calculated for 50 pct 
probability from the method suggested by Jette and 
Foote.” It can be seen from Table I that the cal- 
culated lattice spacings compare quite favorably 
with the corrected observed spacings, except at 
angles less than 30° (i.e., sin” 0.5) where the sys- 
tematic error correction used was not expected to be 
applicable. 

From the measured unit-cell volume and the den- 
sity calculated from the cubic structure before 
transformation, which must be nearly the same as 
the density after tranformation, it was calculated 
that there are 4 atoms per unit cell. It also was 
found that when the lines are indexed according to 
Equation [2], the extinctions are such that in all 
cases 


h+k=2n 
in all 
in all hol 2n and 
in all hkO h+k=2n 
in all h00 
in all 0k0 
in all 001 


From the crystal-structure tables” it can be seen 
that only the space groups D.° — C222, and D,,* — 
Cmem in the orthorhombic system account for those 
characteristics. In the special case of 4 atoms per 
unit cell, the observed restrictions on hkl listed in 
the foregoing allow only the following point posi- 
tions within either space group 


A comparison of the calculated and observed in- 
tensity ratios of adjacent peaks showed that the best 
fit was obtained when y = 0.195 + 0.005. Both cal- 
culated and observed intensities are also listed in 
Table I. The calculated intensities were obtained by 
correcting the |F|* of the scattering-factor equation 
for multiplicity, polarization and the Lorentz factor. 


The AgCd-Phase Formed by Cold Work 


The sin @ values from the diffraction maxima at 
25°C of Fig. 1(c), the structure induced by cold 
work, appear in Table II. It seemed apparent from 
inspection that Fig. le is a close-packed hexagonal 
powder pattern, and it was found that the observed 
reflections could be explained by that structure. In 
Table II the observed lattice spacings are compared 
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Table Il. X-Ray Diffraction Data from Cold-Worked AgCd at 25°C 


hkl sin @ Obs d Cale d 
100 0.30037 2.5665 

2.5736 

vee 0.31995 2.4094 2.4144 

ies 0.33841 2.2780 2.2703 

tt 0.43743 1.7623 1.7604 

0.51892 1.4856 1.4856 

iss 0.56497 1.3645 1.3645 

Boa 0.60932 1.2652 1.2652 

0.63877 1.2068 1.2071 


with spacings calculated from the following hexa- 
gonal lattice parameters: 


a=2.9710+0.0001A, c=4.8279+0.0003A, =1.6250. 
a 


The agreement is good at high angles, and at low 
angles the observed spacings are low as would be 
expected from the effect of absorption and other 
systematic errors. The shift of the 101 reflection to 
lower 26 than the calculated may be due in part to 
a small remaining trace of the cubic 110 peak. The 
relative intensities of the lines are as would be ex- 
pected. 

Identification of the strain-induced structure as 
close-packed hexagonal is further strengthened by 
the broadened character of the 100 and 101 lines, 
where H-K=3n+1, compared with the sharp 
character of the 002 line, where H-K = 3n. These 
characteristic broadenings are predicted for diffrac- 
tion from a faulted hexagonal structure and have 
been observed in analogous strain-induced hexa- 
gonal phases.’ The shift of 101 and 102 lines also 
may indicate the presence of stacking faults. 


Course of Transformation 

The degree of completion of martensitic trans- 
formations such as those reported here has been 
found to depend largely on the alloy system. Titch- 
ener and Bever’ indicate that the transformation of 
8 CuZn on simple cooling is 100 pct complete; Chang 
and Read® have found the same to be true with 
AuCd. However, Barrett”* has observed that the 
transformation in Li, Na, and the Li-Mg alloys does 
not go to 100 pct completion even if the sample is 
severely cold-worked at temperature. Similarly, 
martensitic transformations generally do not attain 
full completion in most steels.” 

It therefore seemed desirable to study the course 
of the transformations and the extent to which the 
new phases were formed. This required that the 
amount of cubic phase initially present be known, 
as well as the amount remaining after transfor- 
mation. Fig. 1(c) shows that the only body-centered 
cubic line remaining in the pattern is the 110 (very 
weak) appearing as a shoulder on the more intense 
hexagonal 101 line, indicating that this phase is 
present in very small amounts. Microscopic exami- 
nation under polarized light of the quenched pellet 
from which the filings were made showed it to con- 
sist initially of about 95 pet cubic and 5 pct hexa- 
gonal phases. Therefore it can be concluded that 
the cold work caused by filing transformed the 
structure from predominantly body-centered cubic 
to predominantly close-packed hexagonal. 

The extent of the transformation to the ortho- 
rhombic phase was not so easily determined. Dif- 
fraction patterns made from the filings before cool- 
ing showed the initial structure to be 100 pet cubic, 
Fig. 1(a). However, the amount of cubic remaining 
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after the transformation, if any, could not be ascer- 
tained immediately because of the superposition of 
the most intense cubic and orthorhombic peaks, 
since a small shift of the cubic 110 with thermal 
contraction on cooling might cause it to be obscured 
by the intense orthorhombic 111. To ascertain that 
sae was not the case, the following apparatus was 
uilt. 

A copper specimen-mount wound with a heating 
coil was soldered to one end of a 1%4x%%-in. brass 
rod. The other end of the brass rod was in turn 
soldered to a % in. copper rod. The powder sample 
was varnished to a flat surface on the specimen 
mount, and the entire assembly was arranged on a 
G.E. XRD-3 spectrometer so that the sample could 
be aligned in the X-ray beam while the upper end 
of the copper rod was immersed in a reservoir of 
liquid nitrogen. Styrofoam, transparent to X-rays, 
was used for thermal insulation. By varying the 
current to the heating coil on the specimen holder 
any desired temperature gradient could be attained 
along the brass rod. In this manner sample tem- 
peratures from —196°C up could be obtained and 
held as long as needed. A thermocouple element 
was varnished to the same surface as the sample in 
a position just outside the beam. 

Using this apparatus a series of diffraction patterns 
was made at different temperatures throughout the 
transformation range. These showed very clearly 
that as the temperature was decreased the cubic 
110 line gradually diminished in intensity, and the 
orthorhombic 111 peak appeared beside it with in- 
creasing intensity. When both lines were present 
they were clearly resolved. The complete disap- 
pearance of the 110 line shows that the transforma- 
tion of the f-phase of AgCd to the orthorhombic 
phase goes to completion on cooling. Furthermore, it 
was found that the orthorhombic phase reverted 
completely to body-centered cubic on heating. 

This equipment also was used to determine the 
temperature of beginning and completion of trans- 
formation. The Geiger counter of the spectrometer 
was set to receive the orthorhombic 020 peak (the 
most intense orthorhombic reflection without an 
adjacent interfering cubic reflection). The sample 
was then cooled slowly and the intensity of the dif- 
fracted beam measured at intervals of about 5°C. A 
typical cooling and heating curve is shown in Fig. 2. 
It was found that the most reproducible measure of 
the transformation temperature was obtained when 
the intensity versus temperature curve was extrapo- 
lated back to 0 pct transformation product (or to 
100 pct transformation product for the temperature 
of completion). The temperatures labeled M, and A, 
in Fig. 2 are those at which the transformation first 
occurs on cooling and heating, respectively, and 
those labeled M, and A, are the temperatures at 
which the corresponding transformation is complete. 
The temperatures recorded in Fig. 2 were found to 
be reproducible to +1°C if a new sample was used 
for each temperature cycle. If the same sample was 
carried through several cooling and heating cycles 
the transformation became more difficult to initiate 
and the temperature of appearance of the ortho- 
rhombic phase was depressed. Presumably this is 
a result of cold work caused by the transformation. 


Stability of Beta AuZn 


Experiments almost identical to those reported 
for AgCd also were performed on several alloys of 
8B AuZn of about 50 atom percent composition with 
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Fig. 2—Intensity of orthorhombic 020 reflection as a function 
of temperature on cooling and heating. Intersections of extra- 
polations indicate transformation temperatures reported in 
text. 


very different results. Alloys were cast from gold of 
99.9 pet and zinc of 99.99 pct purity, homogenized, 
and quenched as was done with AgCd. X-ray dif- 
fraction patterns made from annealed filings at 
—196°C showed only the presence of the original 
cubic structure. Samples cold-worked by filing at 
room temperature and X-rayed at room tempera- 
ture also failed to yield diffraction maxima other 
than those expected from the cubic phase. To in- 
vestigate the possibility of a transformation below 
—196°C a metallographic surface was prepared on a 
pellet of AuZn which was then cooled to —268°C 
using liquid helium. Subsequent examination of the 
surface at room temperature failed to reveal any of 
the characteristic markings generally left by a mar- 
tensitic transformation cycle. It was therefore con- 
cluded that no transformation from the normal 
body-centered cubic structure of AuZn could be in- 
duced by either cooling to —268°C or by cold work 
at room temperature. 


Discussion 

The observations reported here show that the 
same instability exists in the AgCd §-phase that has 
been found previously in other body-centered cubic 
metals and alloys. The dual nature of the transfor- 
mation product, different structures being induced 
by deformation at room temperature on the one hand 
and cooling on the other, is similar to the behavior 
of 8 CuZn, although the new structures found in 
AgCd are somewhat different from those observed 
in CuZn. Since the structure of the new CuZn 
phases have been found to be dependent upon com- 
position, it should not be assumed that there will be 
no variation of structure with composition in AgCd 
alloys. 

In neither of the transformations reported here 
for AgCd does the volume per atom change ap- 
preciably. The low-temperature orthorhombic struc- 
ture formed on cooling has a calculated volume per 
atom at —140°C of 18.20A’*, as compared with 
18.23A® in the cubic phase at this temperature. A 
slight increase in volume from 18.39A® to 18.45A? 
per atom is noted in the transformation at room 
temperature from cubic to hexagonal, but this also 
is accompanied by severe cold work. Therefore 
it would appear that a decrease in volume per atom 
is not a salient factor in causing either transfor- 
mation. 
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Reference to a three dimensional model of the 
orthorhombic low-temperature phase shows that it 
may be regarded as a moderate distortion of the 
original body-centered cubic structure. Within the 
possible error of the determination of the parameter 
y in the structure analysis, each atom has eight clos- 
est neighbors, four being at 2.899A and four at 
2.903A. The difference in these spacings is within 
the probable error of the lattice parameters. At a 
temperature just above M, the distance of closest 
approach in the body-centered cubic cell is 2.872A. 
The six second nearest neighbors in the cubic struc- 
ture, at a distance of 3.316A, are shifted by the 
transformation so that two have approached to 
3.058A, two to 3.116A, and two have been removed 
to 3.822A. Thus the over-all effect is a slight in- 
crease in the distance of the nearest neighbors, but 
a substantial decrease in the distance of four of the 
six second nearest neighbors. Although it has not 
been proved that this is necessarily the mechanism 
of the transformation, the distortion of the cubic 
structure can be reproduced by a compression of 
6 pct in the [100] direction, expansions of 4.1 pct 


and 1.9 pct along the [011] and [011] directions, re- 
spectively, and a glide of alternate (011) planes in 
the [011] direction with respect to the interleaving 
planes, which are unshifted. The amount of this 
glide is 11.4 pct of the face diagonal of the unit cell. 

The new structure bears a great resemblance to 
the orthorhombic unit cell reported by Olander for 
AuCd, but the space groups are different. In the 
V, space group assigned to AuCd by Olander, some 
lines with h+k odd are allowed, among them the 
011 and 100. No trace of either of these reflections 
was seen in our AgCd diffraction patterns, yet the 
intensities calculated by Olander show that the 011 
and 100 were more intense than some lines with 
h+k even, allowed by the D.," space group assigned 
to AgCd, and observed by us. Therefore it is be- 
lieved that the two orthorhombic structures are 
slightly different, although the co-ordinates of the 
equivalent points come out to be almost the same. 

The reversible nature of the transformation on 
cooling has been mentioned, and it should be noted 
that there is a remarkably small difference between 
the temperatures at which the transformation starts 
on cooling (M,) and on heating (A,). At the tem- 
perature at which a martensitic transformation be- 
gins on cooling, the high-temperature phase must 
have a higher Gibbs free energy than the low- 
temperature phase. Furthermore, the temperature 
at which the free energies of the two phases are 
equal must be somewhere above M, because of the 
undercooling presumably necessary to overcome the 
activation energy and initiate the transformation. 
By similar reasoning, the temperature of equal free 
energies would be expected to lie below A,. How- 
ever, in the present case, M, and A, are separated 
by only 3°, indicating that a very small amount of 
undercool must be necessary to initiate the trans- 
formation. As is characteristic with transformations 
of this type, progress of the transformation is halted 
completely when cooling or heating is halted. How- 
ever, the phenomenon of stabilization was not ob- 
served, and a small change in temperature is suffi- 
cient to initiate further transformation after holding 
for a time at constant temperature, boi> in cooling 
and in heating cycles. 

It is quite possible that some of the confusion in 
the literature as to the correct structure of the 
8'-phase of AgCd can be ascribed to the transfor- 
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mation from cubic to hexagonal induced by cold 
work. Powder samples filed at room temperature 
were almost entirely hexagonal; those annealed be- 
low the (> #’-transformation were found to be 
body-centered cubic. Therefore in tests on unan- 
nealed filings the 8’-phase would appear to be hexa- 
Brea as it is erroneously given in the ASM hand- 
ook. 

A study of the temperature dependence of the 
transformation as a function of composition is now 
In progress, as well as the effect of cold work at 
different temperatures on the structures of the ini- 
tial and final phases. 

Summary 

X-ray diffraction from powdered samples showed 
that body-centered cubic AgCd containing 52.0 pct 
silver by weight undergoes martensitic transforma- 
tions both upon deformation at room temperature 
and upon simple cooling to subzero temperatures. 
The structure induced by deformation was identified 
as close-packed hexagonal with c=4.8279+0.0003A, 
a=2.9710+0.0001A, c/a=1.6250 at 25°C. The struc- 
ture induced by simple cooling was found to possess 
an orthorhombic unit cell containing four atoms 
with the space group D.,“-Cmcm. The lattice pa- 

~rameters of the orthorhombic cell at —196°C were 
calculated to be a=3.116+0.002A, b=4.890+0.005A, 
c=4.779+0.005A. 

The transformation caused by cooling was found 
to start at —146°C and to reach full completion at 
—164°C; reversion of the orthorhombic structure to 
cubic on heating was observed to start at —149°C 
and to reach completion at —138°C. The transfor- 
mation induced by cold work at room temperature 
also was found to be almost complete—only a trace 
of the most intense reflection of the cubic phase was 
still observed after filing. é 


Cooling 8 AuZn of about 50 atom percent com- 
position to —196°C and —268°C or cold-working at 
room temperature failed to induce a transformation. 
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| Size Effects in the Deformation of Aluminum 


by R. L. Fleischer and Bruce Chalmers 


In order to observe size effects associated with a grain boundary, aluminum single crystals 
and bicrystals of various cross-sectional dimensions were deformed in tension. Typical stress-strain 
curves are presented in conjunction with measurements of the effects of changes in crystal dimen- 
sions. Some effects of the growth rate used in preparation of crystals are also described. It is in- 
dicated that the macroscopic constraints at a grain boundary are responsible for the most prominent 
grain-boundary effect, the production of multiple slip. Two measurements of the width of the re- 
gion of double slip are in agreement. It is concluded that the yield stress of aluminum is affected 


markedly by the inherent oxide coating. 


HE general problem to be examined is that of 
A dimensional effects in the plastic deformation 
of metal crystals. These effects will be termed “size 
effects” and are here defined as follows: A size effect 
occurs in a series of crystals if their plastic-deforma- 
tion properties are a function of crystal dimensions. 
Clearly then size effects depend on the nature of the 
boundary conditions imposed on the crystal. Crystal 
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boundaries can be of three types: interphase, inter- 
crystalline, and free surface. Such deformation 
effects as are caused by distribution of phases, grain 
size, lineage structure, and single crystal external 
geometry are specific types of size effects. 

This discussion will be confined primarily to 
grain-boundary and_ single-crystal size effects, 
though in practice most “single crystals” not only 
have a number of small angle boundaries but also 
have one or more surface phases, so that the bound- 
ary conditions appropriate to a free surface do not 
necessarily apply. Hence, to this extent interphase 
size effects will be considered. 

The question of size effects associated with grain 
boundaries (called here intercrystalline size effects) 
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has been the subject of inquiry for many years. Two 
basic approaches have been used, that of varying the 
grain size in a series of samples’* and that of ob- 
serving local strains near grain boundaries.”” Both 
of these methods of approach are subject to some 
question, the first because specimens must be sub- 
jected to important differences in conditions in order 
to vary grain size, and the second because, at least 
to date, it has been possible to observe strains only 
at the external surface of samples. 

In single crystals also, many size effects have been 
observed.””"* Some of these are clearly associated 
with surface effects’’” while others have been inter- 
preted in terms of effects related to the way in which 
specimens are gripped.*”* 

Size effects in the deformation of aluminum were 
studied here by the following experiment: Two 
series of bicrystals of fixed orientation were pre- 
pared in each of which only the thickness normal 
to the grain boundary was varied. By comparing 
the deformation properties of these samples with 
those of single crystals having corresponding geom- 
etry, specific grain-boundary effects were observed. 


Experimental Procedure 

Oriented single crystals and bicrystals of initially 
99.993 pct pure aluminum were produced by seeded 
horizontal growth from the melt.” Grain boundaries 
were guided during growth by means of ridges in the 
graphite boats, a technique described by Davis and 
Fleischer.” Growth was in a helium atmosphere 

' with furnace motion at rates of approximately 1.2 
cm per hr, 18 cm per hr, and 75 cm per hr. 

Using a jeweler’s saw, test specimens of approxi- 
mately 16 cm length were cut from the as-grown 
crystals of approximately 23 cm length. Either the 
boat used during growth or graphite blocks were 
employed to prevent bending during this operation. 
Crystals were next annealed in air at 640°C + 4°C 
for forty hours, and slowly cooled over an 8-hr 
period to avoid “quench-hardening.’” Electropolish- 
ing was carried out in a solution of 5 parts methanol 
to 1 part perchloric acid by volume, at temperatures 
below 0°C, and at current densities of 0.02-0.16 amp 
per sq cm until a smooth surface was obtained, a 
period of 15 to 60 min. Crystals were next rinsed 
in methanol and then water, and dried in still air. 
Tensile deformation was done on a “soft”? type uni- 
axial continuous loading device.” Load sensitivity 
was 30 grams. Strain sensitivity was 2-10° over a 
5-cm gage length. Nearly half of the samples were 
radiographed after deformation. In no case was 
porosity observed. 


Orientations—Two series of bicrystals were ex- 


amined. The orientations of the specimen axes are 
plotted in the elementary triangle, Fig. 1. These 
two series can be visualized with the aid of Figs. 2 
and 3. Seeds A and B are of axial orientation S-I, 
seed C of orientation S-II. In seed A, as is indicated, 
the slip direction, b, is in the vertical plane, P. Seed 
B is obtained from seed A by a rotation of 180° 
about a vertical axis, V, in plane P. Bicrystals of 
the series called B-I are obtained by growth from 
the seeds A and B in the relative position illustrated 
in Fig. 2, where P is coplanar with the resultant 
grain boundary. Similarly bicrystals of series B-II 
are produced by growth from seeds A and C posi- 
tioned as in Fig. 3. A is as just described, and C is 
such that its slip direction makes an angle of 8.5° 
with the upward surface as drawn in Fig. 3. The in- 
tersections of the primary slip plane with the sur- 
faces of the seeds are indicated. 
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Single crystals were grown for orientations A and 
C, series S-I and S-II, respectively. A and B pro- 
duce equivalent single crystals. 

Orientation determinations by Laue x-ray back 
reflection are to +2°; in each series, however, orien- 
tations are reproduced to within +1° since the same 
seeds are used for crystals of all sizes. 

External Geometry—Specimens were all of ap- 
proximately the same length, of which 12 cm of free 
length extended between grips during deformation 
unless otherwise noted. A total of eight cross-sec- 
tional shapes was used. The as-grown dimensions 
are indicated in Fig. 4. Size 5 is approximately 0.47 
in. square and is similar to size 6, in groove as well 
as cross-sectional dimensions. The groove angle is 
90° in all cases; groove height is 0.030 in. in sizes 
1-5 and 0.010 in. in sizes 6-8. Table I lists the num- 
ber of crystals tested for each series, size, and growth 
rate. 


Fig. 1—Specimen 
axes. 
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Fig. 2—Seed posi- 
tions for Series B-1. b 
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Vv 
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Fig. 3—Seed posi- 
tions for series 
B-11. 
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Fig. 4—Cross sec- 
tions of samples. 
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Table |. Number of Specimens Tested 
Growth 

Rate Size 
(Cm/Hr) Series 1 2 3 4 5 6 7 8 
S-I 3 Bae eS 2 3 3 1 2 
S-II 2 1 2 2 3 2 
B-I 2 3 3 
B-II 1 re 1 1 1 2 1 
18 2 == 1 = 1 

Results 


The Nature of Typical Stress-Strain Curves— 
Virtually all of the single-crystal curves and a ma- 
jority of the bicrystal curves can be described as a 
variation on one basic curve. This curve, illustrated 
in somewhat idealized form in Fig. 5, consists of the 
following regions of plastic deformation: An initial 
region of decreasing slope, a linear region of increase 
in stress, a portion with increasing slope, another 
linear region, and then continuously decreasing 
slope. This curve is typical of the first 2 or 3 pct 
elongation of an aluminum single crystal oriented 
for single slip. In practice the linear portions may 
be so short that they are perhaps better described as 
points of inflection. For the purpose of comparing 
characteristics of different specimens the following 
terms are defined: The “easy glide slope,” Amin, is the 
slope at the first point of inflection; the maximum 
slope, Amax, is the slope at the second point of inflec- 
tion; the yield stress, c,, is the tensile stress obtained 
by extrapolating back to zero strain the portion de- 
termining Amin; and the transition stress, and 
transition strain, «:, are the tensile stress and ten- 
sile strain determined by the intersections of the 
extensions of the portions determining \min ANd Amax, 
Fig. 5. 

Extent of Scatter—Approximately, the extent of 
the scatter is such that the measured values of o,, 
O11, &-1, and for any one specimen are usually 
within 10 pct of the average value for all the speci- 
mens supposed to be identical. The deviations from 
the average in the values of ii, for single crystals 
frequently ran as high as +20 pct. This percentage 
corresponds to greater accuracy for the single crys- 
tals in grams per mm’ per unit strain since the 


Fig. 5—Definition 
o of terms for a 
stress-strain curve. 


TENSILE STRAIN € 


Fig. 6—Definition 
of terms for tensile 
specimens. 
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Fig. 7—Properties of series S-I and S-II, sizes 1-5. h=12mm. 


values of Amin Were considerably less for single crys- 
tals than bicrystals. 

Definition of Sample Dimensions—The width, w, 
is measured perpendicular to the plane connecting 
the grooves. The height, h, is the distance between 
the two surfaces containing the grooves. The third 
dimension, length, L, is not the true length of the 
specimen but is the distance between the grips dur- 
ing tensile testing of the specimen, Fig. 6. Stress- 
strain curves of the various specimens usually will 
be identified by rectangles indicating relative values 
of h and w, and arrows indicating the projection of 
the slip direction onto the cross sections. Thus for 
series S-I arrows will be in the direction h is meas- 
ured, normally vertical on the graphs; for series S-II 
nearly in the direction w is measured, normally 
horizontal. 


Single Crystal Results 

The single-crystal results are summarized in Figs. 
7 and 8 for both series S-I and S-II. Fig. 7 relates 
to sizes 1-5, in which h is 12 mm and w is varied; 
Fig. 8 plots the same parameters for sizes 6-8, whose 
his 4.4mm. The dots or circled dots represent crys- 
tals of series S-I, crosses crystals of series S-II. Each 
symbol represents the average value for all of the 
samples of that size, orientation, and growth rate. 
The numbers of samples contributing to the various 
points are listed in Table I. 

The Yield Stress—The yield stress, c,, is plotted 
in Figs. 7(a) and 8(a). In both cases it is observed 
to increase with decreasing width. In Fig. 7(a) a 
hyperbola of the form (c,—A)w=B is fitted to the 
data for growth at 1.2 cm per hr. Using the same 
constant B, another hyperbola is adjusted to the 
data for 18 cm per hr growth. In Fig. 8(a) is drawn 
a third hyperbola derived from the first one in a 
manner to be discussed later. 

Variations of Slope and of Termination of Easy 
Glide—While the behavior of yield stress with 
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Fig. 8—Properties of series S-I and S-II, sizes 6-8. h=4.4mm. 


changing width was essentially the same for series 
S-I and S-II, the other parameters measured vary 
differently for these two orientations. Aside from a 
difference of 6° in specimen-axis orientation, the 
major distinction, as illustrated in Fig. 3, is that the 
length of the slip direction through the crystal is 
constant in sizes 1-5 and 6-8 for series S-I but varies 
in series S-II. Similarly, the distance through the 
crystal normal to the slip direction and the specimen 
axis varies in S-I. The easy glide slope for series 
S-I increases with w for crystals 1-5 and decreases 
for 6-8. For S-II it increases slowly in 1-5 and more 
rapidly in 6-8. For S-II, o,., decreases precipitous- 
ly with increasing w from size 1 to 3, less rapidly 
from 3 to 5, and appears to be essentially constant 
from 6 to 8. The stress indicated for size 7(w=9 mm) 
has greater probable scatter than those correspond- 
ing to 6 and 8 since it represents only one crystal 
while they correspond to three and two crystals, re- 
spectively. Thus oj, for series S-I decreases from 
1 to 5 and 6 to 8. «1 for series S-I is constant for 
sizes 1-5 and increases from 6 to 8. For S-II it de- 
creases in a manner similar to o; 1» for sizes 1-5, and 
then also decreases from size 6 to size 8. The maxi- 
mum slope, \max, increases with w for S-II and is 
essentially constant for S-I. 

In Fig. 9 are o-e curves for S-II, sizes 1, 3,5, 6,7 
and 8. The variations in oy, er, aNd Amax are clearly 
visible. Comparison of sizes 5 and 6 shows the ef- 
fect of change of size with constant cross-sectional 
proportions. 

Fig. 10 shows the effect of rotation about the 
specimen axis by 90° for both S-I and S-II. 

Five specimens with a length, L, appreciably dif- 
ferent from the usual 12 cm were tested. These sam- 
ples yielded essentially the same stress-strain curves 
as the 12-cm ones, the only difference being in the 
values for o and e. These values are indicated in 
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Fig. 9—Effect of cross-sectional dimensions on deformation 
of single crystals of series S-II. 
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Fig. 10—Effect of rotation about specimen axis on deforma- 
tion of single crystals of series S-I and S-ll. 


Table II. It should be noted that the accuracy of 
the determination of oy» and e-1 from the experi- 
mental points is about +5 pct and that the variation 
between supposedly identical crystals may be con- 
siderably greater. In spite of these appreciable pos- 
sible errors a very definite trend toward greater 
amounts of easy glide for shorter specimens appears 
to be present. 

Slip Markings—Slip markings were observed un- 
der X90 magnification after the 2.0-2.5 pct elonga- 
tion. As has been indicated, the samples are so 
oriented that resolution of the applied tensile stress 
predicts slip on one system only. Nevertheless, a 
secondary plane did appear on a number of the crys- 
tals. In all cases, the secondary slip was on the 
“critical” plane, which for this orientation is the 
second most highly stressed plane. Also, in all cases 


Table II. Relation of Position of End of Easy Glide to Length, L 


Series Size L (Cm) Gm/Mm2 €;_yp Pet 
S-I 5 12 82 0.55 
S-I 5 12 92 0.37 
S-I 5 8 92 0.57 
S-II by 12 97 0.48 
S-II 5 15 76 0.47 
S-II 8 135 1.01 
S-II 2 12 120 0.85 
S-I 1 14 97 0.49 
S-I al 14 88 0.47 
S-I 1 11 102 0.41 
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Fig. 11—Slip lines 
on single crystals 
of type S-11. X100, 
reduced approxi- 
mately 50 pct for 
reproduction. 
Growth axis is 
vertical. 


SURFACE PERPEN ICULAR TO PLANE 


NTAINING THE PRIMARY SLIP ORECTION 


secondary slip appeared only on the crystal face that 
was most nearly parallel to the primary slip direc- 
tion. This double slip was observed for all samples 
of series S-II that were of sizes 5, 6,7 or 8. For S-I 
it was observed only on two crystals: one of the 
three size 2 crystals of the usual 1.2 cm per hr 
growth rate and one of the two size 3 samples 
grown at 75 cm per hr. Fig. 11(b) shows an example 
of this double slip. Fig. 11(a) depicts primary slip 
that is typical for samples of series S-I and S-II. 

Effects of Growth Rate—As has been noted, three 
growth rates were used in preparing samples; name- 
ly, 1.2, 18 and 75 cm per hr. The 18cm per hr rate 
was used for three sizes and had three major effects 
as compared with the usual 1.2 cm per hr rate: (1) 
As shown in Fig. 7(a) the yield stress was raised by 
50 to 70 pct; (2) o1: was raised by about 50 grams 
per sq mm, which is a 50 pct or greater increase; and 
(3) e-11 also was increased by about 50 pct. To de- 
termine how further increases in rate would alter 
the effects, two crystals of size 3 were prepared at 
75 em per hr furnace motion. Fig. 12 shows these 
two crystals compared to two others of the same size 
and of 1.2 and 18 cm per hr growth speeds. In one 
of the fast-grown crystals the yield stress was slight- 
ly less than the 18 cm per hr crystal and oj; and 
€1 were 10 pct greater. On the other the same yield 
stress as the 18 cm per hr crystal and a three times 
higher easy glide slope are to be seen. On this crys- 
tal pronounced secondary slip was observed. The 
large difference of properties between these two 
crystals is probably due to furnace motion being 
supplied by hand for the 75 cm per hr rate. 

By superimposing numerous short Laue back- 
reflection exposures taken at different points across 
the surface of a crystal, one can observe the exist- 
ence, at least near the surface, of small angle bound- 
aries of %° or more. This procedure indicates that 
for crystals grown at 1.2 cm per hr only very oc- 
casionally are such boundaries produced and at 18 
em per hr the lineage structure may have a spread 
of orientation as great as 6° as a result of a number 
of boundaries. Fig. 13 illustrates this point for two 
crystals of nearly the same dimensions but differ- 
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Fig. 12—Effect of growth rate on deformation of single crys- 
tals of series S-I. 


Fig. 13—Effect of growth rate on the structure of single 
crystals. (a) 18 cm per hr growth rate. (b) 1.2 cm per hr 
growth rate. 


ent orientations. For the photograph in (a) ten 5- 
min exposures were made at spacings of 1/32 in., for 
(b) twenty 244-min exposures 1/64 in. apart. The 
beam width was 1/32 in. The surveys were made 
perpendicular to the growth direction near the final 
end of the samples to freeze. 


Bicrystal Results 

Series B-I—Fig. 14 summarizes the data for series 
B-I and series S-I. Since the bicrystals can be con- 
sidered as composed of two crystals of the same 
axial and surface orientation as single-crystal series 
S-I, S-I is the appropriate set to compare with B-I. 

Reference to Fig. 14(a) reveals that the yield 
stress is essentially unchanged by the grain bound- 
ary. The most marked grain-boundary effect is on 
the easy glide slope, where, as w decreases, Amin in- 
creases for the bicrystals and decreases for the single 
erystals. Straight lines calculated by least squares 
are plotted in Fig. 14(c) as an indication of the rate 
of increase or decrease of slope from w = 2 to w= 
12 mm. The stress oy. decreases more rapidly with 
increasing w than was observed for the single crys- 
tals. Strain «1 appears to vary in an unusual man- 
ner for the bicrystals. The maximum in Fig. 14(e) 
is real if the experimental values of oy, Amin, ANA O11 
are correct, since those quantities mathematically 
determine «1. It appears there may be a variation 
of Amax With width; if the variation is real, it is a 
small proportion of \max. 

It may be argued that the bicrystals should be 
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Fig. 14—Effect of a grain boundary. Comparison of series B-I 
and 


compared to single crystals half the size of the bi- 
crystals since each bicrystal is really composed of 
two such crystals. One strong argument against this 
view is the behavior of the yield stress, whose 
value would be higher for the single crystals than 
for the bicrystals. 

The variation of the stress-strain curves with size 
is illustrated in Fig. 15, where the extremes for sizes 
1 to 5 are plotted for both single crystals and bi- 
crystals. Fig. 16 indicates the effect of change of 
scale of the cross section for bicrystals and single 
crystals of sizes 5 and 6. 

In none of the series B-I samples were slip mark- 
ings observed on planes other than the primary. 
Typical slip lines are the same as for series S-I. 

Series B-II—The bicrystals of series B-II display 
far more extreme variation in their stress-strain 
curves than did those of B-I. Indeed, the changes in 
the curve are so drastic as to make the quantities 
Cy, Orn, ANd Of doubtful use. Fig. 17 and 18 
illustrate the types of curves and the magnitude of 
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Fig. 15—Effect of grain boundary. Comparison of single crys- 
tals and bicrystals of series S-I and B-I for two widths. 
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Fig. 16—Effect of grain boundary. Comparison of single crys- 
tals and bicrystals of series S-I for two sizes of constant 
cross-sectional proportions. 


the grain-boundary effect. Fig. 17 shows the curves 
for sizes 6, 7 and 8. Only the curve for size 8 is 
similar to those for series B-I samples. That for size 
7 has no region really describable as ‘“‘easy glide.” 
The curve for size 6 begins with a very short portion 
of greater slope, followed by a slight decrease, a 
slight increase, and then continuing decrease. Turn- 
ing to Fig. 18, it is seen that the curve for size 5 is 
similar to that for size 6, but the initial very high 
rate of work-hardening is extended to 0.1 pct tensile 
strain. The slope of this region of the o-e curve is 
greater than that for a <100> specimen axis single 
crystal produced from the same purity aluminum as 
was used in this study.” For this orientation eight 
slip systems are expected to operate simultaneously. 
It should be noted that the initial nearly linear 
region of high work-hardening, such as was ob- 
served for size 5, has also been observed for other 
bicrystal orientations. 

Also shown in Fig. 18 is a curve representing the 
simultaneous deformation of two single crystals of 
size 1, corresponding to the two orientations com- 
prising bicrystals of type B-II. Comparison of this 
curve with that for the bicrystal of size 1 indicates 
the magnitude of the grain-boundary effect. The 
stress is the load divided by the sum of the two 
cross-sectional areas; the strain, measured over a 
5-cm gage length of one crystal, is assumed to be 
the same for both, a fairly good approximation at 
least for small strains such as are considered here. 

As one criterion of rate of work-hardening, the 
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Fig. 17—Grain-boundary size effect. Deformation of bicrystals 
of three widths. Series B-II. 
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slope of the stress-strain curve at the first point of 
inflection was chosen. For size 7 the slope that pre- 
vails over most of the first 1 pct of elongation was 
chosen. As an indication of the grain-boundary 
effect, the difference, Admin, between Amin for the bi- 
crystals and the average Am, for the two single crys- 
tals of the same size was calculated. The values of 
Ami Gefined by the curves in Figs. 7(c) and 8(c) 
were used. The result is plotted in Fig. 19 along with 
the Adnin for series B-I derived from the least- 
squares straight-line fit to the \nin data. As was 
obvious from the o-e curves, the rate of increase 
of grain-boundary effect is greatest in sizes 8 to 6. 
It is also noteworthy that for sizes 5 through 1 the 
rate of increase of grain-boundary effect, as meas- 
ured here, is very nearly the same for the two bi- 
crystal sets. 

Double slip, which denotes here slip on two planes, 
either evenly mixed or on alternate areas, was ob- 
served over at least a portion of the surface of each 
crystal in series B-II. In all cases the planes con- 
cerned were the primary and the critical. In two 
cases (for sizes 4 and 5) double slip was observed 
on a surface parallel to the grain boundary. In both 
of these cases it appeared only on the side of the 
bicrystal having its slip direction parallel to the 
grain boundary. For sizes 1-6 secondary slip could 
be observed over most of the surface perpendicular 
to the grain boundary, for size 7 over roughly half 
of that surface, and for size 8 over roughly one third. 
Because secondary slip frequently occurred in 
widely separated patches, it is impossible to fix ac- 
curately the area which should be described as dis- 
playing double slip. Fig. 20 illustrates typical slip 
lines observed near the grain boundaries. 


Discussion 


(a) Intercrystalline Size Effects—In this section 
will be presented an analysis of the size effects asso- 
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Fig. 19—Increase in easy glide slope caused by grain-bound- 
ary effects. (a) Sizes 1-5, (b) sizes 6-8. 
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(b) CRYSTAL OF ORIENTATION I 


ciated with a single grain boundary in tensile sam- 
ples of aluminum. 

1) Considerations for Multiple Slip at Grain 
Boundaries: In order to understand the observed 
slip markings near the grain boundaries of the bi- 
crystals examined here, it is desirable to consider 
from a macroscopic viewpoint the mutual constraints 
at a plane grain boundary. Homogeneous shear by 
slip on the known crystal slip planes is assumed. If 
one of the two crystals was to deform completely 
unconstrained by the other, it would specify the 
strains of the boundary. Since these are three in 
number (és, €,y, and e,, if the boundary is the x-y 
plane), three degrees of freedom are required in the 
second crystal in order to retain point-by-point con- 
tinuity assumed to exist at the boundary. Hence 
three independent slip systems would be required in 
general, though in special cases fewer are possible. 
Since the crystals will have a mutual interaction, it 
seems likely on the basis of the number of degrees 
of freedom required that slip on two systems in each 
crystal is also a possible behavior. 

Livingston and Chalmers examined cases where 
continuity demands the operation of more than one 
slip system at the boundary.“ They observed that 
frequently the primary plane and one other plane 
operate. If a shear stress on the primary system in 
one crystal is resolved on the various systems of the 
other crystal, it will generally be largest on some 
one system. Where this system is in a plane other 
than the primary plane, slip on this secondary plane 
will be observed. One would expect this result if 
the stress directly ahead of a pile-up of edge disloca- 
tions on the primary system of one crystal were to 
initiate slip in the other crystal. 

2) Nature of Multiple Slip in Series B-I and B-II: 
Let x be measured along the stress axis and x-y be 
the plane of the grain boundary of the bicrystals to 
be considered. If the two crystals of a bicrystal of 
series B-I were deformed separately by equal strains 
€zz, then e,, for the two crystals would be the same, 
but «,, would be in opposite senses for the two. For 
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small elongations at least, «,, can be realized by slip 
on the primary system, so that for small strains 
continuity is satisfied without the necessity for slip 
on extra systems. At large strains at least one extra 
system will be required. For each crystal, resolving 
the shear stress from the primary system onto the 
systems of the other gives a stress which is highest 
on the primary of the other, so that no prediction of 
what extra system might operate may be obtained 
from Livingston’s criterion. However, the system 
which has the second greatest shear stress from the 
applied stress is a second direction in the primary 
plane. Hence secondary slip if it occurred probably 
would be on the primary plane and only one set of 
slip lines would be visible. It is believed that the 
single set of slip lines observed corresponds to pre- 
ponderantly single slip, since little secondary slip 
would be required by the continuity conditions. 

Applying the same reasoning to series B-II, «,, and 
€2y Would be different for the two crystals of the 
bicrystal if deformed separately, so that two extra 
systems are expected to operate in the bicrystal. 
Slip on two extra planes was observed, one in each 
crystal. Livingston’s criterion predicts correctly slp 
on the critical plane in one crystal and makes no 
prediction for the other. 

One quite obvious difference between the slip 
required near the grain boundaries in series B-I and 
B-II is, therefore, that observable amounts of slip 
occurred on only one plane in series B-I, and on 
more than one in series B-II. 

A previous study indicated the relative magnitude 
of hardening caused by single and multiple slip of 
various types.” The work-hardening rate in single 
crystals in which slip occurred in two or more 
planes was considerably above that for slip on either 
a single system or two systems in one plane. Also 
the effect of a grain boundary towards making a 
bicrystal work-harden more rapidly than the com- 
ponent crystals would have separately, was appre- 
ciable only where the boundary might cause slip on 
extra planes to result. Where more than one plane 
would have operated in the component single crys- 
tals, the bicrystal did not work-harden more rapidly 
than its component crystals would have separately. 

One possible inference from these observations is 
that one of the primary ways in which a grain 
boundary causes increased work-hardening is in 
creating the necessity for double slip. This idea is 
substantiated by the observation here that the inter- 
crystalline size effect is far more marked for series 
B-II, where slip is observed on two planes in each 
crystal, than for series B-I, where slip on one plane 
alone is seen. 

Some indication of the width of the region of 
double slip is given by the slip markings. For the 
bicrystals of series B-II the secondary markings ap- 
pear over a region which, as was mentioned pre- 
viously, was not well defined. One may correctly 
say, however, that the width of the region of double 
slip markings is of the order of the dimension h. 

3) Microscopic Considerations: In addition to the 
macroscopic requirements of grain-boundary con- 
tinuity there exist constraints on a much smaller 
scale. In the discussion of section 1) homogeneous 
shear was assumed. It has been observed, however, 
that slip occurs not by small amounts on each plane 
but by large amounts on widely separated groups of 
parallel planes.*” The groups of slip steps, called 
“slip bands,” have a typical spacing for aluminum 
at room temperature of about 10* cm. This means 
that for point-by-point continuity to be preserved 
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at a grain boundary, slip must be redistributed as it 
approaches the grain boundary. This process will 
require additional work and hence will be a factor 
in the raising of the stress-strain curve of a bicrystal 
over that of its component crystals. Since the slip 
bands are spaced about 10% cm apart, one would 
expect that this region of redistribution of slip would 
be confined to a distance of the order of 10“ cm from 
the grain boundary. The nature of the redistribution 
of slip, whether it be by dislocation climb or through 
initiation of slip on other systems or by a combina- 
tion of these and other processes is not known. 

4) Variation of Admin: The effects of a grain bound- 
ary on the work-hardening rate have been dis- 
cussed on the basis of the demands of macroscopic 
and microscopic continuity at the boundary. The 
observed effects will include the contributions from 
both factors. 

The experimental points in Fig. 19(a) and (b) 
describe the major effect. The shape of the curve in 
Fig. 19(b) is justified on the basis that, as w be- 
comes large, A\min Should have zero as its asymptote 
and that for w/h ratios which are less than 1 there 
is the evidence of Fig. 19(a) that Adnin has a nearly 
linear region. Because of the microscopic considera- 
tion, it would be expected that for very small w/h- 
values A\min WOuld increase more rapidly than over 
the region studied here. The fact that the difference 
of the Admin-Values for series B-I and B-II is constant 
for sizes 1-5 and decreases for sizes 6-8 appears to 
indicate that double slip occupies essentially the 
whole volume (or a constant proportion of the vol- 
ume) of the bicrystals of B-II for sizes 1-6 and is 
decreasing from 6-8. On the basis that Ad\,.1, has de- 
creased to half of the value it had at size 6 at the 
point w= 11 mm one might estimate the effective 
width of the region of double slip as 5 or 6 mm on 
either side of the grain boundary. This width is of 
the order of the dimension h (4 mm) in agreement 
with the estimate based on the observation of slip 
markings. 

(b) The Yield Stress—Because the yield stress is 
observed to vary identically for single crystals and 
bicrystals, the source of its variation is clearly not 
the grain boundary. The approximately hyperbolic 
variation suggests that the area-to-volume ratio 
(A/V) may be a useful parameter and hence that 
the yield stress is influenced by the surface of the 
crystal. The behavior of the crystals may be de- 
scribed by assuming that the bulk material has a 
yield stress o,, and the surface oxide layer an effec- 
tive thickness 8 and effective strength at yielding of 
o;. For small values of § one then finds 


A 
where 
2 
hw 


Fitting this equation to the results in Figs. 7(a) 
and 14(a), one finds o, = 46 grams per sq mm (22 
grams per sq mm shear stress) as the volume yield 
stress, and o, = 3:10° grams per sq mm for the effec- 
tive oxide strength if an oxide thickness of 130A° is 
assumed as a reasonable thickness. This result com- 
pares well with an effective strength of 2.5 — 3.0-10° 
grams per sq mm measured by J. Takamura using 
samples of varying oxide thicknesses.” 

o, and o, having been determined from samples 
of height 12 mm, the variation of o, for samples of 
height 4.4 mm can be calculated; this result is shown 
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in Fig. 8(a). The fit to the experimental points is 
consistent with an increase in the yield stress that is 
proportional to the (A/V) ratio. By adjusting o,, 
one finds an effective bulk yield strength of 84 grams 
per sq mm for the samples grown at 18 cm per hr. 

The effective shear strength of the oxide is ap- 
proximately 1.5-10° grams per sq mm which is about 
G/ 15 where G is the shear modulus. Hence the effec- 
tive strength of the oxide is the theoretical value 
for a perfect solid.*” The origin of the high stress 
at the oxide could be the piling up of dislocations 
from the interior of the crystal or the suppression 
of surface sources. 

To oppose the motion of dislocations the oxide 
should have a larger shear modulus than the bulk 
material.” This would explain why the size effect 
on the yield stress is large for aluminum and cad- 
mium*” but not for copper.” 

Slip Markings: Wu and Smoluchowski studied the 
order of appearance of slip on the various slip sys- 
tems in ribbon-shaped single crystals of aluminum.” 
It is interesting to consider what yield stress these 
crystals should have due to their oxide coating. For 
the dimensions given (0.2 x 2.0 mm in cross section) 
one would predict that the yield stress is raised 
above the value for the bulk aluminum by 420 grams 
per sq mm, which is two to four times the values 
found for conventional sized samples.*" Clearly 
then the oxide would be expected to have profound 
effects on the deformation processes in very thin 
crystals. If the necessity of slip taking place is con- 
sidered, it is evident that this depends upon building 
up sufficient stress to transfer slip across the oxide. 
One might therefore predict that the likelihood of 
slip on a given slip plane would be proportional to 
the resolved shear stress factor, m, for that plane 
and inversely proportional to the effective thickness, 
d, of the oxide layer. This effective thickness is, at 
least to first approximation, the length through the 
oxide in the slip direction. The slip system whose 
value of S’ (= m 8/d, where 6 is the oxide thickness) 
was greatest would be expected to act first. This 
factor S’ is equivalent in this case to the factor which 
Wu and Smoluchowski observed to apply and jus- 
tified on the basis of bulk rather than surface proc- 
esses. Unfortunately no yield stress data were ob- 
tained for Wu and Smoluchowski’s crystals. The 
determination of what specific slip systems acted 
was their only experimental result. 

As evidence that the appearance of unusual slip 
systems in certain cases is related to surface proper- 
ties rather than the internal considerations that Wu 
and Smoluchowski discussed, the S’-factors are 
given for the surfaces of the crystals of series S-I 
and S-II used in this investigation. Table III lists 
the largest two S’ and m-values for both surfaces of 
each crystal series. 

On all surfaces where the largest S’ is considerably 
larger for some one system than for any of the 
others, single slip was observed. Where S’ for 


(111)[101] was 0.344 and S’ for (111)[011] was 
0.324, double slip was seen in two cases. Where S’ 


for (111)[101] was 0.303 and S’ for (111) [011] was 
0.307, double slip was frequently observed. Some 
single crystals of % in. x % in. cross section that 
were studied by Livingston displayed single slip on 
a secondary system only, over portions of their sur- 
face.” This system was the one with the highest 
value of S’. The fact that some of the crystals just 
described were nearly square in cross section (sizes 
5 and 6) and the fact that these unusual slip lines 
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Table III. S’ Factors for Series and S-II 


Slip 
System m Sy’ Siu’ 
Orientation I 
(111) (011) 0.482 0.362 0.010 
(111) (101) 0.436 0.006 0.344 
(111) [011] 0.401 0.151 0.324 
Orientation II 
(111) [011] 0.465 0.358 0.057 
(111) [101] 0.389 0.141 0.303 
(111) [011] 0.433 0.215 0.307 
(111) [101] 0.325 0.296 0.058 


_Su’ is value of S’ for the surfaces most nearly parallel to the slip 
direction. 


Si’ is the value for the other surface orientation. 


do not appear on the whole surface of the crystals 
appear to rule out any bulk process as the source of 
this behavior. The results are consistent, however, 
with the idea of an effect originating at or near the 
surface and depending on the orientation of that 
surface. 

Other of the single-crystal size effects are thought 
to be related to the stresses caused by the grips dur- 
ing deformation. This question will be discussed 
elsewhere. 

(c) Effects of Growth Rate—The observed raising 
of the yield stress, oy, and ¢:1; with an increase of 
the growth rate could have two possible sources. 
The first is the less efficient redistribution of solute 
at high growth rates;* this would result in greater 
impurity concentrations in the gage section of the 
crystal. The second factor is the increase in the 
number of small angle boundaries. The effects ob- 
served are qualitatively the same as Rosi’s results” 
from varying impurity concentration in copper and 
silver and also Edwards, Washburn, and Parker’s 
work* on the effects of small angle boundaries in 
zinc. 

It is the view here that both impurities and line- 
age contribute to the effects observed, since both are 
present, both are varied, and the resultant changes 
in crystal properties coincide with the known effects 
of variations of these parameters for other metals. 
It should be pointed out that the two effects are 
probably not separable because of the interaction of 
solute atoms and the small angle boundaries; that is, 
impurities will lower their energy by migrating to 
certain dislocations, and similarly the dislocations 
which make up the small angle boundaries, will 
prefer energetically to move to impurity concen- 
trations.” 

Conclusions 

The major size effect associated with grain bound- 
aries in bicrystal tensile samples was shown to be 
due to multiple slip, which may extend on each side 
of the grain boundary through a region having a 
width of the order of the thickness of the sample 
parallel to the grain boundary. 

It is to be noted that the observed width of the 
multiple slip region would not in itself predict any 
grain-size effect in samples having many grains. 
Hence, the grain-size effects that have been observed 
are due to (1) other grain boundary effects, (2) 
multiple slip near points common to more than two 
crystals, or (3) extraneous effects produced by the 
different treatments necessary to produce samples 
of different grain size. 
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The yield stress can be altered markedly by the 
oxide coating on a sample and the growth rate used 
in preparing it. 
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Technical Note 


Induction Melting Process for Titanium Scrap 


by P. J. Ahearn, C. F. Frey, and J. F. Wallace 


ee high affinity of molten titanium for oxygen 
and nitrogen has resulted in considerable diffi- 
culty in developing a satisfactory melting proce- 
dure. It has been found necessary to perform melt- 
ing operations either in a vacuum or inert atmos- 
phere, and failure to obtain a satisfactory crucible 
material has necessitated the use of special melting 
techniques. These techniques have included cold- 
mold arc-melting utilizing both consumable and 
nonconsumable electrodes, skull-melting, drip- 
melting, and levitation melting.’ It has been recog- 
nized generally that the melting of both titanium 
sponge and titanium scrap would be expedited by 
the use of induction-melting procedures but the 
lack of a crucible capable of containing molten tita- 
nium without objectionable contamination thus far 
has prevented the use of induction-melting proce- 
dures. An extensive investigation? which included 
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the common refractory materials was not successful 
in developing a satisfactory crucible for induction- 
melting. 

Some success in induction-melting has been at- 
tained with the use of a graphite crucible material, 
but in all instances sufficient carbon contamination 
was encountered to cause an appreciable reduction 
in the optimum mechanical properties of the tita- 
nium or titanium alloys. These investigations®** re- 
port an increase in the carbon content from approxi- 
mately 0.3 to 1.0 pct. A serious reduction in the ten- 
sile and forming properties has been observed as a 
result of this carbon contamination. 

The development of a satisfactory induction- 
melting procedure for titanium without undue con- 
tamination undoubtedly would have considerable 
economic significance. Such a process would be par- 
ticularly useful in melting the large quantities of 
low-cost scrap now available that can only be re- 
processed at considerable expense and difficulty by 
the more elaborate techniques referred to previ- 
ously. In addition, the process could provide a sat- 
isfactory method of melting and alloying of bri- 
quetted sponge for forging ingots. 
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Procedure 

A program was undertaken at Watertown Arsenal 
to develop a method of high-frequency induction- 
melting of titanium scrap by utilizing a graphite 
crucible and a special melting procedure. The ap- 
paratus was designed to minimize the area and time 
of contact between the crucible and molten tita- 
nium. All heats were melted in a coreless, high- 
frequency induction furnace, powered by a 330-kva, 
960-cycle motor-generator. The induction coil con- 
taining the crucible was within an air-tight cham- 
ber and pivoted within this chamber so that the 
molten titanium could be poured rapidly from the 
crucible into a graphite mold. Melting was con- 
ducted in an inert atmosphere by placing the scrap 
titanium within the crucible, evacuating the air- 
tight chamber with a vacuum pump, and then fill- 
ing the chamber with helium and maintaining a 
slightly positive pressure of this gas throughout 
melting, pouring, and solidification. The arrange- 
ment employed for the coil and crucible is shown in 
hig 

A solid titanium skull was located at the bottom 
of the graphite crucible shown in this figure by 
melting and then solidifying a small quantity of 
titanium in the crucible under an inert atmosphere. 
The bottom of the crucible containing this titanium 
skull was then positioned below the level of the bot- 
tom turn of the induction coil. Sincé®only a small 
electrical flux occurs below the bottom turn, insuffi- 
cient current to melt the solid skull is induced from 
the induction coil. It is also feasible to water-cool 
this solid titanium skull to prevent melting. In this 
manner, contamination of the molten titanium by 
contact with the bottom of the graphite crucible was 
prevented. 

The procedure employed during melting consists 
of 1) placing the titanium scrap on this skull; 2) 


obtaining the inert helium atmosphere; 3) applying 
a large amount of power (220kw) to the induction 
coil. The high-power input produces rapid melting 
of the scrap. Once molten, the titanium metal as- 
sumes a steep meniscus within the crucible, Fig. 1, 
caused by the levitation forces analyzed by Okress 
et al.’ This arrangement effectively reduces the area 
of contact between the crucible and molten titanium. 

A considerable number of 20 to 25-lb ingots of 
6 pet Al, 4 pet V forging scrap were cast by this 
procedure. The carbon content of the charged scrap 
varied from 0.03 to 0.05 pct. The titanium was 
molten from 1 to 2 min on these heats to obtain 
sufficient superheat for pouring the ingot. The car- 
bon, aluminum, vanadium, and nitrogen content of 
each ingot was determined after casting. The ingots 
were heated to 1700°F in one heating to obtain a 
reduction of 4 sq in. in the ingot to 1 sq in. in the 
billet. Test-specimen lengths of the small sections 
were then heat-treated by holding at a solution 
temperature of 1650°F for 1-hr, water-quenching, 
and aging at 1000°F for 24 hr. Tensile test bars and 
Charpy V-notch impact bars were machined from 
the center of the lengths after treatment and tested. 


Results 


The mechanical properties and carbon content ob- 
tained from this remelted, forged, and heat-treated 
scrap indicate that this process has considerable 
promise. The tensile and impact properties and 
carbon contents of the ingots are listed in Table I. 
The carbon contents vary from 0.130 to 0.170 pct 
and are appreciably lower than reported in the 
technical literature for induction-melting in graph- 
ite crucibles. The strengths and yield/tensile ratios 
obtained are higher than reported for similar treat- 
ments of this alloy by other investigators.** The 
yield strength at 0.2 pct offset was quite similar to 
that reported at 0.1 pct offset in all cases. These 
higher strengths are probably attributable to the 
appreciably greater carbon content than 6 pct Al, 
4 pet V commercial alloy. The tensile elongation 
and reduction of area are good for all ingots re- 
ported and generally in conformance with existing 
data and present specifications for forged titanium 
alloy. The impact resistance is slightly lower than 
that obtained for 6 pct Al, 4 pct V commercial alloy 
after similar treatments. This slight difference in 
toughness is probably the result of the higher carbon 
content. It is noticeable that the impact resistance 
decreases with increasing carbon. In an event, the 
mechanical properties of this remelted scrap would 
appear to be acceptable for many engineering struc- 
tures as titanium forgings and castings. The cold- 
rolling properties undoubtedly will be influenced by 
the somewhat higher carbon content, so that the use 
of ingots melted in this manner for sheet production 
is questionable. 


Table I. Carbon Content and Mechanical Properties of Remelted and Processed Scrap 


Charpy Charpy 
Pet Impact, Impact, 
Heat Carbon YS, Psi 
No. in Ingot 0.1 Pct Offset TS, Psi Pct Elong Pct RA a 
160000 171000 16.0 47.7 9.7 9.5 
162000 165500 18.0 50.5 10.6 ae 
161000 168000 16.5 45.7 10.3 ee 
167500 175000 14.0 43.6 9.7 He 
167000 172500 15.5 46.2 10.0 ae 
171000 173500 16.4 45.3 9.2 i 
175000 176500 16.0 46.2 — —_— 
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It is evident that this method of employing a 
permanent skull in the bottom of the graphite cruci- 
ble and a high meniscus during the molten period 
will induction-melt titanium in graphite crucibles 
with less carbon contamination than reported to 
date. The process offers considerable promise for re- 
melting scrap titanium for titanium forgings and 
for melting titanium for titanium-alloy castings. 
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Phase Transformations in Titanium-Rich Alloys of 


Titanium and Cobalt 


by P. R. Swann.and J. G. Parr 


Quenched structures were studied in alloys containing up to 12.5 pct cobalt. The 
subsequent decomposition of a 10 pct cobalt retained-8 phase alloy was investigated 
using metallographic and X-ray diffraction methods. Hardness measurements also were 
made during the decomposition process. Precipitation of TisCo is by nucleation and 
growth; and an activation energy of 50,000 cal per mole was determined. The values 
of the coefficient n suggest that the precipitate is pearlitic at temperatures between 
450 and 475°C, and spheroidal between 500 and 525°C. 


HIS paper describes part of a series of investiga- 
tions into phase transformations in binary alloys 
of titanium with transition elements. The general 
approach is similar to that taken in work on tita- 
nium-iron and titanium-nickel alloys.**® 
Previous investigators’” have established the tita- 
nium-rich end of the titanium-cobalt phase diagram, 
reproduced in Fig. 1. Orrell and Fontana* showed 
that alloys containing more than about 6 pct* cobalt 


* Pct refers to atomic pct throughout the paper. 


quenched from the 6 range, produced 100 pct re- 
tained-8 phase. The isothermal decomposition of 
alloys containing between 0.8 pct Co and 15.5 pet Co 
was investigated by the same workers in the tem- 
perature range 650 to 1000°C. They reported that 
these alloys transformed into a or Ti,Co depending 
on the cobalt content, but no quantitative data were 
given. 

In the work to be described a series of alloys con- 
taining 0.8 pct Co to 12.5 pct Co was examined in 
the quenched condition. The 10 pct Co alloy (the 
lowest cobalt content to retain 100 pct 6 on quench- 
ing) was selected for further work on the tempering 
kinetics of the 6 decomposition. 


Experimental Procedure 

Since our own melting equipment was not in- 
stalled at the outset of this work, the Physical Met- 
allurgy Division of the Department of Mines and 
Technical Surveys (Ottawa, Canada) prepared the 
alloys. These were made of Japanese sponge, (which 
when melted had a value of 103 DPH, using a 1-kg 
load), and electrolytically prepared cobalt. The al- 
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loys, made up to contain 0.8, 1.6, 3.3, 5.8, 8.3, 10.0 
and 12.5 pet Co, were homogenized by swaging into 
rods at 900°C. 

Filings were taken from the rods, and any iron 
chips from the file were separated magnetically. Size 
fractions of both plus and minus 200 mesh (about 
754) were shown by their constitution, after an- 
nealing just below the eutectoid temperature, to 
contain the same cobalt content. Consequently, it 
was permissible to use the —200-mesh fraction, 
knowing it to be representative of the rod composi- 
tion. 

Quenching in argon was carried out in a newly 
designed furnace, whose features include (1) an 
Inconel furnace tube, (2) a positive pressure of ar- 
gon maintained at all times in the furnace—even 
when a sample@is removed or inserted. The furnace 
is shown in Fig. 2 and is described in the Appendix. 

The tempering processes were carried out on 
powder samples sealed in evacuated quartz capsules. 
Since the highest tempering temperature was 525°C, 
no protection against reaction with the quartz was 
necessary. (Tests were made on filings of iodide 
titanium and showed no hardness increase after 
equivalent heat-treatments.) A thermocouple was 
attached to the capsule, which was heated to the 


WEIGHT PERCENT COBALT 


15002 25 30 35 38 
\ < 
1300 LiQuiD+ 
Fig. 1—Titanium- 2 
diagram, after 
c 
Orell, Fontana, and LIQUID+ Ti,Co 
. = 
A. D. McQuillan. iw A+Ti,Co 
700 
(gre & +Ti,Co 
500 4 4 4 1 
5 10 15 20 25 30 333 


ATOMIC PERCENT COBALT 


Transactions of The Metal- 
lurgical Society of AIME 


2 ATMOS. 
ARGON 
= (g9-939%) 


PINCHCOCK 


“PURIFICATION FURNACE 


QUENCHING FURNACE 


-MAGNET 


INCONEL TUBE 
it] 


TUBE 


TOPUMP 


COPPER COOLING 
coIL ROD 


i 
SPOT WELDED 


c 
Mo BOAT Mo PUSH Fe BLOCK 


Fig. 2—Schematic drawing of positive-pressure quenching 
unit for powder specimens. 


tempering temperature. The tempering period was 
measured from the time at which the thermocouple 
reached temperature. 


Phase-Ratio Determinations 


Phase ratios were calculated from line intensities 
measured on an X-ray Geiger-counter spectrometer 
plot. Relative intensities of lines a: (close-packed 


hexagonal) and TiCO-, (complex face-centered 


cubic) were computed for a series of alloys which 
had been equilibrated just below the eutectoid tem- 
perature. By using these data and the lever law, line 
intensities were related to the mole percentage of 
phases present. 

The relative amounts of retained-8 (body-cen- 
tered cubic) and martensitic a were found by calcu- 
lating the intensity ratio of am to Bu for equal 
amounts of a and 8. Hence the percentage of « could 
be determined for any intensity ratio of aw to Bro. 

A complication occurred because of the appearance 
of what was believed to be the » phase—a meta- 
stable phase formed in several alloys of titanium 
with transition elements during S-phase decompo- 
sition. During early stages of tempering, the sharp 
f-lines were superimposed by broad reflections. It 
was not possible to determine the relative amounts 
of 8 and w because the stronger o-diffraction lines 
coincided with f-lines, and the remainder of the 
w-lines were of very low intensity. It might be 
argued that since our calculations depend upon the 
use of the structure-factor equation of §, errors will 
occur if the structure is, in fact, not 8 but w. This is, 
of course, true, but the extent of the error is small. 
The w-phase was assumed to be hexagonal with 
three atomic positions 000, 1/3 2/3 1/2, and 2/3 1/3 
1/2,° and structurally related to 8-phase such that 


[001].||[111], and (110)..||(110).. 


Calculations were made assuming that the structure 
contained » instead of 8 during the tempering reac- 
tions. The results are given in a later section. 


Microhardness Measurements 
Hardness measurements were made using a Reich- 
ert microhardness tester, with a 20-g load. The 
hardness values of not less than eight particles of 
each sample were taken. Variation in the hardness 
of any given sample was less than +5 pct. 


Contamination 

Hardness measurements were used as a criterion 
of contamination. The quenching furnace was tested 
for contamination by determining the hardness of 
powder samples of pure iodide titanium after an- 
nealing and after quenching in the unit. Powder 
samples of iodide titanium were given treatments 
similar to those used in tempering. Using a 20-g 
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load, microhardness values of 120 + 3 were obtained 
after all heat-treatments. This is also the microhard- 
ness value of the as-received iodide titanium. 


Experimental Results 


The close-packed hexagonal phase produced on 
quenching is believed to be formed martensitically, 
and is designated a’. The variation of hardness and 
of the amount of a’ with composition, in specimens 
quenched from 1000°C, is shown in Fig. 3. The in- 
crease in hardness in the 12.5 pct Co alloy is asso- 
ciated with the precipitation of spheroidal Ti,Co in 
the 6-matrix. Fig. 4 shows a typical quenched struc- 
ture which, at low cobalt contents, is martensitic. 

The tempering reaction in the 10 pct alloy was 
followed by measuring the amount of Ti,Co formed 
at temperatures of 450, 475, 500 and 525°C (all tem- 
peratures + 0.5°C). 

Results are plotted in Fig. 5; hardness and line 
breadths associated with the precipitation process 
are shown in Figs. 6, 7, 8 and 9. There appears to be 
an incubation period before Ti,Co precipitates, which 
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Fig. 4—Structure 
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from 1000°C. 
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decreases as the temperature increases. Although 
none of the tempered specimens revealed a structure 
that could be resolved by the light microscope, a 
rapid-etching constituent formed a band that grew 
from the grain boundaries, Fig. 10. 

Discussion of Results—Quenching: The quenching 
curve in Fig. 3 shows that at least 10 pct Co is re- 
quired to suppress the formation of a completely. 
This is a higher cobalt content than that reported by 
Orrell and Fontana.* A similar difference occurred 
in work on titanium-iron,’ and was found to be at- 
tributable to specimen size. 

Tempering: The shape of the tempering curves 
suggests a nucleation and growth type of process. 
A general form of equation proposed by Cohen,* 
et al, is 

df, (n-1) 
K(1—f,) t [1] 
where f,; is the fraction transformed in time t, K is 
the specific rate constant, and n is a constant depend- 
ing on temperature, initial concentration of solute 
atoms, and the shape of the precipitate. From basic 
rate theory 
K = A exp — Q,/RT [2] 


where Q, is the activation energy and A is a con- 
stant. From Equations [1] and [2] it may be shown 
that 


logut = Z + Q,/2.3nRT [3] 


where Z is a constant. Q, corresponds to a specific 
rate constant, K, in units t”, and for purposes of 
comparison, must be transformed so that K is in 
units t’. This may be done by using the relationship 


Q: = Q,/n [4] 
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Substituting Equation [4] into [3] 


Q: 
2.3RT 


Consequently a graph plotted of log, time to give 
a fixed fraction transformed (15 pct Ti,Co was 
chosen), against the reciprocal of the absolute tem- 
perature will have a slope of Q,/2.3R. Fig. 11 shows 
such a graph, from which it may be calculated that 


Q, = 50,000 cal per mole 


The value of the constant n may be found by plot- 
ting log,log,[1/(1—f,) ] against log, time (as shown 
by Polonis and Parr’). Fig. 12 shows these curves. 
The values of n at different temperatures are given 
by the slopes of the curves, and are recorded in 
Table I. 

It has been shown that the value of n is related to 
the shape of the precipitate,’ in nucleation and 
growth processes. Values of n = 1.0 and n = 1.5 in- 
dicate a pearlitic and a spheroidal type of growth, 
respectively. As the precipitate was not clearly re- 
solvable at X2000, this contention could not be con- 
firmed metallographically. However, at the highest 
tempering temperature there appeared to be a glob- 


Table |. Values of n 


Type 
n, Assuming n, Assuming of Ppte 
Temp, °C B Decomposition  ~ Decomposition Expected 
450 0.9 0.9 Pearlitic 
475 1.0 Pearlitic 
500 1.5 Lee Spheroidal 
525 1.5 Spheroidal 
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ular type of precipitate towards the end of the pre- 
cipitation process. 

Until data are available for the activation energies 
of diffusion of cobalt through 8 and w-phases, the 
rate controlling factor in the tempering process can- 
not be determined. However, the precipitation proc- 
ess differs from that occurring in titanium-nickel al- 
loys... The rate-controlling process for the precipita- 
tion of Ti,Ni was reported to be the self-diffusion of 
titanium, for only this could account for the high 
activation energy of the process (84,000 cal per 
mole). 

During tempering, maximum hardness occurs at 
the start of precipitation of Ti,Co. This again is in 
contrast to the behavior of the titanium-nickel sys- 
tem,’ in which the maximum hardness was reached 
after the initiation of precipitation of Ti,Ni, and was 
attributed to the formation of a close packed hex- 
agonal phase, designated «”. This phase differs from 
the w-phase in that it superimposes the correspond- 
ing a-diffraction peaks, whereas the w-phase super- 
imposes the #-diffraction peaks. It appears that the 
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formation of the w-phase takes place more quickly 
than the a”-phase. 

The w-Phase: The analysis of the tempering kin- 
etics has assumed a f-structure to exist throughout 
the tempering process. The calculations were re- 
peated, assuming that £ first transformed to w, and 
that # was the structure from which precipitation of 
Ti,Co occurred. Although slightly different n values 
are obtained (Table I), the slope of the curve in Fig. 
11 is unaffected. Hence the value for the activation 
energy of the process is the same for an assumed w 
decomposition as for 8 decomposition. 


Appendix 

Operation of the Quenching Furnace—The speci- 
men is introduced in the quenching furnace in the 
following manner: The glass tube at the vacuum 
side of the pinchcock B is removed and the specimen 
is placed in front of the charging rod in a small mo- 
lybdenum boat. The glass tube is replaced and is 
then evacuated back to pinchcock B to 10* mm of 
mercury, and maintained at that pressure for 1% hr. 
Next, pinchcock C is closed, and argon is slowly ad- 
mitted to the glass tube through pinchcock B until 
there is a pressure of 2 atm inside it. This is repeated 
three times to insure that there is no trace of air in 
the tube. Then pinchcock B is removed and the 
glass tube is positioned up to the Inconel tube inside 
the rubber connecting tube. The specimen is then 


-slid into the furnace with a magnet until it reaches 


the position of the thermocouple, and is left there 
for 80 sec; i.e., until equilibrium is reached. The 
charging rod is withdrawn using the magnet again. 
Pinchcock A is closed and then pinchcock C is op- 
ened. Consequently, the boat is blown out of the 
furnace until it reaches the front of the charging rod, 
and the specimen is quenched by the rush of pure 
argon into the pump. Pinchcock C is left open until 
the pressure drops to approximately 1 atm. The 
specimen can then be removed after closing pinch- 
cock B. In order to close pinchcock B the glass tube 
is pulled away from the Inconel tube leaving enough 
“free” rubber tube for the pinchcock. The quench- 
ing furnace is refilled slowly from the purification 
furnace to achieve 2 atm pressure. Pinchcock D is 
only used to facilitate the evacuation of the furnace 
when it is used for the first time. 
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Technical Note 


The Oxidation Rate of Molybdenum in Air 


by E.S. Bartlett and D. N. Williams 


UANTITATIVE values for the oxidation rate of 
Ores molybdenum in air at temperatures 
above the melting point (1460°F) of the character- 
istic oxide are contained in the literature as a re- 
sult of previous investigations. Lustman’ reported 
values corresponding to 0.36 in. penetration per day 
(IPD) at 1500 and 1600°F in still air, noting essen- 
tially no variation in rate with temperature. Jones, 
Spretnak, and Speiser® reported values correspond- 
ing to 0.14 and 0.13 IPD at 1500 and 1800°F, re- 
spectively, in still air, attributing the decreased 
oxidation rate at higher temperatures to a lesser ac- 
cumulation of the corrosive molten oxide on the 
surface at the higher temperature as a result of in- 
creased volatilization rate. Harwood’ recently sum- 
marized work in the field, presenting generalized 
data corresponding to 0.48 to 0.96 IPD at 1800°F 
and 0.55 to 0.83 IPD at 1700°F in slowly flowing air. 

In a recent program at Battelle, it became desirable 
to know more about the characteristic oxidation be- 
havior of molybdenum under varying conditions of 
temperature and atmosphere. Using oxidation-test 
apparatus designed for dynamic, continuous re- 
cording of weight change during testing,* values for 
the oxidation rate of molybdenum were obtained at 
temperatures from 1400 to 2150°F. In addition the 
effect of air flow on the oxidation rate was studied 
briefly at temperatures of 1600, 1800, and 2000°F. 
Exhaust of the contaminated atmosphere from the 
oxidation chamber was effected by an impeller 
pump attached to a 3/16-in.-diam opening in the 
oxidation chamber. The volumetric exhaust rate 
(cubic feet per hour) was normally maintained 
slightly in excess of the input rate to avoid con- 
densation of MoO,;* on the sample suspension rod. 


* MoOz referred to in this article is a general expression for the 
oxide form in which the ratio of molybdenum to oxygen atoms is 
actually only close to 1:3. The molten oxide is reported to be an 
eutectic formulation with Mo:O slightly in excess of 1:3.2 The vola- 
tilized product is currently thought to be a polymer of MoOs. 


The entering atmosphere was preheated prior to 
admission to the oxidation chamber by a 14-in.- 
diam cup packed with shredded asbestos. 

The experimental data are presented in Table I. 
Comparing conditions 2 and 3 (taking into account 
the temperature difference) and conditions 8 and 9, 
shows that in the absence of forced exhaust an 
atmosphere of moving air results in greater oxida- 
tion rate than a stagnant atmosphere. The use of 
forced exhaust, as shown by comparing conditions 
3 and 4 and conditions 14 and 15, resulted in an even 
greater increase in oxidation rate. By virtue of the 
size of the atmosphere input and exhaust openings, 
it was calculated that the exhaust velocity was 
about 60 times that of the input velocity for essen- 
tially equal volumetric flow rates. Because of the 
proximity (about %4 in.) of the exhaust port to the 
specimen, it is logical to assume that cleansing of 
the atmosphere immediately surrounding the speci- 
men was accomplished much more efficiently by the 


E. S. BARTLETT, Member AIME, is Principal Metallurgist, Bat- 
telle Memorial Institute, Columbus, Ohio. D. N. WILLIAMS is 
associated with Battelle Memorial Institute. 

TN 465E. Manuscript, November 25, 1957. 


_ 280—APRIL 1958 


Table |. Effects of Temperature and Atmosphere Flow Rate 
on the Oxidation of Molybdenum in Air 


Test Number Atmosphere Oxidation 
Condition of Tests Testing Input Forced Rate, In. 
Identifi- Con- Temp, Velocity, Exhaust Penetration 

cation ducted Deg F Ips Used per Day 
1 2 1400°¢ 5 Ye Yes 0.2 
24 2 1500 6 No 0.6 
3 1 1600 0 No 0.4 
4 1 1600 0 Yes? real 
5 2 1600 6 Yes les} 
6 1 1600 13% Yes 1.4 
Wf 2 1600¢ 25 Yes 1.2 
8 4 1800 0 No 0.9 
9 it 1800 41 No 1.3 

10 10 1800 Yes 

ig 2 2000 0 Yes? 1.9 

12 2 2000 1%, Yes 1.9 

13 1 2000 16 Yes 2.0 

14 1 2150 8 Yes 2.5 

154 1 2200 8 No 1.4 


«Tests 2 and 15 were conducted using static test methods in a 
horizontal muffle; i.e., specimens were only weighed before and 
after testing. 

> Exhaust flow was regulated to about the same value needed 
when input air velocity was 6 to 7 ips. : 

¢ Specimens appeared to be about 50°F hotter than ambient cham- 
ber temperature. All other specimens were visually estimated to be 
less than 50°F hotter than ambient temperature. 


exhaust flow than by the input flow at a constant- 
volumetric flow rate. Also, it can be seen by com- 
paring conditions 4 through 7 and conditions 11 
through 13 that increasing the rate of atmosphere 
flow (by increasing input velocity with a propor- 
tional increase in exhaust velocity) above some op- 
timum value has little, if any, further effect on the 
oxidation rate. 

These results suggest that there is a maximum 
oxidation rate for molydenum at a given tempera- 
ture which is obtained when conditions are main- 
tained such that the partial pressure of MoO, in the 
atmosphere surrounding the specimen is at a low 
value. By controlling the partial pressure of MoO, 
surrounding the sample, it is possible to control the 
rate of volatilization of MoO; from the surface. This, 
in turn, affects the rate of oxidation, since the thick- 
ness of the MoO, layer determines the amount of 
oxygen which will be able to reach the reaction 
surface.” When the liquid oxide layer is less than 
some-critical thickness, i.e., when the volatilization 
rate is high, enough oxygen is transported to the 
active surface to permit oxidation to proceed at the 
maximum rate allowed by the kinetics of the oxida- 
tion reaction. However, if the volatilization of MoO, 
is suppressed, the thickness of the layer of MoO, on 
the surface increases, and the diffusion of oxygen 
through the oxide layer becomes the rate-control- 
ling step in the oxidation process. The lack of agree- 
ment between the present results and those of pre- 
vious investigators is presumed to be due to differ- 
ences in removal of the oxidation product (MoO,) 
from the immediate vicinity of the sample. 

By comparing conditions 1, 5, 10, 12 and 14, it is 
seen that when forced exhaust was used the oxida- 
tion rate of molybdenum increased with increasing 
temperature. A rapid increase was observed be- 
tween 1400 and 1600°F, attributable to the effects 
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caused by transition from a solid to a molten oxide 
coating. From 1600 to 2150°F, the increase was more 
gradual. In this range, the data fitted quite well 
into the Arrhenius equation, the calculated activa- 
tion energy being 6000 cal per mole. 

During oxidation, all specimens appeared to be 
somewhat hotter than the surrounding oxidation 
chamber. The observation of the exothermic nature 
of this oxidation reaction has been made previously.® 
While this temperature difference was not measured 
accurately, a visual estimate placed the specimens 
in the neighborhood of 25 to 50°F hotter than the 
ambient temperature, regardless of temperature. 
For certain specimens, as indicated in footnote c in 
Table I, this temperature differential seemed to be 
greater than for others (within the estimated 
range), but the estimated magnitude did not cor- 
relate noticeably with factors of atmosphere flow 
rate or temperature. All specimens were of es- 
sentially equal size and shape, and the test position 
with respect to the chamber walls was the same for 
all. From these observations it must be concluded 
that, without an accurate measurement of the true 


specimen temperature, the exothermic aspects of 
the reaction cannot be assessed properly. However, 
it does appear from the data in Table I that the 
exothermic effects of the reaction had relatively 
little effect upon the value for oxidation rate, when 
compared to the other variables examined. 
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‘Oxidation of Zircaloy-2 and -3A at 300 to 850° C 


by E. A. Gulbransen and K. F. Andrew 


The vacuum-microbalance method was used to study the oxidation behavior of Zircaloy-2 and 
-3A over the temperature range of 300 to 850°C and at 0.1 atm pressure. The results fit in well 
with the authors’ earlier studies on zirconium. Tin was found to increase the rate of oxidation and 
also the temperature at which the metal burns. Both the cubic-rate law and the parabolic-rate law 
gave imperfect fits to the rate data. Since the parabolic-rate law has been derived from accepted 
physical principles, this rate law was used to interpret the rate data. A heat of activation of 28,600 
cal per mole was calculated. The transition phenomenon previously observed in hot-water and steam- 
corrosion processes was studied systematically for oxygen atmospheres. Observations on the rate of 
oxidation, color and properties of the oxide films show that the transition phenomenon was associ- 
ated with a failure in the adherence of the oxide to the alloy. 


IRCALOY-2 and -3A have found important 

uses in the field of reactor metals due to their 
low neutron adsorption, good strength and good re- 
sistance to corrosion. One feature of the corrosion 
reaction in steam or hot water is the sharp transition 
in the rate of corrosion to a higher value after a 
certain amount of reaction has occurred. 

This paper presents a study of the reaction of 
Zircaloy-2 and -3A with oxygen including a study 
of the transition phenomenon which has been found 
to occur also in oxygen atmospheres. A comparison 
will be made between the oxidation behavior of 
these alloys and the pure metal. It was hoped that a 
study of the details of the oxygen reaction would 
lead to a better understanding of the reactions occur- 
ring in hot-water and steam atmospheres. 


Literature 
Kinetics—The reaction of Zircaloy-2 and -3A 
with hot-water and steam atmospheres has been 
studied by Thomas,’ Goldman and Thomas,’ Thomas 
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and Forscher,’ and Thomas and Kass.‘ Empirical 
equations for the kinetics of the reaction have been 
given by Thomas and Forscher.* The change from 
the initial slow rate of reaction to the final rapid rate 
of reaction has-been termed transition with the post- 
transition corrosion kinetics following a simple lin- 
ear equation in time. The corrosion behavior in 
high-temperature steam was similar in many fea- 
tures to the corrosion in high-temperature water. 

Goldman and Thomas® and Pray and Peoples’ 
have shown that the addition of tin, while increasing 
the rate of corrosion, counteracts the deleterious ef- 
fect of nitrogen. The beneficial effect of iron, nickel 
and chromium was to improve the adhesion of the 
oxide to the metal as well as to counteract the dele- 
terious effect of nitrogen.’ 

Mallet and Albrecht® have studied the oxidation 
of two zirconium-tin alloys. The cubic-rate law was 
found to fit the oxidation data for the 1.5 pct tin 
alloy while the parabolic-rate law was found to fit 
the data for the 2.5 pct alloy. Kendall’ in a recent 
paper has studied the oxidation of Zircaloy-2 con- 
taining 1.5 pct tin in air atmospheres. 

Transition Phenomenon—In steam atmospheres 
Thomas’ has observed for a 1.8 pct tin alloy contain- 
ing small amounts of iron, nickel and chromium that 
transition to a more rapid rate of corrosion at 400°C 
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occurred at a weight gain of 350 wg per sq cm for 
both 1 and 100 atm pressures. The time for transi- 
tion was 350 hr for the 1-atm experiment. Kendall’ 
in a study of the air oxidation of Zircaloy-2 showed 
that transition occurred for a weight gain of 1000 yg 
per sq cm at 600°C and 600 yg per sq cm at 500°C. 
The times for transition being 9 hr at 600°C and 
40 hr at 500°C. 

Mallet and Albrecht® noted that on rod specimens 
of a 1.5 pct tin alloy the time for transition reaches 
a minimum value of about 30 min at 700°C and in- 
creases to 100 min at 800°C. In a preliminary note 
Gulbransen and Andrew* confirmed these observa- 
tions and showed that the weight gains for transition 
on Zircaloy-2 were a function of temperature and 
fit on a common curve. 


Experimental 

The kinetic measurements were made using a vac- 
uum microbalance apparatus.”” To extend the range 
of the apparatus, a low-sensitivity balance was used 
together with specimens of smaller area. The bal- 
ance had a sensitivity of 0.21 x 10° cm per pg weight 
change. Weight changes were estimated to 1.5 pg. 

Three specimen sizes were used. The 0.500-g spec- 
imens had surface areas of 11.3 to 12 sq em and a 
thickness of 0.0127 cm. The 0.2500-g specimens had 
surface areas of about 6.5 sq cm and the 0.100-g 
specimens had surface areas of 2.5 sq cm. 

The alloys Zircaloy-2 and -3A in the form of 
sheets were obtained from Westinghouse Atomic 
Power Division, Bettis Site. Table I shows the spec- 
trographic and chemical analyses of the two alloys. 

The samples were abraded and cleaned following 
procedures previously described.” Some of the sam- 
ples were given a chemical polishing treatment in a 
special acid bath having the composition of 45 pct 
HNO;; 10 pct HF; and 45 pct H.O. 

The samples were placed on the balance and sus- 
pended in a gas-tight mullite furnace tube. This 
tube was sealed directly to the all-glass vacuum 
system. 

The specimen and furnace tube were evacuated at 
room temperature for 16 hr at pressures of less than 
10° mm Hg to minimize reaction of the alloys with 
the gases present in the vacuum system on heating 
to the reaction temperature. After raising the fur- 
nace around the furnace tube, purified oxygen was 
added as soon as thermal equilibrium was established. 

The reproducibility of individual oxidation runs 
was 10 to 25 pct below 600°C and 5 to 10 pct above 
600°C. 


Results and Discussion 


Zircaloy-2 Abraded Samples—Figs. 1 and 2 show 
the results of 6-hr experiments using an oxygen 


Table |. Chemical and Spectrographic Analyses 
of Zircaloy-2 and -3A 


Zircaloy-2 Foil 
Element 


Zircaloy-3A Foil 
Element 


4 Chemical. 
> Less than. 
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pressure of 7.6 cm Hg. Weight gains in micrograms 
per sq centimeter were plotted against the time in 
minutes. An estimate of the oxide thickness was 
made for temperatures of 600°C and lower assum- 
ing: 1) the oxide does not dissolve appreciably in 
the metal phase, 2) the oxide was ZrO, and (3) the 
surface-roughness ratio was unity. A factor of 61.5 
was found to relate the thickness in Angstroms to 
the weight gain in micrograms per sq centimeter. 

Fig. 1 shows the weight-gain curves for the tem- 
perature range of 300 to 550°C while Fig. 2 shows 
weight-gain curves for the temperature range of 
600 to 850°C. A rapid initial reaction was observed 
in both figures. As oxidation continues the rate of 
reaction decreases until transition occurs. 

The arrows in Fig. 2 show the transition point in 
the rate of oxidation. At this point the initial kinetics 
change to the more rapid final kinetics. This phe- 
nomenon has been observed in the oxidation of 
chromium,” niobium,™ and nickel,* and probably oc- 
curs at some thickness in all oxidation processes 
involving metals. 

Table II gives a summary of the oxide-thickness 
data together with the properties of the oxide film. 
Most of the data refer to 6-hr oxidation experiments. 
The table shows the relation between the color and 
character of the oxide, its adhesion to the metal 
after cooling, and the oxide thickness. The impor- 
tant factor in determining the adherence of the oxide 
film to the alloy was the transition value of the 
weight gain. For oxidations at 400°C and lower, 
6-hr experiments gave adherent oxide films. Here 
the oxide films were far below the thickness at 
which transition would occur. At 450 and 500°C 
dark-gray oxides were formed with isolated white 
spots on lines along the rolling direction of the alloy. 
These white spots we associate with local failure of 
the oxide film. Except for these few spots the oxide 
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Fig. 1—Effect of temperature on oxidation of Zircaloy-2. 7.6 
cm of Hg of O», abraded through 4/0. 
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Fig. 2—Effect of temperature on oxidation of Zircaloy-2. 7.6 

cm of Hg of O», abraded through 4/0. 
A—600°C, B—650°C, 
D—750°C, E—800°C, 


C—700°C 
F—850°C 
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Table Il. Thickness and Properties of Oxide Films on Zircaloy-2 


Oxide Thickness¢ Color and Ch t 
= aracter i 
Temp, Deg C uwG per Cm? A Transition of Oxide Film Coole 
Abraded 
300 15.6 960 Before G 
ray-green Stabl 
nee 33.1 2040 Before Gray-pink Stable 
ee 62.5 3840 Before Dark-gray Stable 
125.0 7700 Before Dark-gray + Tr¢ Stable 
white spots 
500 268.0 16500 Before Dark-gray + Tr¢ Stable 
white spots 
ote 465.0 28600 Before Dark-gray + white spots Stable 
sa 710.0 43600 Before Dark-gray + white spots Stable 
1285.0 After Kea + gray spots Unstable 
+ white spots Spalled 
700 3405.0 After Gray + dark-gray spots Unstable 
Spalled 
3495.0 After Gray + dark-gray spots Unstable 
Spalled 
3270.0 After Dark gray—cracked Unstable 
Incipient Spallin 
8504 3410.0 After Dark gray—cracked Unstable 
hed Incipient Spalling 
500 201.0 12480 Before Dark-gray + white spots Stable 
coe 745 45800 Before Dark-gray + white spots Stable 
800 3305 After Dark-gray + gray spots Unstable 
Spalled 
« 360 min. 
>» 270 min. 
¢ 220 min. 
4 90 min. 
Trace. 


was adherent. For the 550 and 600°C experiments 
the oxide was dark gray and adherent. However, 
the number of white spots increased. In these ex- 
‘periments the oxide-film thickness is approaching 
the transition value. 

The 650°C experiment was carried out to a weight 
gain greater than the transition value. On cooling 
metallic areas appeared together with areas of the 
dark-gray oxide. Spalling had occurred in the oxide 
film. White spots also were present. We conclude 
that above the transition thickness the alloy was 
failing in oxidation due to a loss of adhesion between 
the oxide and metal. 

For the 700 to 850°C experiments the specimens 
were oxidized beyond the transition thickness. The 
oxide films were unstable after cooling since adhe- 
sion between the metal and oxide was lost on pass- 
ing through the transition thickness. The oxide 
either spalled off from the metal or large cracks 
appeared in the oxide. The presence of cracks in the 
oxide indicates a failure in adhesion of the oxide 
and alloy. We have designated this condition as in- 
cipient spalling. 

We conclude that the first signs of failure in the 
oxidation of Zircaloy-2 was the appearance of white 
spots of oxide at certain defects in the metal surface. 
These highly localized spots appear even though 
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Fig. 3—Effect of temperature on oxidation of Zircaloy-3A. 
7.6 cm of Hg of Os, abraded through 4/0. 


A—400°C, B—600°C, 
D—700°C, 


C—650°C 
F—800°C 
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oxidation was carried to only 15 to 25 pct of the 
transition thickness. As oxidation is carried through 
the transition region the dark-gray oxide spalls 
away from the metal leaving gray metallic areas. 
A major failure in the adherence of the oxide to 
the metal occurs as oxidation passes through the 
transition region. 

Weight gains of over 3200 pg per sq cm were 
formed at the higher temperature. This was equiva- 
lent to 30 pct reaction of the metal in the sample. 

The reaction of Zircaloy-2 with oxygen was 100 
pet faster than pure zirconium at 750°C. Although 
zirconium burns in 0.1 atm of oxygen at 800°C, 
Zircaloy-2 reacted rapidly with oxygen at 850°C but 
burning did not occur. The presence of tin in the 
alloy appears to raise the temperature for combus- 
tion. 

Zircaloy-2 Chemically Polished Samples—Oxi- 
dation studies were made at 500, 600 and 800°C. The 
shapes of the oxidation curves were similar to those 
found for the abraded-surface preparation. At 500°C 
the rate of oxidation was lower than for the abraded 
samples while at 800°C the rates of oxidation of the 
chemically polished and abraded samples were the 
same. The differences observed at 500°C may be re- 
lated to the smoother surfaces formed by the chem- 
ical polishing process and to the presence of passive 
oxide film formed in the chemical polishing process. 
The surface effects become less important for the 
higher temperature experiments. 

Zirealoy-3A Abraded—Fig. 3 shows the results of 
the oxidation experiments for the temperature range 
of 400 to 800°C and for an oxidation pressure of 
7.6 cm Hg. The curves at 600°C and below were 
similar to those found for Zircaloy-2. The transition 
phenomenon was not observed for 6-hr experiments 
which suggest that it must occur at thicker oxide 
films than for Zircaloy-2. 

Table III gives a summary of the oxide-film thick- 
nesses and properties of the oxide films for the va- 
rious experiments. As in the case of Zircaloy-2, the 
color and character of the oxide film can be corre- 
lated with the transition phenomenon. Before tran- 
sition only local damage occurs in the oxide in the 
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Table III. Thickness and Properties of Oxide Films on Zircaloy-3A 


Stability of Oxide 


Before 
Oxide Thickness® or After Color and Character Film After 
Temp, Deg C uG per Cm? A Transition of Oxide Film Cooling 
Stable 
80 4920 Before Dark-gray : 
600 741 45600 Before + white spote 
D - + gray spots 
650? 1610 After ark-gray + gray sp bees! 
k- ray areas Unstable 
700° 2750 After Dark-gray + gray MB 
le 
750 2345 Before Dark-gray Stab é 
Af Dark- —cracked Incipient 
800¢ 3300 After ark-gray 
« 360 min. 
>» 960 min. 
© 855 min. 
@ 350 min. 


form of white spots of oxide while after transition 
spalling of the oxide or cracking occurs. 

Rate-Law Correlation—The parabolic and cubic- 
rate laws have been used to explain the time de- 
pendence of the oxidation results. The parabolic 
rate law states 


W*=At+C 


Here W is the weight gain, t is the time and A and C 
are constant. This equation has been derived from 
fundamental principles by Wagner and Grunewald” 
and later by Mott.* The cubic-rate law states 


W=A't+C 


Here the symbols have the same meaning as in the 
previous equation. Although Mott and Cabrera” de- 
rived this rate law from physical principles for a 
limited thickness range, Cabrera™ recently retracted 
the derivation. This rate law can only be considered 
as of empirical interest. 

Since the initial protective zone of oxidation was 
of primary interest, special rate-law plots were 
made to test the fit of the cubic and parabolic-rate 
laws. Owing to the possibility of spalling occurring, 
the post-transition kinetics were more difficult to 
determine. For abraded specimens at 600°C the 
cubic-rate law gave a somewhat better fit to the 
data than the parabolic-rate law. The parabolic- 
rate-law constants decreased slowly with time while 
the cubic-rate-law constants increased slowly with 
time. A similar type of correlation was found for 
pure zirconium.* 
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For the chemically polished specimens the para- 
bolic-rate law gave the best fit to the data. This rate 
law was found also for the oxidation of pure metal. 

Since the cubic-rate law is only of empirical in- 
terest, we have used the parabolic-rate law to inter- 
pret the temperature coefficient of the rate data, the 
onset of transition in the kinetics and the calcula- 
tion of the absolute value of the rate of reaction. 

Temperature Coefficient—Fig. 4 shows a plot of 
the logarithm of the parabolic-rate law constants 
versus 1/T for abraded and chemically polished 
samples of Zircaloy-2. The results of this study 
were shown together with the results of our earlier 
work on zirconium.” Three parabolic-rate-law con- 
stants were tabulated; the 1 to 2-hr value, the 3 to 
6-hr value, and the post-transition values. 

Fig. 4 shows many interesting features: 1) The 
parabolic-rate-law constants from 400 to 700°C fall 
on a straight line with a heat of activation of 28,600 
cal per mole. 2) Above 700°C the rate constant 
appears to fit a line of higher heat of activation. Even 
though transition has not occurred the rate constants 
were higher than was expected. This may be related 
to the development of local failure as seen by the 
presence of white-oxide spots. 3) The parabolic- 
rate-law constants for Zircaloy-2 were about twice 
as great as the corresponding values for pure zir- 
conium. This substantiates the results of Thomas’ 
who noted a similar increase for the rate of corro- 
sion of the alloy in steam atmospheres. 4) Below 
450°C zirconium oxidizes at a higher rate than 
Zircaloy-2. This effect has not been studied in the 
steam reaction. 5) The heat of activation for the 
oxidation of Zircaloy-2 was the same as that found 
for the metal between 400-700°C which suggests a 
similar mechanism of reaction for the metal and 
alloy. 

Fig. 5 shows a logarithmic plot of the parabolic- 
rate-law constants versus 1/T for Zircaloy 3-A. The 
post-transition values were not determined because 
of the long times necessary to obtain the rate-law 
constants. This figure shows several interesting 
facts: 1) The parabolic-rate-law constants were 50 
pet higher than those for the pure metal and slightly 
lower than those for Zircaloy-2. 2) Evidence is 
shown in Fig. 5 for an increase in slope of the log A 
versus 1/T curve above 700°C. This may be related 
to the presence of local failure in the oxide film. 
3) Combustion did not occur at 800°C as was found 
for the metal. 4) No evidence was found for transi- 
tion in the kinetics of the oxidation in 6-hr experi- 


- ments. 5) A heat of activation of 28,600 cal per mole 


was calculated for Zircaloy-3A which was the same 
as that found for the metal and for Zircaloy-2. The 
normal oxidation mechanism for this alloy appears 


Transactions of The Metal- 
lurgical Society of AIME 


SS .80 1.0 12 1.4 1.6 1.8 2.0 
3 
+ x 10 


Temp.°C 


800 700 600 500 __400 300 

o |-2hr. Value 

3-6hr. Value 4 

= 
(9) 

Fig. 5—Log A 
Sin | versus 1/T oxida- 
\ tion of Zircaloy-3A 
| (AB) and zirconium 

a lo? (CDE). = 
\ 28,600 cal per 
| > | mole. 
lo 
] 
10°* 

80.1.0 16 182.0 


3 


to be similar to that found for the metal and for 
Zircaloy-2. 

Transition Phenomenon—(a) Zircaloy-2: An 
analyses of the oxidation data of Fig. 2 shows a tran- 
sition to occur in rate of oxidation after a certain 
weight gain. No evidence was found for a transition 
in the 500 to 600°C experiments shown in Fig. 1 
which suggests insufficient reaction. Long-time ex- 
periments were made to establish the conditions for 
transition for the 500 to 600°C temperature range. 
Figure 6 shows a parabolic-rate-law plot for the 
long time 500°C experiment. Transition occurs ata 
weight gain of 760 wg per sq cm and for a time of 
6100 min. Transition occurs in a gradual manner 
from the initial region which obeys the parabolic- 
rate-law kinetics to the final region which probably 
follows a linear rate law. 

Fig. 7 shows a parabolic-rate-law plot of the 700°C 
experiment. Transition in the oxidation rate occurred 
at a weight gain of 1200ug per sq cm and a time of 
160 min. Table IV gives a summary of the weight- 
gain and time data for transition over a series of 
temperatures. The weight gains for transition in- 
crease with the temperature especially above 700°C. 

(bo) Zircaloy-3A: The oxidation experiments in 
Fig. 3 show no evidence for transition in the rate of 
oxidation. Long-time experiments were made to 
check for transition conditions. Fig. 8 shows the 
parabolic-rate-law plot for the oxidation at 700°C. 
Transition occurred at a weight gain of 1750ug per 
sq cm and a time of 480 min. This compares to a 
value of 1250ug per sq cm and a time of 160 min for 
Zircaloy-2. Table IV gives a summary of the data 
for Zircaloy-3A. At 800°C transition was not ob- 
served for a weight gain of 3300ug per sq cm and a 
time of 750 min. 


Table IV. Summary of Weight Gain and Time for Transition 
as a Function of Temperature 


Zircaloy-2 Zircaloy-3A Zirconium 
wt wt wt 
Temper- Gain, Gain, Gain, 

ature, wG per Time, wG per Time, wG per Time, 
°C Cm2 Min Cm2 Min Cm? Min 
500 650 6100 

600 900 600 1150 1500 

650 1000 270 1450 780 >3250 >10100 
700 1250 160 1750 480 >3750 >4100 
750 1650 120 2800 530 >4000 >2100 
800 2550 140 >3300 >750 

850 >3400 >90 


Transactions of The Metal- 
lurgical Society of AIME 


400 
bo) 
| 
(0) 
0 1000 2000 3000 4000 5000 6000 7000 8000 
Time (min) 


Fig. 6—Oxidation of Zircaloy-2 (parabolic plot). 500°C-7.6 
cm of Hg of O2. Abraded through 4/0. 


3 
12,000 


O 
E 8,000 


a 

“= 4,000}— 

= O 40 80 120 160 200 240 280 
Time (min. 


Fig. 7—Oxidation of Zircaloy-2 (parabolic plot), 700°C-7.6 
cm of Hg of O:, abraded through 4/0. Aq-2 nr) = 1.25 x 107° 
(g per cm’)? per sec; Acpost transition) = 1.03 x 10° (g per 
cm’)* per sec. 


320 360 


(c) Zirconium: Studies were made at 650, 700 and 
750°C for long oxidation periods. The results are 
given in Table IV. No evidence was found for transi- 
tion in the rate of oxidation for weight gains of 
3250ug per sq cm at 650°C to 4000ug per sq cm at 

(d) Discussion: Fig. 9 shows a summary of the 
data for Zircaloy-2 and Zircaloy-3A. Since the 
kinetic data for pure zirconium show no evidence 
for transition in the kinetics one must conclude that 
tin plays a major role in the “transition” phenomenon 
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bolic plot). 700°C- 
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Fig. 9—Weight gain for transition as function of tempera- 
ture. Zircaloy-2: This work-oxygen, triangle—Kendal-air, 
rectangle—Thomas-steam. Zircaloy-3: circle with yertical 
line—this work. 
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observed in these alloys. In so far as oxidation is 
concerned, the beneficial effect of tin was to increase 
the combustion temperature. No experiments were 
made in this study on the deleterious effects of 
nitrogen.’ 

Increasing the tin content lowers the weight gain 
and therefore the time for transition. For a given 
alloy the weight gain for transition increases rapidly 
with temperatures above 700°C. This explains in 
part the results of Mallet and Albrecht* in which a 
minimum time for transition was found as a func- 
tion of temperature. Fig. 2 and Table IV show that 
a minimum time was observed also in our experi- 
ments. 

Mechanism of Reaction—The mechanism of a gas- 
metal reaction is a very difficult question to study. 
Various methods have been proposed based on the 
use of radioactive tracers, inert markers, and theo- 
retical rate laws. Some difficulties involved in apply- 
ing these methods is that the mechanism of reaction 
may change during the course of the oxidation. This 
is the case with zirconium-tin alloys where a transi- 
tion is found to occur after a given weight gain or 
time of reaction. 

Inert marker and radioactive-tracer methods are 
most conveniently applied to the thick-film range 
of oxidation. On the other hand, theoretical rate-law 
expressions usually are applied to the pretransition 
range of oxidation. One may not expect, therefore, 
to have the same mechanism for both regions of 
oxidation. In addition, it is necessary to state that 
most rate-law correlations for both alloys and metals 
are open to some criticism since the physical and 
chemical structure of the oxide film is a function of 
the temperature. The following discussion of the 
mechanism of reaction must be considered within 
these limitations. 

Chirigos and Thomas” have discussed the mecha- 
nism of corrosion of zirconium in oxygen and in 
water. Inert-marker experiments suggested that the 
oxide grows by the inward diffusion of oxygen ions 
and that new oxide is produced at the metal-oxide 
interface. This conclusion was supported by consid- 
erations of the ionic radii involved and the fact that 
the oxide may contain less oxygen or more metal 
than the stoichiometric amount. ZrO, is a white 
oxide at elevated temperatures in oxygen or vacuum 
while ZrO, is a gray oxide in contact with metal. 
The oxide lattice is normally considered to be of the 
anion-defect type; however, its properties in equi- 
librium with the metal are not known. 

Gulbransen and Andrew™ applied the classical 
rate theory of oxidation to pure zirconium and tested 
the several mechanisms for the oxidation of zir- 
conium. Within the limitations of the theoretical rate 
expression a mechanism based on the diffusion of 
zirconium ions through cation vacancies gave the 
best fit to the data. 

The kinetics of the oxidation of zirconium and 
Zircaloy-2 and -3A are very similar, and it is sug- 
gested that the same mechanism of oxidation will 
hold for the alloys as for the metal. 

It is still premature to state definitely what is the 
mechanism of the rate-controlling reaction. Marker 
experiments have many difficulties and cannot be 
accepted as definite proof: 1) The marker layer con- 
sists of small particles and is not continuous. 2) 
Marker experiments usually are applied to thick 
films where micrographic techniques can be used. 
Studies of the defect structure of oxides out of con- 
tact with the metal also cannot be accepted as giving 
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evidence about the oxide in contact with metal. 3) 
Finally, theoretical rate expression have limitations 
since lattice diffusion is assumed. In addition, some 
of the quantities in the rate equation are not known 
with accuracy. 

The results of the classical rate-theory analyses 
of the oxidation kinetics are presented to suggest 
that the earlier conclusions of Chirigos and Thomas” 
may not be the final answer. 


Summary 

The oxidation of Zircaloy-2 and -3A was studied 
over the temperature range of 300 to 800°C. From 
500 to 750°C the alloys oxidized at a faster rate than 
pure zirconium while below 500°C the pure metal 
reacted at a faster rate. 

An analyses of the measurements show that the 
cubic-rate law fits the data best for the abraded 
specimens. However, if an initial deviation is dis- 
regarded, the parabolic-rate law can be fitted to the 
data. The rate data for chemically polished speci- 
mens show a good fit to the parabolic-rate law. 

When the logarithm of the parabolic-rate-law con- 
stants were plotted against 1/T, a heat of activation 
of 28,600 cal per mole was calculated. Using the 
classical theory of oxidation and diffusion the rate 
data suggest a reaction mechanism based on the dif- 
fusion of zirconium ions by means of cation vacancies. 

The transition phenomenon in the rate of oxida- 
tion was confirmed and further studied as a function 
of temperature for the two alloys. The weight gains 
for transition increased as the reaction temperature 
was raised. This fact results in the phenomenon that 
the times for transition reach a minimum near 750°C 
and then increase. A comparison of these results 
with those of other workers suggests that the transi- 
tion phenomenon in air, oxygen, and steam atmos- 
pheres has a common origin. 

Analyses were made of the rates of oxidation, the 
color and properties of the oxide film and the thick- 
ness of the oxide for transition. The analyses sug- 
gest that transition in the initial kinetics to the final 
kinetics was associated with a failure in the adher- 
ence of the oxide film on the alloy. 
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Technical Note 


Electron Micrographic Study of Aging in a Beta Titanium Alloy 


by F. C. Holden and A. P. Young 


I N many of the early investigations of the aging of 
titanium alloys, it was observed that the retained 
beta phase could be aged to a high hardness without 
an apparent change in microstructure; moreover, in 
some alloys it was found that even a very rapid 
quench produced beta having an anomalously high 
hardness. What appeared to be hard beta phase was 
designated as “beta prime,” to distinguish it from 
the softer normal retained beta phase. 

Frost and co-workers’* demonstrated that the in- 
creased hardness is caused by the formation of a 
metastable phase, omega, which can be identified 
from its X-ray diffraction pattern. This reaction also 
has been studied by Brotzen, et al.,° and the structure 
of the omega phase has been published by Silcock, 
et al.,* and by Austin and Doig.’ The X-ray diffrac- 
tion analysis by Austin and Doig indicated that ome- 
ga is low in alloy content, approaching the composi- 
tion of the stable alpha. The aging process proceeds 
by the path 


Thus, overaging results in the formation of alpha 
and the ultimate disappearance of omega. This is 
accompanied by a decrease in hardness and a recov- 
ery of ductility. 

The present work represents a study of the aging 
process in a high-purity Ti-6.4 Mn alloy, in which 
optical and electron microscopy, X-ray diffraction, 
and hardness data were correlated. The specimens, 
¥g-in. sections cut from %4-in.-diam rod, were heat- 
ed in argon to a temperature just into the beta field 
(810°C), held for 1 hr, and water-quenched. The 
aging samples were heated in air for 1 hr at 300 
toz5 00°C: 

The specimens were ground and mechanically pol- 
ished, finishing with alternate etching and polishing 
on a slow-speed wheel to remove disturbed metal 
from the surface. The surface finally was swab- 
etched, rinsed with tap water, and air-dried. The 
etchant used was an aqueous solution containing 1% 
pct HF and 3% pct HNO,. This procedure is identical 
with that used for preparing metallographic speci- 
mens, except that the optimum degree of final etch- 
ing required for electron microscopy may vary from 
that used for light microscopy. Metal replicas, 
backed with silica, were prepared from plastic strip- 
pings for examination with the electron microscope. 
Complete details of the procedures used for prepar- 
ing these replicas are available elsewhere.” 

Fig. 1 shows a comparison between the structures 
revealed by the electron microscope and those ob- 
tained by conventional light microscopy. Hardness 
and X-ray diffraction data are listed in Table I. No 
evidence of a second phase is apparent in the optical 
micrographs for the as-quenched sample, or for the 
‘specimens aged at 300 or 400°C; fine alpha particles 
can be seen in the specimen aged at 500°C. In the 
electron micrographs, visible equiaxed pocks appear 
in the as-quenched specimen, and, with increasing 
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density, in the samples aged at 300 and 400°C. After 
aging at 500°C, the structure becomes markedly 
coarser and develops an oriented appearance of a 
second phase, coincident with the appearance of vis- 
ible alpha particles in the light micrographs. 
These observations are confirmed by X-ray dif- 
fraction and hardness data. In these specimens, 


aged for 1 hr, the intensity of the omega pattern in- 
creases to a maximum at the 400°C aging tempera- 
ture, corresponding to maximum hardness and the 
maximum density of pocks in the electron micro- 
graphs. At this point the beta phase shows a definite 
enrichment in Mn. At 500°C, little or no omega re- 


250X 20,000X 


(a) Annealed 1 hr at 810°C and water-quenched (beta 
quenched). 


500X 20,000X 
(b) Beta quenched; aged 1 hr at 400°C. 


500X 
(c) Beta quenched; aged 1 hr at 500°C. 


Fig. 1—Optical and electron micrographs of quenched and 
aged specimens of a Ti-6.4Mn alloy. Reduced approxi- 
mately 19 pct for reproduction. 
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Table |. Hardness and X-ray Diffraction Data for Quenched and Aged Specimens of a Ti-6.4Mn Alloy 
(All specimens were solution-annealed 1 hr at 810C and quenched) 


Intensities“ of Phase Patterns Observed 


Vickers Untransformed Partially Fully ih. 
Aging Treatment Hardness Beta Enriched Beta Enriched Beta Omega Alpha 
396? Ss fe) fe) ce) 2 
521 M M vva fe) Md 2 
500 402 Oo Oo MSd s 


« Abbreviations: S = strong, M = medium, F = faint, v = very, d = diffuse, O = zero intensity. 


® The hardness of a very small specimen as quenched was 344 VHN. 


Fig. 2—Electron 
micrograph of a 
Ti-6.4Mn alloy, 
annealed 1 hr at 
810°C and water- 
quenched. Note: A 
very small specimen 
was used to obtain 
a rapid quench. 


20,000X 


mains, and the structure consists of alpha plus 
enriched beta. 

Although no omega pattern was found in the as- 
quenched specimen, the appearance of the electron 
micrograph and the high hardness indicate that some 
omega phase is present. To check this point, a very 
small specimen (about ¥% in. square and 1/32 in. 
thick) was quenched to obtain a very rapid cooling 
rate. The electron micrograph of this specimen, 
shown in Fig. 2, appears completely smooth, and its 
low hardness. (344 Vhn) probably is close to the 
true value for retained beta phase of this composi- 
tion. 

The following conclusions are made: 

1) The presence of omega phase in retained beta 
may be correlated with (a) the presence of small 
equiaxed pocks in electron micrographs, (b) X-ray 
diffraction patterns, and (c) anomalously high hard- 


ness values. Electron microscopy and hardness 
measurements appear to be more sensitive methods 
for detecting omega than is X-ray diffraction. 

2) Aging beyond the hardness peak results in 
alpha formation. This is coincident with the appear- 
ance of a visible precipitate in the optical micro- 
graphs, and with a drastic coarsening and orienta- 
tion of the structure seen in electron micrographs. 
X-ray diffraction patterns do not reveal omega lines, 
but show a further shift of the beta lines caused by 
enrichment of the retained beta phase. 
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